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The hydrogen storage properties of a metal are highly dependent on its structure,
including the crystal structures of the metal and the hydride, the defect structures
of the metal and the relationship between hydrogen cycling and these properties.
The aim of this project was to establish a greater understanding of the link between hysteresis and the structure of the metal, investigated by conducting in-situ
diffraction experiments on both palladium and LaNi5 and their hydrides.
Dislocations have a significant impact on the pressure hysteresis in metal hydrides,
but the exact link between them is poorly understood. A first experiment was performed aiming to increase the understanding of pressure hysteresis by investigating
the annealing characteristics of dislocations in palladium hydride. Dislocations are
created in the first traversal of the two-phase region in hydrogen cycled palladium
but it is not clear what happens to the dislocations subsequent to the first cycle.
An experiment was carried out to measure the density of dislocations while annealing in the β phase, annealing under vacuum, and hydrogen cycling at increasing
and decreasing temperatures. The dislocation density was measured using high
resolution in-situ neutron diffraction. It was found that annealing under vacuum
and annealing in the β phase produced the same result, but the dislocation density
decreased much faster with temperature when the sample was hydrogen-cycled.
Therefore the phase transformation significantly aided in the removal of dislocations from the sample. It is suggested that the dislocations are gliding at the front
of the advancing phase boundary, resulting in the removal of dislocations once the
absorption/desorption is complete and the dislocations have reached the edge of
a grain. This means that dislocations can be created and removed simultaneously
during hydrogen cycling, resulting in a stable dislocation density. Dislocations
gliding at the front of the phase boundary can also accommodate the strain of the
transformation, explaining the reduced hysteresis on subsequent cycles compared
to the first cycle.
A second experiment was carried out to investigate the kinetics of dislocation
annealing and the link to trapped hydrogen. In-situ powder diffraction was used
to study annealing of dislocations in palladium and LaNi5 . Trapped hydrogen was
investigated using thermally induced desorption. It was found that the dislocations
in palladium start to anneal below 250 ◦ C, but that they anneal over a wide
range of temperatures and well over 750 ◦ C is required for complete annealing.
It was also found that after a temperature increase in the annealing program,
the dislocation density dropped within 2 hours and that extended time at that

v
temperature did not result in further annealing. It is postulated that this is because
the dislocations are pinned by other defects, causing different dislocations to anneal
at the different temperatures. However, it cannot be trapped hydrogen pinning the
dislocations, since there was no correlation observed between the temperatures of
hydrogen release and the temperatures of dislocation annealing. Hydrogen trapped
in LaNi5 was found to anneal over a wide range of temperatures, implying a
range of trapping energies. A direct comparison of the released deuterium and
the annealing of dislocations showed no temperature correlation, therefore, the
results from previous indirect comparisons were confirmed. Dislocations in LaNi5
were found to start to anneal as low as 150 ◦ C, at least partly explaining why low
temperature ageing increases the pressure hysteresis in hydrogen cycled LaNi5 .
A final experiment was carried out to measure the critical temperature of palladium hydride using in-situ neutron diffraction on a high resolution state-of-the-art
diffractometer. Peak splitting/broadening above the critical temperature was observed at temperatures well above the previously reported critical temperature,
however, a careful analysis determined that the peak splitting observed was most
likely owing to a temperature gradient in the sample causing a large composition
(and therefore lattice parameter) variation as a result of the flatness of the isotherm
near the critical temperature. This means that the observed peak splitting was
effectively a measurement artefact, rather than a splitting into the α and β phases.
There is the possibility that temperature gradients may have also affected the critical temperature of 308 ◦ C previously reported in the literature. Given this, there
is no evidence that the critical point determined from diffraction measurements
is not fundamentally the same as that obtained from thermodynamic analysis of
isotherms.
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Chapter 1
Introduction

1.1

Motivation

Hydrogen energy technology is an essential element of the target of the United
Nations to limit global warming to 2◦ [1]. Hydrogen fuelled vehicles are now a
commercial reality with the release of the Hyundai ix35 [2] and the Toyota Mirai
[3] fuel-cell vehicles for public sale in several countries.
Hydrogen can be produced by electrolysis of water, which is a well established
technology and the electricity to power the electrolysis can be generated from
a variety of sources, including renewable sources such as solar, wind, hydro and
wave. Hydrogen gas can be burnt directly for cooking and heating or in an internal
combustion engine, or used to produce electricity in a fuel-cell. The product of
oxidising hydrogen, either in air or in a fuel cell, is just water and so it therefore
has no direct negative environmental impact. However, hydrogen cannot easily be
stored at room temperature under moderate pressure in liquid form, as is done
with LPG (liquefied petroleum gas), due to the low boiling point of 20.28 K (c.f.
231 K for propane, the main constituent of LPG). Cryogenic hydrogen storage is
a well established technology, but complex and expensive. Compressed hydrogen
is problematic due to the low volumetric density, and the requirement of high gas
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pressures presents a technical difficulty and potentially a safety hazard, particularly for mobile applications. Despite this, current on-board hydrogen storage is
as pressurised gas at 350-700 bar, for the reason that several decades of research
on solid-state storage have not produced a commercially viable technology.
Solid state hydrogen storage, storing the hydrogen in a material which absorbs
atomic or adsorbs molecular hydrogen, can achieve a higher volumetric and/or
gravimetric energy density and this can be achieved at much lower pressures than
are used for the compressed gas. There are many materials that absorb or adsorb hydrogen. Some metals form chemical (strongly bound) hydrides, such as
magnesium and lithium. These light metals typically have a high gravimetric
energy density and could therefore be considered for mobile applications, except
that they are too stable and therefore require impractically high temperatures to
release their hydrogen. Many heavier metals form interstitial hydrides, such as
the classic absorbers palladium, LaNi5 and vanadium. Many hundreds of alloys
have been shown to absorb hydrogen under near-ambient conditions of temperature and pressure. The common feature of metals that absorb atomic hydrogen is
dissociation of the H2 molecule at the surface, followed by diffusion of the proton
through the interstitial lattice and by addition of the electron to the electronic
band structure. These materials may be targeted at stationary applications because they have a high volumetric energy density, but because of the heavy metal
constituents achieve a low gravimetric energy density. Some materials also adsorb molecular hydrogen, notably activated carbon, Metal Organic Frameworks
(MOFs) and graphene. Materials in this category typically have high surface areas and many absorb technologically attractive amounts of hydrogen, but only at
low temperature, typically 77 K. Thus the problem of solid state hydrogen storage
remains unsolved as far as mobile applications are concerned.
Research continues, aiming to discover new materials. Efforts also continue to
understand existing materials and phenomena. This project investigated pressure
hysteresis in metal hydrides, specifically interstitial hydrides. Pressure hysteresis
manifests as a lower pressure required for the desorption of hydrogen than was
required for the absorption of hydrogen. Hysteresis is observed in many systems
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and signifies inefficiency (energy loss) in the system. This inefficiency affects the
practical use of such a system, as energy loss generally corresponds to increased
cost. Hysteresis is difficult to treat at the fundamental level because the basic
equations, such as Schrödinger’s and Maxwell’s equations, are time reversible. In
the context of this work, pressure hysteresis in metal hydrogen systems results
in cyclic inefficiency and a two-valued relationship between hydrogen pressure at
constant temperature (or temperature at constant hydrogen pressure) and hydrogen content. There is no universal theory or understanding of hysteresis in
bi-stable systems such as metal–hydrides, solid-solid phase transformations and
ferromagnets. The Preisach model [4] effectively models the irreversibility and
bi-stability in ferromagnets, but is a purely empirical model and therefore gives
no information about the physical origin of hysteresis. The Preisach model has
been applied to metal hydrides [5], but without increasing our understanding of
the basic phenomenon of pressure hysteresis.
There have been several long-standing fundamentally different models suggested
to explain the hysteresis in metal hydrides. The different models were based on
energy loss through dislocation generation (plastic deformation) [6–8], thermodynamics of phase transformations [9, 10] and long range strain owing to the different
lattice parameters of the dilute α and concentrated β hydride phases [10]. The
validity of these models remains uncertain. Recent work begins to draw these
models into a coherent picture [11]. Purely dynamic hysteresis, where a system
has not been given sufficient time to reach equilibrium, is observed in some systems such as superparamagnets [12]. However in metal hydrides there appears
to be a pressure hysteresis even when cycled quasistatically [13]. There is also a
temperature hysteresis in reconstructive solid-solid phase transitions [14, 15].
The aim of this study is to advance the fundamental understanding of hysteresis in
metal hydrides. This is critical for commercial energy storage applications because
energy loss can impact the economical viability of such a system. The difference in
absorption and desorption pressures can also cause complications for the systems
connected to a hydrogen storage tank, such as fuel cells and electrolysers, since
these components will have pressure requirements/specifications which must be
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matched to the hydrogen storage system. The problem is addressed from a fundamental point of view because there is a lack of understanding about hysteresis
in metal hydrides, and a fundamental understanding could allow the strategic development of new hydrogen storage materials, rather than relying upon trial and
error.
Metal–hydrides expand significantly on absorption of hydrogen. In the case of
LaNi5 the unit cell volume expands by 24%. This significant expansion causes
internal strain, the creation of lattice defects and can pulverise the material into
smaller particles. These changes in microstructure (or even particle size) affect
the hysteresis of the material. This relationship between microstructure and hysteresis needs to be understood to allow tailoring of materials for hydrogen storage
applications. Lattice expansion of about 3% (linear) also occurs for palladium
hydride. In those cases the phases present can be distinguished and quantified by
diffraction measurements.
For this project, the microstructures of palladium and LaNi5 metal–hydrides have
been investigated under varying conditions. These metals were used because they
have been extensively researched and they are relatively simple “model” metal
hydrides to study. The fundamental understanding can then be applied to potential materials for practical applications. The materials were studied using in-situ
neutron and x-ray diffraction to investigate the microstructures of these materials under selected conditions during hydrogen absorption/desorption, so that the
hydrogen storage properties could be related to the microstructure.

1.2

Thesis Structure

This thesis is of the form “Thesis as a series of published and unpublished papers”
and therefore the main experimental chapters are composed of manuscripts submitted to refereed journals. Background information is given in Chapter 2 and an
analysis of the current literature is given in Chapter 3, followed by a an in-depth
analysis of the implementation of the anisotropic dislocation broadening model
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used in Rietveld diffraction data analysis in Chapter 4. The main experimental
chapters are comprised of the manuscripts in Chapters 5, 6 & 7. The project is
summarised and conclusions drawn in Chapter 8. A description of the instruments
used in the project is given in Appendix A and a publication closely related to the
project is given in Appendix D.
Given that the chapters comprised of manuscripts are largely formatted for a
journal rather than a thesis, the figure numbering style slightly different to the
rest of the thesis. A figure numbered N in chapter M , corresponds to a thesis
figure M .N , as it is listed in the list of figures. For example Figure 3 in Chapter
5 is Figure 5.3 in the list of figures.
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Chapter 2
Background

2.1

Pressure Composition Measurements

Pressure hysteresis in metal–hydrogen systems is observed as a difference between
the pressure of hydrogen gas required for absorption and the pressure for desorption at constant temperature (Fig. 2.1), or a different temperature for absorption
compared to desorption at constant pressure. This difference in hydrogen pressure also corresponds to a difference in energy and therefore a cyclic inefficiency.
Hysteresis is also observed in ferromagnets and some solid–solid phase transitions.
The energy loss in this process is proportional to ln (Pabs /Pdes ) and could affect the
performance of energy storage systems based on metal–hydrides if the hysteresis
is too large.
The pressure–composition diagram (also called hysteresis loop, pressure–composition
isotherm, or simply isotherm) is generally measured by applying a certain hydrogen gas pressure to the sample and measuring how much hydrogen is absorbed by
the sample at this pressure. This can be done either with a gravimetric system
(microblance), a manometric system, or by measuring the hydrogen content indirectly. In a microbalance the hydrogen content is determined by measuring the
weight increase in the sample, while in a manometric system the hydrogen uptake
is calculated from the differences in pressures, often using the Sieverts method [1].
7
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Figure 2.1: Sample pressure–composition isotherm

A manometric system is described in more detail in Appendix A. There are many
possible indirect methods of measuring the hydrogen uptake, including neutron
and x-ray diffraction, luminescence, Indirect NanoPlasmonic Sensing (INPS) and
Electron Energy Loss Spectroscopy (EELS) [2, 3]. Some of the advantages and
inaccuracies are discussed in the literature for the gravimetric system [4] and the
manometric system [5–7]. INPS and EELS are typically used when manometric
and gravimetric measurements are not practical, such as single nanoparticles and
ensembles of nano-particles [2, 8].
In the following two sections (section 2.2 & 2.3) an overview of the structural
and hydrogen storage properties of palladium and LaNi5 is given. The practical
consequences of hysteresis are mentioned in section 3.1, hysteresis is critically
reviewed in section 3.2, and the effects of lattice defects are discussed in section
3.3. The relation of these discussions to the current project is given in section 3.4
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Palladium

There has been extensive research into the hydrogen storage and structural properties of palladium. Palladium is often used as a “model” material on which studies
can be based and resulting theories extended to other materials. However, palladium is unlikely to ever be used in practical application owing to its high price.
Its large atomic weight also makes it impractical for mobile applications.
Early x-ray diffraction measurements on palladium showed that it has a face centred cubic (FCC) structure [9]. Palladium absorbs hydrogen into a dilute α phase
solid solution, with a continuous expansion of the lattice parameter, up to a hydrogen concentration of approximately 0.03 H/M (hydrogen atoms per metal atom)
at room temperature [10]. After this further hydrogen is absorbed via a phase
transition into β phase, with a hydrogen concentration of approximately 0.6 H/M
or greater [11]. The β phase is technically still a solid solution, since there is no
ordering in the interstitial sites occupied by hydrogen. Palladium has a plateau
pressure of approximately 1 bar at 100 ◦ C [11]. The β phase maintains the same
basic structure of the metal, with the only apparent difference being the change in
hydrogen concentration and increase in lattice parameter [9]. At room temperature the lattice expands by approximately 3% at approximately 0.7 H/M, giving a
volume expansion of 9.3%. Neutron diffraction experiments showed that the deuterium lies in octahedral interstitial sites in the palladium lattice [12]. Deuterium
is used in neutron diffraction experiments rather than hydrogen because it has
a higher coherent scattering cross section and a far smaller incoherent scattering
cross section than hydrogen, which results in better diffraction data. A more recent in-situ neutron diffraction experiment, where the deuterium content in the
Rietveld refinement was constrained to that which was measured manometrically
to be absorbed into the sample, suggested that additionally there was a small
amount of deuterium in the tetrahedral sites [13].
The difference in lattice parameter and concentration between the α and β phase
reduces as the temperature increases, coalescing at the critical point. An in-situ xray structural investigation by Maeland and Gibb [3] revealed that above 308 ◦ C
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Figure 2.2: Pressure–composition isotherms for palladium at a range of temperatures, reproduced from Wicke and Blaurock [11].

the hydride was single phase and below 308 ◦ C there were two hydride phases.
This critical temperature was said to be within error of the temperature at which
hysteresis was then believed to disappear [3]. Wicke and Blaurock [11] performed
a systematic investigation of the pressure–composition measurements (see Fig.
2.2) around the critical point by thermogravimetry and concluded that the critical
temperature was significantly lower at 291 ◦ C for the Pd–H2 system (and 283 ◦ C
for Pd–D2 ). These temperatures were proposed to be the true critical points.

2.3

LaNi5

Along with palladium, the alloy LaNi5 has been used extensively to study metal
hydrides. The structure of LaNi5 is hexagonal with space group P6/mmm [14].
LaNi5 absorbs hydrogen to roughly the composition of LaNi5 H6 , expanding by
approximately 24% in volume. There is also ordering in the hydrogen occupancies,
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resulting in a doubling of the unit cell when observed by neutron diffraction.
There have been reports of a gamma hydride phase, which may accommodate the
transition of α (dilute solid solution) to β (LaNi5 H6 ) phase, but this phase is hard
to isolate and study [15, 16]. Unlike palladium, there is no observable critical
temperature above which there is a coalescing of the α and β phases in LaNi5 ,
because at approximately 180 ◦ C there is disproportionation of the alloy [17].
LaNi5 is also used as a base to form substitutional alloys for practical hydrogen
storage applications [17]. Many different metals can be substituted for both La and
Ni, each having a different effect on the hydrogen storage and structural properties.
This can be used to customise the plateau pressure and hysteresis of the pressure
composition isotherm of the material, for example to create a high pressure alloy
[18] or to change the dislocation structure [19] and structural changes during cycling [20]. A commonly used alloy is Mischmetal-Nickel 5 (MnNi5 ). Mischmetal is
a naturally occurring mixture of rare earth elements containing cerium and lanthanum, and small amounts of neodymium and praseodymium. Aluminium is also
commonly substituted for nickel forming LaNi5−x Alx , modifying both the plateau
pressures and the hysteresis [20, 21].
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Chapter 3
Literature Review
The literature on pressure hysteresis in metal–hydrides as an experimental phenomenon is extensive. However, the literature devoted to understanding pressure
hysteresis is much less extensive, although it extends far back in time. The focus
here is on hysteresis.

3.1

Practical Consequences of Hysteresis

The two-valued relationship between composition and pressure (or temperature)
has several important consequences. Efficiency of the hydrogen storage tank is very
important and may be pivotal in the application of hydrogen storage materials to
energy storage systems. However, the effect discussed here is the inhomogeneity
of the hydride in medium to large scale storage systems and the “large aliquot
effect”. The large-aliquot effect is where pressure-composition isotherms resulted
in different results when large pressure steps were applied compared to when small
pressure steps were used in the Sieverts method.
This effect was reviewed by Gray et al. [1] where it was concluded that the
primary cause of the large aliquot effect is temperature gradients in the sample
causing inhomogeneities because of pressure hysteresis. The absorption reaction
is highly exothermic and therefore the sample heats up significantly during the
14
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absorption process. Since the absorption pressures are higher at high temperatures, this results in parts of the sample having a high hydrogen content, while
other areas have a very low content. As the sample cools, some of the areas with
a large hydrogen content may partially desorb, but since there is hysteresis in the
pressure–composition diagram, they will never desorb to the same composition as
the parts of the sample which did not absorb as much hydrogen initially. Therefore
even once the sample reaches thermal equilibrium there will be a residual variation in the composition. Since some parts of the sample are no longer directly on
the absorption isotherm (they have absorbed to a higher composition and then
partially desorbed again) the measured equilibrium pressure is different to a truly
isothermal point. For pressure–composition measurements this means that significant care must be taken to obtain accurate data, but for larger scale hydrogen
storage systems the effect becomes much more critical.
Compositional inhomogeneities have been reported in the literature [2, 3] and were
experimentally measured for a small sample using synchrotron diffraction [4]. This
qualitatively showed the compositional inhomogeneities in LaNi5 , but does not give
quantitative information for modelling of large scale hydrogen storage tanks.
For a practical storage tank, the heat due to the exothermic reaction must be well
managed to ensure proper operation of the system. The heat dissipated leads to
significant temperature gradients in the hydrogen storage material, which must
be modelled to allow for proper thermal design of the hydrogen storage tank.
There has been a significant amount of work put into modelling the thermodynamic properties of metal–hydride storage tanks for commercial applications [5].
These models must account for the temperature gradients and compositions of
the sample in potentially complicated storage tanks, since the heat dissipation requires significant thermal management including cooling fins, water cooling pipes
and other heat management. Although these models may be thermodynamically
simple, there is currently no experimental data on the inhomogeneities in medium
scale storage systems to test the models against.
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Origin of Hysteresis

Hysteresis is generally very large for the first cycle. This is mostly observed as the
significantly higher pressure required for absorption on the first traversal of the
two-phase region. This is generally described as “activation”, although this gives
very little insight into the actual phenomenon taking place. This first traversal of
the two-phase region may include some cracking of oxide surface layers, but mostly
it involves the creation of high dislocation densities, and in brittle materials like
LaNi5 , the pulverisation of the material into fine particles. It is observed that the
hysteresis is significantly lower on the second cycle and decreases over subsequent
cycles until it reaches a steady value.
Early theories of pressure hysteresis were based around either energy loss as a result
of dislocation generation [6–8], or the thermodynamics of phase transformations
[9, 10]. Dislocations are generated in many metal hydrides as the hydride phase
forms in the metal phase. In the case of palladium, this is a concentrated β hydride
phase forming in the dilute solid solution α phase. The lattice parameters of the
palladium hydride β phase are approximately 3% larger than the α phase and this
expansion causes significant strain as the β phase forms in the α phase.
The dislocations created during the hydrogenation process in many metal–hydrides
have an unusually high density, in some cases similar to density of dislocations in
cold worked metals [11, 12]. Interestingly, but outside the scope of this project,
hysteresis is also observed in the electrical resistivity of metals, which is presumably
related to the dislocations and defect structure [13]. Dislocations require energy
to create and this energy is lost as heat and cannot be recovered. Therefore any
hydrogen absorption/desorption cycle where dislocations are being created in the
host metal must display hysteresis in the pressure–composition diagram. It has
therefore been suggested in the literature that the creation of dislocations is the
cause of hysteresis [6–8]. However, the requirement of hysteresis accompanying
dislocations does not imply the converse.
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There have been several related theories proposed for hysteresis which do not consider dislocations. The earliest was Lacher [9], where statistical mechanics was
used to calculate theoretical hysteresis loops for a two-phase system where the
absorption proceeds via a super–saturated α phase and the desorption via an undersaturated β phase. In this theory, the equilibrium isotherm would then be
half way between the absorption isotherm and the desorption isotherm. However, Everett and Nordon [14] attempted to fit pressure–composition data using
the equations developed by Lacher [9] and were unable to do so. Ubbelohde [7]
argued that strain arising during the formation of the β phase caused the absorption pressure to be higher than in the absence of strain, and that on desorption
any strained areas would desorb first, leaving the desorption plateau as the true
equilibrium. Wicke and Blaurock [15] found that if the plateau pressure was plotted against temperature, the desorption pressure followed the same trend below
the critical point as the plateau pressure above the critical point, but that the
absorption pressure did not follow this trend. This provided evidence to suggest
that the desorption pressure was the “true” equilibrium pressure and the absorption pressure was somehow modified. However, Buckley et al. [16] carried out
a more thorough investigation on LaNi5 and found that the ratio of the plateau
pressures for the first desorption and the second desorption was the same as the
ratio of plateau pressure for the second absorption and the third absorption. The
first absorption was not compared because of the activation effects during the first
traversal of the two-phase region. This result suggests that neither absorption nor
desorption should be regarded as closer to a “true” equilibrium pressure. Schwarz
and Khachaturyan [10] developed a model based around a two phase system with
coherent (elastic) strain between the phase boundaries. This was done by adding
a coherent strain term to the phase rule.
One of the fundamental issues with theories that are based solely on coherent
strain is that in bulk metal–hydrides there are dislocations created during the
phase transformation, relieving any elastic strain. Therefore theories based on
coherent strain cannot be applied to bulk materials. There is the possibility that
these theories could be applied to nanoparticles, which will be discussed below.
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So for a bulk metal there must be a somewhat different explanation for hysteresis.
Therefore the role that dislocations play in the hysteresis must be considered.
Dislocations have been observed in hydrogen-cycled metals by using TEM [17],
neutron diffraction [12, 18] and X-ray diffraction [19–21], where the density of
dislocations is in some cases on a similar order (or possibly even higher) to severely
cold worked metals [11, 12]. Jamieson et al. [17] investigated α phase growth and
dislocation production in PdHx by loading a Pd sheet with hydrogen above the
critical point (to avoid dislocation production) then cooling to room temperature
and observing the sample during desorption of hydrogen in an electron microscope.
They observed significant dislocation production as the metal plastically deformed
at the advancing phase boundary as the α phase grew in the β phase. It has been
reported that dislocations are created during both absorption and desorption of
hydrogen [22]. It is therefore possible that all of the energy lost in the absorption–
desorption cycle due to the pressure hysteresis goes into creating dislocations. One
of the problems with this theory is that hysteresis is observed even in very small
nanoparticles where dislocations are unlikely to be created and interfacial strain
may be accommodated elastically [23, 24].
Very recently, Griessen et al. [25] reviewed a significant amount of experimental
data on palladium nano-particles in the literature and found that the hysteresis
could be very well explained using a coherent strain model. They calculated upper
and lower spinodal pressures and hysteresis based on a scaling law for hysteresis
and found that the experimental data all fell between the lines of 100% spinodal hysteresis and 45% spinodal hysteresis. The Maxwell pressure is the plateau
pressure that would be observed if there was no energy barrier to the transition
between phases, while the upper and lower spinodal pressures take into account
the barriers due to strain at the phase boundary. See Burke [26] for an explanation
of spinodal hysteresis. Griessen et al. [25] then calculated isotherms based on a
mean field model and found surprisingly good agreement with the experimental
data. By comparing the isotherms calculated in the mean field model with the
experimental isotherms, they found that the absorption isotherms of the nanoparticles had plateaux corresponding to the upper spinodal pressure, while the
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desorption pressures fell somewhere between the Maxwell pressures and the lower
spinodal pressures. This differs to the case of bulk palladium, where dislocations
are created before the upper spinodal pressure is reached. This plastic deformation
results in the hysteresis being less than would be predicted in the coherent strain
model for bulk palladium and so a more sophisticated model is required in this
case.
This is an important result and a deeper understanding about hysteresis in metal
hydrides is now possible. Firstly, it shows conclusively that hysteresis can be
present without the necessity to create dislocations. This is qualitatively consistent
with the theories of Lacher [9] and Schwarz and Khachaturyan [10], which did not
include a plastic deformation contribution. The phase transformation of very small
nano-particles is then coherent at temperatures in the vicinity of the critical point.
Griessen et al. [25] also calculated the critical point for different Pd nano-particle
sizes, which decreases with particle size and reaches room temperature at a particle
size of approximately 9 nm. This may explain the previous literature reporting
that small nano-particles didn’t have hysteresis, since they may have been above
the critical point for the size of the particles used.
It must also be noted that the creation of dislocations and the coherent strain are
not entirely different phenomena, but closely related. If the first cycle absorption
in bulk palladium is considered, it can be seen that during the absorption the
hydrogen content will continue to increase creating a strained super-saturated
state before it creates the β phase. At a certain pressure (and composition) part
of the material will deform plastically, creating dislocations and relieving (at least
some of) the elastic stress. This plastic deformation happens before the particle
has reached the upper spinodal pressure, which is why the hysteresis for bulk
metal is lower than would be predicted by coherent strain models. The energy
that was built up in the strain field has then gone into creating the dislocation,
some of which is dissipated immediately as heat and some is stored in the strain
field of the dislocation [6]. Compare this to the case in a nano-particle where, as
the applied pressure increases and therefore the hydrogen content of the particle
increases and the internal strain increases, the pressure reaches the upper spinodal
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pressure and the particle coherently transforms to the β hydride phase without
the strain exceeding the tensile strength of the material. However, it is possible
that even after the creation of dislocations there may still be be some elastic
strain remaining in the material. It is therefore possible that not all of the energy
corresponding to the pressure hysteresis goes into creating dislocations and there
may be an elastic component. Krenn [27] did a Finite Element Method (FEM)
simulation including both elastic and inelastic components and found that there
were significant contributions from both.
Since the first traversal of the two-phase region in a bulk metal creates a high
dislocation density, it is important to consider the subsequent cycles. As mentioned earlier, it is observed that the absorption pressure on the second cycle is
substantially lowered compared to the first cycle. This means that the dislocations
must be having an effect on the plateau pressure. Therefore internal strain does
not reach the same value that was reached during the first cycle and therefore the
dislocations are somehow allowing the transition from α phase to β phase without
the significant build up of strain. This could be because the dislocations are gliding
at the advancing phase boundary, accommodating the phase transformation.

3.3

Defects and Trapped Hydrogen

Hydrogen can be trapped in many metals in varying quantities. Exposure to hydrogen causes many metals to become brittle which is a major concern for metals
used in applications where the tensile strength of the material is critical. In the
context of hydrogen storage, some materials trap a relatively large portion of the
absorbed hydrogen. In the case of LaNi5 , pressure–composition measurements
have shown that even after desorption into a vacuum at room temperature the
metal contains roughly 0.08 H/M (hydrogen per metal atom). This trapped hydrogen does not come out unless the sample is heated. A much smaller quantity
is trapped in palladium. LaNi5 is very brittle while palladium is ductile, which
results in the strain field surrounding a dislocation in LaNi5 affecting a much larger
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volume of the lattice. This may be part of the reason why there is a larger quantity
of hydrogen trapped in hydrogen cycled LaNi5 compared to palladium.
Of relevance to this project is the possible link between vacancies, trapped hydrogen, dislocations and pressure hysteresis. It has been reported that after annealing
hydrogen cycled palladium at only slightly elevated temperatures (45 ◦ C from room
temperature) the absorption pressure detectably increases. This temperature difference was expected to be too low to cause a change to the dislocation structure
since it is reported the most significant removal of dislocations happened at 527 ◦ C
[12]. Hydrogen is typically trapped in or around lattice defects, but the effect that
trapped hydrogen has on hysteresis is unknown.
Myers et al. [28] reviewed the interaction of hydrogen with defects in metals and
listed many of the trapping energies for various defects. In the case of palladium,
the hydrogen trapping energy for a mono-vacancy is approximately 0.23 eV, approximately 0.6 eV for a dislocation core, and varies from very small values to
several tenths of an eV in the strain field surrounding a dislocation [28].
It has been reported that hydrogen cycled LaNi5 has an unusually high vacancy
density of between 10−3 and 10−1 , which is much higher than the equilibrium
vacancy concentration in metals at the melting point which is between 10−5 and
10−4 [29]. There have also been suggestions that the trapped hydrogen was sitting
in these vacancies, possibly stabilising the vacancies [30]. However, the density
of vacancies in LaNi5 was calculated in reference to the dislocation density published by Wu et al. [18], which was mistakenly 1–2 orders of magnitude too high
(discussed in more detail in chapters 4 & 6). Therefore the vacancy concentration
calculated by Sakaki et al. [29] is also too high. There would therefore not be
sufficient vacancies to host all of the trapped hydrogen in LaNi5 . This does not
mean that hydrogen is not trapped in vacancies, but that there must be other
trapping sites for hydrogen as well.
It is known that hydrogen can be trapped in the dislocation strain fields and that
dislocations have an effect on hysteresis, as discussed in section 3.2. Therefore the
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interaction of trapped hydrogen with dislocations and dislocation annealing is of
importance to the understanding of hysteresis.
The process of annealing a material can result in many microstructural changes,
such as removal of point defects, removal of dislocations, motion of grain boundaries, motion of atoms in alloys, and even phase changes of the material. There
are several stages in the removal of dislocations (although they may not always
be distinguishable) [31]. First the dislocations may migrate to form lower energy
states, possibly lining up to form a new grain boundary. Second the dislocations
migrate to the grain boundary or surface and are therefore removed from the crystal. After this, the grain boundaries may expand, increasing the grain sizes. In
this thesis, the terms ”dislocation removal” or ”dislocation annealing” are used
and refer to the reduction in dislocation density as measured by diffraction. This
may include both the first and the second stages of dislocation removal.
Dislocation annealing is a complicated process, even in materials that have not
been hydrogen cycled, as dislocations may be tangled or pinned by point defects. The point defects (vacancies, interstitial atoms, precipitates) pinning the
dislocations prevent them from gliding to the edge of the grain and annihilating.
Therefore annealing of dislocations is strongly dependent on the energies required
to anneal or move the defects pinning the dislocations, resulting in a range of temperatures required for dislocation annealing [31]. The annealing of dislocations in
a metal hydride is further complicated by the presence of hydrogen and by the
phase change which typically accompanies the absorption/desorption process.
The density of dislocations does not continually increase but reaches a maximum
after a number of initial cycles [6], in line with the stabilisation of hysteresis. Given
that hysteresis remains even after many cycles, it is not clear whether dislocations
are still being created, or whether the hysteresis is purely due to coherent strain.
If there is plastic deformation in every cycle, it is possible that the dislocation
density saturates, as is the case in a metal which is continually cold worked. This
is plausible since the dislocation density in palladium which has been cycled at
room temperature is similar to the dislocation density in cold worked palladium.
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However, hydrogenating leads to a very different dislocation substructure [32] and
so the processes of dislocation saturation are clearly different in the case of hydrogen cycled metals compared to cold working. Alternatively, it could be that
the dislocations are removed at the same rate they are created, as suggested by
McKinnon [6], allowing the dislocation density to remain constant while there
is still plastic deformation and the removal of dislocations simultaneously taking
place. The dislocations in hydrogen cycled palladium are reported to anneal only
above 400 ◦ C [22], however dislocation removal could be aided by the presence of
hydrogen through enhanced dislocation mobility [33] or the process of the phase
transformation.
Hydrogen release and dislocation annealing have been studied together by positron
annihilation spectroscopy and neutron diffraction. Hydrogen-cycled LaNi5 has
been studied using position annihilation spectroscopy, and the annealing of dislocations and vacancies compared to the release of hydrogen in Temperature Programmed Desorption (TPD) measurements [29]. The results suggested that the
annealing of dislocations happened at a slightly higher temperature than the release of trapped hydrogen but that the temperature of hydrogen release roughly
corresponded to the annealing of point defects (such as vacancies). Kisi et al. [12]
related neutron diffraction measurements of LaNi5 to ex-situ TPD measurements
of hydrogen release and noted that the main hydrogen desorption peak occurred
at 500 K (227 ◦ C). However, their published data show that at 227 ◦ C the dislocation density had decreased by approximately 30% and by approximately 83%
at 527 ◦ C. It is also hard to draw a definite conclusion from their data because
the ex-situ TPD measurements were taken at a much higher ramp rate than the
diffraction measurement, shifting all spectral features to higher temperature and
making the comparison indirect.
There has been no direct (simultaneous) measurement of dislocation annealing
and hydrogen release. It is therefore not certain whether hydrogen could in fact
be pinning dislocations or why small temperature increases have an effect on the
pressure hysteresis.
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Summary

There has been no direct (simultaneous) measurement of dislocation annealing
and hydrogen release. It is therefore not certain whether hydrogen could in fact
be pinning dislocations or why small temperature increases have an effect on the
pressure hysteresis. Some of the details of dislocation annealing dynamics appear to be unclear in the literature. Therefore the key questions addressed in
this project relate to the removal and creation of dislocations during hydrogen
cycling and the effect of hydrogen on the annealing of dislocations (Chapter 5),
and annealing dynamics of dislocations and the relationship to release of trapped
hydrogen (Chapter 6).
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[21] R. Černý, J.-M. Joubert, M. Latroche, K. Yvon, and A. Percheron-Gugan, J. Appl.
Crystallogr. 35, 288 (2002).
[22] K. Sakaki, M. Mizuno, H. Araki, and Y. Shirai, J. Alloys Compd. 414, 204 (2006).
[23] B. Ingham, M. F. Toney, S. C. Hendy, T. Cox, D. D. Fong, J. A. Eastman, P. H.
Fuoss, K. J. Stevens, A. Lassesson, S. A. Brown, and M. P. Ryan, Phys. Rev. B
78, 245408 (2008).
[24] C. Langhammer, E. M. Larsson, V. P. Zhdanov, and I. Zori, The Journal of Physical
Chemistry C 116, 21201 (2012), http://dx.doi.org/10.1021/jp3059273 .
[25] R. Griessen, N. Strohfeldt, and H. Giessen, Nat. Mater. 15, 311 (2016).
[26] J. Burke, The kinetics of phase transformations in metals, Commonwealth and
international library: Metallurgy division (Pergamon Press, 1965).
[27] C. R. Krenn, Modelling and Simulation in Materials Science and Engineering 12,
S415 (2004).
[28] S. M. Myers, M. I. Baskes, H. K. Birnbaum, J. W. Corbett, G. G. DeLeo, S. K.
Estreicher, E. E. Haller, P. Jena, N. M. Johnson, R. Kirchheim, S. J. Pearton, and
M. J. Stavola, Rev. Mod. Phys. 64, 559 (1992).
[29] K. Sakaki, H. Araki, and Y. Shirai, Mater. Trans. 43, 1494 (2002).
[30] M. Mizuno, H. Araki, and Y. Shirai, Journal of Physics: Conference Series 165,
012 (2009).

Literature Review

27

[31] I. Kovacs and L. Zsoldos, Dislocations and plastic deformation, [1st]. ed., Vol. 60
(Pergamon Press, Oxford; New York, 1973).
[32] B. J. Heuser and J. S. King, J. Alloys Compd. 261, 225 (1997).
[33] H. Birnbaum and P. Sofronis, Materials Science and Engineering: A 176, 191
(1994).

Chapter 4
Analysis and Methods

4.1

Introduction

The majority of the data analysis in this project was of diffraction data collected on
powder samples using either X-ray or neutron diffraction. Primarily the Rietveld
method, which is a whole-pattern fitting method developed by Hugo Rietveld [1],
was used to analyse the data. The Topas Academic [2] software package was
used exclusively for data analysis. In the Rietveld method peak positions and
intensities are calculated based on the crystal structure of the material and the
peak profiles (shapes) are calculated as a convolution of all the instrumental optical
effects and the line broadening effects owing to the sample. Section 4.3 gives
more details about the Rietveld method. The experimental (or measured) peak
profile is usually a smooth function of the scattering angle (for constant wavelength
instruments) or flight time for time-of-flight (TOF) data. The brief introduction
to peak shape modelling in Section 4.3 is made in constant-wavelength terms. The
equivalent expressions for TOF can be found in advanced texts (e.g. Young [3]).
Basic contributions for the sample induced broadening are the Scherrer formula
for crystallite size broadening (owing to a non-infinite crystal) and a tan θ term
for broadening owing to microstrain. However, some materials have anisotropic
properties, for example particles (or crystallites) that are of significantly different
28
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lengths along different crystal axes or dislocations which form along certain crystal
directions. In these cases the broadening becomes dependent on the Miller indices
(h, k, l). The high dislocation densities in both LaNi5 and palladium which have
been hydrogen cycled give rise to significant anisotropic broadening. Anisotropic
dislocation broadening is discussed in section 4.4.
The thesis chapters comprised of manuscripts give details of the data analysis for
each experiment. Here a more detailed general description of methods is given.

4.2

Crystal Diffraction

The symmetry of a crystal is specified by the space group of the phase. The
space group of a crystal structure designates all the symmetry operations that can
be applied to the system to move it to a state indistinguishable from the initial
state. The space groups are given symbols that are the concatenation of the lattice
centring type and the point group of the crystal, therefore specifying both translational (due to the lattice) and point symmetry of the crystal. For non-symorphic
space groups (ones with screw axes or glide planes) the point group symbol is
replaced with other symbols to signify the non-symorphic operations. Volume A
of the International Tables for Crystallography [4] provides information on all 230
space groups, including equivalent positions and all symmetry operations.
When a wave is diffracted through a powdered sample, the diffraction pattern
observed is an sum of the diffracted intensity from many crystallites in the sample.
Where different planes with the same spacing would produce diffraction spots
in different places in a single crystal diffraction pattern, in a powder diffraction
pattern all planes with the sample spacing contribute to the sample Debye-Scherrer
ring in the diffraction pattern. For example the [100], [010] and [001] lattice planes
all contribute to the same diffraction ring in the powder pattern for a material with
cubic symmetry. This leads to a number of complications, including peak overlap
and hkl reflections not being unique to a given crystal symmetry.
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Figure 4.1: Diffraction pattern for polycrystalline (left) and single crystal
(right) Cr2 O3 [5].

Figure 4.1 demonstrates the difference between a powder diffraction pattern and
a single crystal diffraction pattern collected on a two dimensional detector. Note
that the diffraction pattern for the powder is radially symmetric. This is because
in a polycrystalline sample where the crystallites are randomly oriented, there
are always some crystallites that are oriented such that they contribute to the
diffracted beam at a given 2θ value, regardless of which direction this is. Given
this radial symmetry, most powder diffraction instruments only have one dimensional detectors, since no information is lost. This is equivalent to taking a slice
through the middle of the powder pattern in Fig. 4.1. The data obtained from a
powder diffraction instrument is then a set of intensities (or equivalently counts)
corresponding to 2θ (or TOF) values, often referred to as a pattern or profile.
Figure 4.2 shows a one dimmensional diffraction profile for palladium which has
been fitted using the Rietveld method, described below.

4.3

The Rietveld Method

The Rietveld method uses a weighed least-squares fit of a calculated diffraction
pattern (which is based on a structural model of the sample) to the observed
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Figure 4.2: XRD diffraction pattern for palladium collected after hydrogen
cycling. The blue line is the measured data, the red line is the predicted (calculated) fit based on the crystallographic model and the grey line is the difference
between the measured and calculated. The markers for the Bragg reflections
are shown at the bottom of the figure.

diffraction pattern. The quantity minimised is the residual Sy
Sy =

X
i

wi (yi − yci )2

(4.1)

where yi is the observed intensity at the ith step, yci is the calculated intensity
at the ith step and wi is the weighting factor. There are a number of different
weighting schemes used [3], the most common being either wi = 1/σ 2 or wi = 1/yi .
Alternative weighting schemes have been proposed, including that of Toraya [6]
which gives a greater weighting to weak reflections than wi = 1/yi and that by
Bergmann and Monecke [7] which aims to reduce the weighting on the background.
Topas uses wi = 1/σ 2 unless σ’s are not available.
The calculated intensity is given by [3]
yci = s

X
K

LK |FK |2 φ (2θi − 2θK ) PK A + ybi

(4.2)
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where
s is the scale factor,
K represents the Miller indices,
LK contains the Lorentz, polarisation and multiplicity factors,
φ is the reflection profile function,
PK is the preferred orientation function,
A is the absorption factor,
FK is the structure factor for the Kth Bragg reflection,
ybi is the background intensity at the ith step,
2θi is the reflection angle at the ith step and
2θk is the reflection angle corresponding to K.
In a multi phase sample, the different phases can be fitted simultaneously. Each
phase will have its own scale factor, s, which can then be used to calculate the
relative concentrations of the phases in the sample. This is called quantitative
phase analysis, sometimes abbreviated as “QPA”. The structure factor is given
by [3]
FK =

X

Nj fj exp [2πi (hxj + kyj + lzj )] exp [−Mj ]

(4.3)

j

where
h, k and l are the Miller indices,
xj , yj and zj are the coordinates of the jth atom,
Mj = 8πu2s sin θk /λ2 , where u2s is the mean square displacement of the jth
atom parallel to the diffraction vector,
Nj is the site occupancy multiplier for the jth atom site, and
fj is the scattering amplitude for the jth atom.
The approximation of isotropic thermal parameters is often used, in which Mj
simplifies to Mj = Bj sin θk /λ2 where Bj is the isotropic thermal parameter for
the jth atom [1].
There are many processes that broaden the peak shape. Broadening processes
include the source linewidth, divergence of the incident beam, sample microstrain,
sample crystallite size. Section 4.4 describes a sophisticated model for broadening
owing to high dislocation densities. The profile function φ is then the convolution
of all the peak shape broadening processes. Two commonly used profile peak
shape functions are the Voigtian, which is the convolution of a Gaussian function
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with a Lorentzian, and a pseudo Voigt, which is the sum of a Gaussian and a
Lorentzian, ηL + (1 − η)G where G is a Gaussian, L is a Lorentzian and η is the
mixing parameter. The pseudo Voigt is an approximation to a Voigtian function.
Topas Academic has the facility to convolute profile functions and so Gaussian
and Lorentzian components were generally specified separately and convoluted
automatically. However, the profile function primarily used for the instrument
contributions to peak shape was the modified Thompson-Cox-Hastings pseudo
Voigt (TCHZ). The pseudo Voigt mixing parameter for TCHZ profile function is
given by [3]
η = 1.36603q − 0.47719q 2 + 0.1116q 3

(4.4)

where
q = ΓL /Γ
Γ =

Γ5G + AΓ4G ΓL + BΓ3G Γ2L + CΓ2G Γ3L + DΓG Γ4L + Γ5L

A = 2.69269,
ΓG =

B = 2.42843,

C = 4.47163,

U tan2 θ + V tan θ + W + Z/ cos2 θ

ΓL = X tan θ + Y / cos θ

0.2

= FWHM

D = 0.07842

1/2

In the TCHZ profile function the refinable parameters are U , V , W , Z, X and Y .
The TCHZ function is an extension of the traditional UVW parameters (Caglioti
equation [8]) used in early peak shape fitting.
The parameters in these profile functions have no physical meaning (except for
the special case for which the Caglioti equation was derived [8]) and are therefore
called “empirical” profile fitting functions. There are three possible ways to fit
the profile function, with varying degrees of complexity. The first is to use a
single empirical profile function for the peak shape – no parameters have physical
meaning. The second is to use an empirical profile function for the instrument
broadening and model the sample broadening – sample broadening parameters
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have physical meaning. The third option is to model the broadening of both the
sample and the instrument – all parameters have physical meaning.
Sample broadening effects are usually due to either crystallite size or microstrain.
For isotropic size broadening (spherical crystallites) the profile width is modelled
using the Scherrer formula
Γ=

λ
hDiv cos θ

(4.5)

where hDiv is the volume weighted mean crystallite size. Broadening due to crystallite size is usually modelled as being Lorentzian, but can be a convolution of
both Lorentzian and Gaussian [3]. Broadening due to microstrain is generally
modelled by
Γ = B 0 tan θ

(4.6)

where B 0 is a parameter that is proportional to the strain in the sample. Microstrain is usually modelled as being Gaussian, but can also be a combination
(convolution) of both Lorentzian and Gaussian [3]. When either size or strain
broadening is modelled as having both Lorentzian and Gaussian broadening effects, more complicated calculations are needed to calculate meaningful values for
the size and strain. Topas has built-in functions to calculate size and strain using
formulae described by Balzar et al. [9].
Topas has built-in functions for modelling the instrument peak shape of a laboratory X-ray source, which involve convoluting the effects of slit widths, source size,
sample size, detector size collimators, divergence slits, and so on. Topas does not
have the facility to model instrument profiles other than those from laboratory Xray diffractometers. Obtaining an empirical profile function for the instrument can
be done using a sample with known lattice parameters, no microstrain and large
crystallite size (thus insignificant sample broadening) and fitting the resulting pattern using an empirical peak shape function (such as TCHZ). When analysing a
diffraction pattern from the sample under investigation, any broadening above and
beyond that found from the standard sample is due to sample broadening. Once
the instrument function is known, it can be convoluted with sample broadening
effects to obtain a total profile function, φ. Having found the instrument function
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(by either fundamental parameters or using an empirical fit to a standard) reduces
the number of parameters that must be refined during data analysis, which leads
to a much more stable refinement.
The preferred orientation function in equation 4.2, is a correction for a sample that
does not have completely randomly oriented crystallites. When a powdered sample
does have randomly oriented crystals, then the Debye-Scherrer rings are completely
symmetric (figure 4.1). However, if more crystallites align in one direction (could
be due to an electric field, magnetic field, highly asymmetric unit cell, etc.), then
the intensity will not be uniform around the Debye-Scherrer rings. For a 1D powder
pattern this will result in the intensities of the peaks being different to what would
otherwise be expected. This aligning of crystallites in a preferential direction is
called preferred orientation or texture. The preferred orientation function PK ,
which is a function of the Miller indices, can correct the peak intensities to account
for preferred orientation if the direction of preference is known (or can be guessed)
and the texturing is relatively simple.
There are many corrections that may need to be made when doing a Rietveld
refinement. The simplest is a 2θ zero offset, sometimes called a zero error. In this
case the correction is simply
2θ0 = 2θ − 2θzero

(4.7)

where 2θzero is the zero offset. Other corrections include sample displacement,
sample absorption, preferred orientation, absorption by the sample holder [10]
and micro-absorption.
Once the scale factors are determined in the Rietveld refinement, the information
about the unit cells (which are required for Rietveld refinement) are used to calculate the proportions of the phases (QPA) and are usually reported as a weight
percentages (wt%). Topas has this functionality built in. However, this only gives
the relative proportions of the fitted phases and any unfitted phases are not accounted for. These unfitted phases could be amorphous phases, liquid phases or
low scattering phases. Unfitted phases in the sample would not be accounted for,
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resulting in calculated phase proportions being too high. One solution to this is to
add a known quantity of a standard into the sample (called an internal standard)
which is used to calibrate the phase proportions. Using this method the quantity
of material not fitted by the Rietveld refinement (possibly amorphous) can be calculated. A common internal standard is diamond powder due to its non-reactivity
and crystallinity.
One of the problems with QPA is that there are many phenomena that can affect
the peak intensities which, if not correctly accounted for, result in the refined
value of the phase scale to be incorrect. The Round Robin on Quantitative Phase
Analysis [11] investigated some of the problems with QPA, which include excessive
micro-absorption correction and users not refining the thermal parameters, among
others.
Rietveld analysis software generally includes the ability to calculate e.s.d (estimated standard deviation) values for the refined quantities. However, this is a
measure of the statistical precision in the refined quantity, not necessarily of the
accuracy of the refined quantity. The Round Robin on Quantitative Phase Analysis [11] found that the reported e.s.d. values varied significantly. As stated by
Edward Prince [3] the calculated e.s.d. values only put a lower bound on the
actual uncertainty in the refined quantity.

4.4

Anisotropic Broadening Model

Given that hydrogen cycled metals have a dislocation density similar to that of
cold worked metals [12, 13], the crystal structure has a significant amount of
mistrostrain. This microstrain causes a significant broadening of the diffraction
peaks, which can be anisotropic, with the degree of broadening dependent on the
Miller indices. This must be accounted for in the Rietveld refinement to obtain
a good quality fit, but can also provide insight into the defect structure of the
sample.
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Historically the peak profiles were fitted using very basic, empirical models. For
example, the diffraction pattern was fitted using two phases, one of which was used
for the peaks with significantly broadened profiles and the other for the peaks with
less broadened profiles [14]. There are also basic empirical models for anisotropic
broadening, such as Spherical Harmonics and an R.M.S. strain model based on
the direction cosines [15, 16]. Although these models were able to fairly accurately
fit the data, they were purely empirical, with no physical basis.
The early work of Krivoglaz [17] provided a theoretical basis for a physical dislocation line broadening model. This was applied to hexagonal crystal systems by
Klimanek and Kužel [18] and put into a form appropriate for Rietveld refinement
by Wu et al. [19]. This model also gave a formula for the dislocation density based
on the parameters refined in the Rietveld fitting procedure.
In the standard formula commonly used for microstrain, the Gausian FWHM is
given (for constant wavelength) by
HG = SG tan θ

(4.8)

where SG is the microstrain parameter. This equation is the same as equation 4.6,
with Γ = HG and B 0 = SG . The change of symbols is to maintain consistency with
Wu et al. [19]. The profile shape for the microstrain broadening is most commonly
Gaussian, but more generally a Voigtian should be used [3]. As Krivoglaz [17]
showed, at high dislocation density the peak shape becomes Lorentzian. The
general peak shape has therefore been represented by a Voigtian [19], which is the
convolution of a Gaussian with a Lorentzian, where the Lorentzian component is
HL .
The strain parameters in the dislocation broadening model are defined as
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r

SG = 2
=

ln 2 p
√
ρf (M )Ω(iy) χ
π

p
Tχ

(4.9)
(4.10)

y p
√
SL = 2 √
ρf (M )Ω(iy) χ
π
√
=J χ

(4.11)
(4.12)

Here ρ is the dislocation density, M is a dislocation distribution parameter, f (M )
is a smooth function of M defined by Wu et al. [19], Ω is the complex error function,
√
√
χ is the orientation factor, y = ln 2J/ T is the shape parameter, and J and
T are defined as refinable parameters of the anisotropic dislocation broadening
model for the Rietveld refinement.
The full width half maximums (FWHM) for the Gaussian and Lorentzian contribution to the peak shape (HGk and HLk ) are then given by
HGk = SG tan θk

(4.13)

p

(4.14)

=

T χ tan θk

HLk = SL tan θk
√
= J χ tan θk

(4.15)
(4.16)

where k designates a certain set of Miller indices (h,k,l). Once the T and J
parameters have been determined from the Rietveld refinement, the dislocation
density can be calculated using

ρ=

Tπ
4Ln(2)f (M )Ω2 (iy)

(4.17)
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The orientation factor (χ) is a function of the Miller indices and is specific to
each crystal system and dislocation slip system. In the case of a cubic crystal
with a/2 < 110 > {11̄1}-type dislocations (the dominant slip system in hydrogen
cycled palladium), the orientation factor is given by
χfcc



h2 k 2 + h2 l2 + k 2 l2
=b τ 1−η
(h2 + k 2 + l2 )2
2



where η is a refinable parameter and τ is a refinable parameter which is grouped
with T in the refinement.
The orientation factor for hexagonal crystals is more complicated and there are
many possible dislocation slip systems. The orientation factor for the various slip
systems was reported by Klimanek and Kužel [18], and many authors have used it
in data analysis. The table of functions for the orientation factors is shown in Fig.
4.3. However, there are discrepencies between the plots of the orientation factor
as published by the various authors. Even the plots in Klimanek and Kužel [18]
do not appear to correspond to the formulae as published.
Figure 4.4 is a plot of the formulae in Klimanek and Kužel [18], using the crystal
system of LaNi5 (that is, lattice parameters a = 5.02079 Å, c = 3.99148 Å, and
Poisson ratio ν = 0.314 [20]). Note that this is χp as defined by Klimanek and
Kužel [18], which corresponds to χ/b2 . This is simply χ as defined by Decamps
et al. [21] and Černý et al. [22]. The plots of the orientation factor for screw dislocations are the same as those published by Černý et al. [22], while the orientation
factor for the edge dislocation could not be reproduced. The plots of Decamps
et al. [21] are similar to those here and can be reproduced exactly for the screw
dislocations by inverting the lattice parameter ratio for LaNi5 . The plots of Wu
et al. [23] could not be reproduced at all and the orientation factor for some of the
dislocation slip systems takes on a fundamentally different form to those here.
The primary dislocation slip system in LaNi5 is the E2 system. Interestingly, the
form of the plots in the literature for this slip system appear to be reproducible and
only vary in magnitude (or due to different material properties – lattice parameters,
a and c, and Poisson number, ν). Therefore the fits to diffraction patterns are
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Figure 4.3: Forms of the orientation factor χp for different slip systems in a
hexagonal crystal. Reproduced with permission of the International Union of
Crystallography [18].
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Figure 4.5: Diffraction pattern of LaNi5 after hydrogen cycling, showing the
anisotropic model fitting the data very well.

likely to result in the same quality fit, but with calculated dislocation densities of
a different magnitude. Additionally, a burgers vector of a/3 was used in Wu et al.
[23], which the authors subsequently determined to be incorrect and should have
been a [24]. This resulted in a reported density that was too high by a factor of
nine.
Having carefully analysed and reconciled the variously erroneous representations
of the orientation factor in the literature, the author believes that the form of
the orientation factor used in this work and, within the validity of the broadening
model, the calculated dislocation densities are authoritative.

4.5

Topas Academic

TOPAS-Academic [2] is a Windows based general non-linear least squares system driven by a scripting language written by Alan Coelho. Its main focus is in
crystallography, solid state chemistry and optimisation. At the core of Topas are
Marquardt [25] and BFGS minimisation routines wrapped by a computer algebra
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system. Topas Academic is a stripped down version of Bruker AXS Diffrac plus
Topas [26]. Other Rietveld programs include GSAS (General structure analysis
system) [27], Fullprof [28] and BGMN [29], among many others. Fullprof has
well established functionality for refining magnetic structures. Topas was the only
program used in this project.
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[22] R. Černý, J.-M. Joubert, M. Latroche, A. Percheron-GuFgan, and K. Yvon, J.
Appl. Crystallogr. 33, 997 (2000).
[23] E. Wu, E. H. Kisi, and E. MacA. Gray, J. Appl. Crystallogr. 31, 363 (1998).
[24] E. MacA. Gray, Private communication (2013).
[25] D. W. Marquardt, J. Soc. Ind. Appl. Math. 11, pp. 431 (1963).
[26] A. A. Coelho, Diffrac plus Topas (Bruker AXS).
[27] A. Larson and R. Von Dreele, Los Alamos National Laboratory Report LAUR , 86
(2000).
[28] J. R. Carvajal, Abstracts of the Satellite Meeting on Powder Diffraction of the XV
Congress of the IUCr (1990).
[29] J. Bergmann, P. Friedel, and R. Kleeberg, CPD Newsletter, Commission of Powder
Diffraction, International Union of Crystallography 20, 5 (1998).

Chapter 5
Dislocation annealing in hydrogen
cycled palladium and the
relationship to pressure hysteresis

45

Dislocation annealing in hydrogen cycled palladium and the relationship to
pressure hysteresis
This chapter consists of a co-authored published paper.

46

The biblio

graphic details of the co-authored published paper, including all au
thors, are:
T.A. Webb, D.S. Pyle, K.S. Knight, C.J. Webb, E.MacA. Gray, Dislocation an
nealing in hydrogen cycled palladium and the relationship to pressure hysteresis,
submitted to J. Alloys Compd., 2016
Copyright note: Self-archiving of the preprint version is permitted by this jour
nal. Please refer to the journal for access to the definitive, published version or
contact the authors for more information.
My contribution to the published paper involved:
• Experimental conception, design, preparation and planning.
• Execution of the experiment.
• Data analysis and interpretation.
• Drafting of the manuscript.

(Signed)

(Date)

O?,,/0 lf/'2Qf7

Timothy A. Webb

(Signed)

(Date) [ <?/0

Corresponding Author: Timothy A. Webb

(Signed)
Supervisor:

(Date)

4-/?-_o /7

Dislocation annealing in hydrogen cycled palladium and the relationship to
pressure hysteresis

Dislocation annealing in hydrogen cycled palladium and
the relationship to pressure hysteresis
T.A. Webba,∗, D.S. Pylea , K.S. Knightb , C.J. Webba , E.MacA. Graya
a Queensland

Micro- and Nanotechnology Centre, Griffith University, Brisbane 4111,
Australia.
b ISIS, Rutherford Appleton Laboratory, Oxon OX11 0QX, United Kingdom.

Abstract
An in-situ neutron diffraction investigation of the dislocation annealing properties of the Pd–D2 system was carried out, with the aim of better understanding
the relationship between pressure hysteresis and dislocations. The lattice misfit
between the α and β hydride phases produces dislocations during the phase transition, relieving elastic strain, which is reflected in reduced pressure hysteresis.
Dislocation generation ceases above the critical temperature of 283 ◦ C where
there is no phase transition between the phases. The effects on the dislocation
density of annealing the metal under vacuum, of annealing in the β hydride
phase and of the phase transformation itself were investigated by observing
the diffraction profile breadth during annealing and cycling. It was found that
the dislocations annealed at a lower temperature than was previously reported
but that annealing in the β phase gave the same result as annealing under vacuum. However, when cycling the sample the dislocation density decreased much
faster with increasing temperature compared to annealing. Therefore the process of phase transformation must allow for the removal of dislocations at lower
temperatures than would otherwise be required. This result means that misfit
dislocations can be removed in a cycled sample at the same rate that they are
created, which is consistent with the hysteresis observed in pressure composition
isotherm measurements. It is not clear whether all of the energy corresponding
∗ Corresponding

author
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to pressure hysteresis goes into creating dislocations or whether there is also a
coherent strain contribution to the energy loss.
Keywords: Hydrogen storage, palladium, hysteresis, dislocations, neutron
diffraction

1. Introduction
Dislocations are created in many metal hydrides during hydrogen absorption
and desorption as a result of lattice mis-match. The role that the α–β phase
transition plays in the hydrogen absorption properties of metal hydrides has
5

been the topic of much discussion, with many questions still to be conclusively
answered. This study investigates the creation and annihilation of dislocations
during hydrogen cycling and their relationship with pressure hysteresis.
In the context of this work, pressure hysteresis in metal–hydrogen systems
implies cyclic inefficiency and a two-valued relationship between hydrogen pres-

10

sure at constant temperature (or temperature at constant hydrogen pressure)
and hydrogen content. There is no universal theory of hysteresis in bistable
systems such as ferromagnets, metal–hydrogen systems and solid–solid phase
transitions. In the first case, the Preisach model [1], incorporating switching
operators, captures the bistability and irreversibility but gives no clue as to

15

their microscopic origin. The application of Preisach’s model to metal hydrides
remains a curiosity [2]. In the case of metal hydrides, models based on energy loss through dislocation generation [3, 4, 5] and the thermodynamics of
phase transformations [6, 7] appeared as long ago as 1937. In this work, we are
concerned with the relationship between hysteresis and dislocation generation,

20

explored in the Pd–D2 binary system. Pressure hysteresis, observed as a higher
hydrogen gas pressure required for absorption (Pabs ) compared to desorption
(Pdes ), represents an energy loss proportional to ln (Pabs /Pdes ) in the storage
process and may negatively affect the practical operation of metal hydride storage units if Pabs becomes too high compared to Pdes [8].

25

Pd provides a relatively simple model for investigating the hydrogen–metal

2
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interaction and testing theories of hysteresis, which are briefly reviewed below.
The hydrogen storage and structural properties of Pd have been the subject of
a great deal of research.
The earliest diffraction measurements with x-rays showed there were dilute
30

solid-solution (α) and concentrated hydride (β) phases and that these phases
retain the basic face-centred cubic structure of the metal [9]. The Pd unit
cell parameter increases by approximately 3% during the α-to-β phase transformation at room temperature, causing the generation of misfit dislocations
[10]. Dislocations require energy to create and this energy is dissipated as heat
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(phonons) during both the formation and the annihilation of the dislocations
[3]. Since this heat is lost and cannot be recovered, pressure hysteresis must
be present whenever dislocations are created [3, 5]. It has been reported that
the misfit strain between the α and β phases in Pd causes dislocations to form
during both absorption and desorption [11]. Jamieson et al. [12] investigated α

40

phase growth and dislocation production in PdHx by loading a Pd sheet with
hydrogen above the critical point (to avoid dislocation production) then cooling
to room temperature and observing the sample during desorption of hydrogen
in an electron microscope. They observed significant dislocation production as
the metal plastically deformed at the advancing phase boundary as the α phase

45

grew in the β phase.
Ubbelohde [4] argued that strain arising during the formation of the β phase
caused the absorption pressure to be higher than in the absence of strain, and
that on desorption any strained areas would desorb first, leaving the desorption plateau as the true equilibrium. Wicke and Blaurock [13] found that if

50

the plateau pressure was plotted against temperature, the desorption pressure
followed the same trend below the critical point as the plateau pressure above
the critical point, but that the absorption pressure did not follow this trend.
This provided evidence to suggest that the desorption pressure was the “true”
equilibrium pressure and the absorption pressure was somehow modified. How-
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ever, Buckley et al. [8] carried out a more thorough investigation on LaNi5 and
found that the ratio of the plateau pressures for the first desorption and the
3
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second desorption was the same as the ratio of plateau pressure for the second
absorption and the third absorption. The first absorption was not compared because of the activation effects during the first traversal of the two-phase region.
60

This result suggests that neither absorption nor desorption should be regarded
as closer to a “true” equilibrium pressure.
Lacher [6] developed a basic thermodynamic model for hysteresis in a twophase hydride system. This theory proposed that absorption proceeded via
a super-saturated metastable α phase and that desorption proceeded via an

65

under-saturated metastable β phase. Lacher [6] proposed that the free energy
depends on the surface area between the α and β phases and that no other
modification to the Phase Rule is necessary. This theory predicted that the
“true” equilibrium pressure was half way between the absorption and desorption pressure. Schwarz and Khachaturyan [7] developed a model of hysteresis

70

based around the thermodynamics of a crystal with coherent phase boundaries
between the α and β phases. They modified the Phase Rule to include a term
for long range strain which would be caused by the phase boundaries. They
argued that any long range strain which affects the free energy would give rise
to hysteresis. However, in most real metal hydride systems, and particularly
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for PdHx , dislocations are generated during the phase transformation, which
implies that the phase boundaries are incoherent [12], at least in the two-phase
region. Griessen et al. [14] collated a large body of experimental data on Pd
nanoparticles and extended the work of Schwarz and Khachaturyan [7] and
Lacher [6] to apply a consistent coherent strain model to the data. They found

80

that the data were fitted remarkably well by the model and concluded that hysteresis in Pd nanoparticles can be explained very well assuming between 45%
and 100% spinodal hysteresis. They state that absorption proceeds via a path
very close to the full spinodal pressure, while the desorption pressure is somewhere between the lower spinodal pressure and the Maxwell pressure. This

85

model does not apply to bulk Pd because dislocations are formed before the
spinodal concentrations are reached, relieving the stress and causing the phase
transformation to be incoherent. In the first (activation) cycle, the absorption
4
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pressure is significantly higher than in subsequent cycles, which may be closer
to the upper spinodal pressure, while the subsequent cycles stabilise to a much
90

lower plateau pressure. Therefore the presence of dislocations must allow easier
accommodation of the α–β phase transition. This may be because the dislocations glide at the advancing phase boundary, or simply because the imperfect
crystal accommodates strains more easily. What is not clear is whether the dislocations which were formed in the first cycle remain during subsequent cycling,
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and therefore hysteresis in subsequent cycling is due to coherent strain with
lower spinodal hysteresis, or whether dislocations are continuously created and
removed in each cycle.
Hysteresis is higher for the first cycle, decreases over the next couple of cycles
and after that remains approximately constant. The density of dislocations does

100

not continually increase but reaches a maximum after a number of initial cycles
[3]. Given that hysteresis remains even after many cycles, it is not clear whether
dislocations are still being created, or whether the hysteresis is purely due to
coherent strain. If there is plastic deformation in every cycle, it is possible that
the dislocation density saturates, as is the case in a metal which is continually
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cold worked. This is plausible since the dislocation density in Pd which has
been cycled at room temperature is similar to the dislocation density in cold
worked Pd. However, the dislocation density in hydrogen cycled Pd has in
some cases been reported to be higher than in cold worked metals [15] and
hydrogenating leads to a very different dislocation substructure [16]. There are

110

therefore clear differences between the creation of dislocations by cold working
and the creation of dislocations by hydrogen cycling. Alternatively, it could be
that the dislocations are removed at the same rate they are created [3]. The
dislocations in hydrogen cycled Pd are reported to anneal only above 400 ◦ C [11],
however the presence of hydrogen and the process of the phase transformation

115

could aid in the removal of dislocations, through enhanced dislocation mobility
[17].
Dislocation annealing is a complicated process, even in materials that have
not been hydrogen cycled, owing to pinning and tangling. In a typical material,
5
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dislocation motion is restricted by defects (vacancies, interstitial atoms, precip120

itates) which pin the dislocations, preventing them from gliding to the edge of
the grain, or by tangling with other dislocations or dislocation loops. Therefore annealing of dislocations is strongly dependent on the energies required to
anneal the defects pinning the dislocations, resulting in varied temperatures required for dislocation annealing [18]. The annealing of dislocations in a metal

125

hydride is further complicated by the presence of hydrogen and by the phase
change which typically accompanies the absorption/desorption process.
In this investigation we sought to find the link between hysteresis and the
creation of dislocations, and test the dependence of dislocation dynamics on the
phase of the hydride/metal and the process of the phase transformation, with
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the aim of creating a better understanding of the origin of hysteresis in metal
hydrides. This was done by observing diffraction peak broadening owing to
dislocations in a Pd sample. High-resolution neutron diffraction measurements
were taken in situ while annealing the sample under vacuum and in the β hydride
phase, and through absorption/desorption cycles at varying temperatures.

135

2. Materials and Methods
The sample used was Goodfellow Pd powder with 99.95% purity and 150
µm maximum particle size. The sample was measured in a 10 mm ID custom
thin-walled stainless steel neutron cell. Time-of-flight (TOF) neutron diffraction
patterns were collected in situ on the High Resolution Powder Diffractometer
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(HRPD) at the ISIS spallation source, Rutherford Appleton Laboratory, UK.
The diffractometer peak shape was characterised using CeO2 and the time-offlight was calibrated to d-spacing using NIST 640c. Deuterium (D, 2 H1 ) was
used in place of 1 H1 because it has a much lower incoherent scattering cross
section and a higher coherent scattering cross section than 1 H1 . A Sieverts-type

145

gas handling apparatus similar to [19] was used to apply D2 pressure to the
sample. Diffraction patterns were collected for 45 to 60 min to obtain data with
adequate statistics for reliable Rietveld profile refinement. Profile analysis was

6
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carried out using Topas Academic [20].
The temperature of the sample was monitored by a thermocouple attached
150

to the outside of the bottom of the sample cell. The lattice parameters of the
deuterium-free initial Pd sample were used to calibrate the measured temperature against temperature determined from the lattice parameter in the volume
of sample illuminated by the neutron beam. This accounts for the temperature
difference between the thermocouple and the volume of sample studied with
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diffraction. First, a room temperature lattice parameter for Pd was accurately
determined. The lattice parameter for Pd at 20 ◦ C (293.15 K) was found to be
a = 3.89027(3) Å. We regard this as more accurate than the value of 3.8902(6)
Å published by Arblaster [21]. Our new value for the absolute lattice parameter at 20 ◦ C was combined with the relative thermal expansion data collated
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by Arblaster [21]. The rationale for this approach is that calculating relative
values from an internally consistent data set with systematic errors partially
cancels these errors. Finally, we measured the Pd lattice parameter at higher
temperatures and used the published thermal expansion data [21] to calculate
the true temperature in the illuminated volume of the sample. The absolute

165

accuracy of this temperature measurement was ±5◦ C.
The sample had previously been desorbed at room temperature after absorption at 350 ◦ C and so had a high dislocation density. A diffraction pattern
of the initial sample was taken at room temperature. The sample was hydrogenated by applying approximately 50 bar of D2 pressure. The temperature and
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pressure were allowed to stabilise and then a diffraction pattern was recorded.
The sample was then placed under vacuum to desorb and a diffraction pattern
was recorded. This process was repeated at 156 ◦ C and then in approximately
21 ◦ C steps up to 322 ◦ C. Higher D2 pressures of 65 and 75 bar were used at
260 and 281 respectively, and 85 bar used at 301 ◦ C and 322 ◦ C to ensure that

175

the sample was hydrogenated into pure β phase.
To establish the effect of absorbed deuterium, an in-situ annealing experiment was carried out under both vacuum and deuterium pressure. D2 at 56
bar was applied to the sample at room temperature, creating dislocations in the
7
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process. While maintaining the deuterium pressure, the sample was annealed in
180

situ by setting the temperature, waiting 1 hour and then collecting a diffraction
pattern. This was done at temperatures from 208 ◦ C up to 364 ◦ C in roughly
52 ◦ C increments. Five consecutive scans were taken at 364 ◦ C. The temperature was then reduced to 104 ◦ C and the sample was desorbed under vacuum,
introducing new dislocations in the process. The annealing experiment was then

185

repeated under vacuum at temperatures from 208 ◦ C up to 520 ◦ C in roughly
52 ◦ C increments, taking four consecutive scans at 364 ◦ C and seven at 522 ◦ C
to explore the kinetics.
The sample was then removed from the cell and annealed in a vacuum furnace
at approximately 700 ◦ C for approximately three hours to remove defects. The

190

sample was reloaded into the sample cell and a diffraction pattern was collected
at room temperature. The temperature was raised to 322 ◦ C (which is above the
critical point) and a diffraction pattern was collected. The measurement cycle
was: hydrogenate the sample by applying approximately 75 bar D2 pressure,
wait 5–10 min for temperature equilibration, collect a diffraction pattern in pure

195

β phase, evacuate the cell to desorb the sample, wait for equilibration and collect
a diffraction pattern. This was repeated at 291, 270, 249, 229 and 197 ◦ C.
The peak with Miller indices 200 was chosen for comparison because it has
the largest broadening for the primary dislocation type observed in hydrogen
cycled Pd [22]. The peaks were fitted using a Gaussian function, rather than a

200

more general Voigtian because the Voigtian introduced an extra fitting parameter without fitting the data any better. Data from the 90◦ (medium resolution)
detector bank of HRPD were used because it had a much higher count rate than
the backscattering detector bank. The full width half maximum (FWHM) of
the peaks was plotted for comparison.

205

3. Results
The peak breadths for all dislocation removal experiments are shown in Fig.
1. In the case of annealing under vacuum (Fig. 1(b)), the peak width, and there-
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Figure 1: The FWHM (as d-spacing) of the Gaussian function fit to the 200 peaks for (a)
annealing in the β-phase, (b) annealing under vacuum (α-phase), (c) cycling with increasing
temperature steps in the absorbed state and (d) in the desorbed state, (e) cycling with decreasing temperature steps in the absorbed state and (f) in the desorbed state, and (g) the
initial defect-free sample.

9

55

Dislocation annealing in hydrogen cycled palladium and the relationship to
pressure hysteresis

fore the dislocation density, decreased with temperature as expected. However,
at approximately 500 ◦ C, the temperature used by McLennan et al. [23] to an210

neal Pd, the sample still contained a high dislocation density compared to the
virgin sample (Fig. 1(g)), even after several hours at this temperature. This
observation appears to be at odds with the conclusion by Sakaki et al. [11],
based on positron annihilation results, that dislocations in Pd start to anneal
at about 400 ◦ C. Annealing in the β phase (Fig. 1(a)) showed no significant
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difference to annealing under vacuum, despite the presence of a high concentration of deuterium. This appears to be at odds with reports that the dislocation
mobility significantly increases with the introduction of hydrogen to the sample
[17], although the amount of dissolved hydrogen is much higher in the present
case.

220

Cycling at increasing temperatures (Fig. 1(c,d)) resulted in a much faster
decrease in dislocation density compared to annealing at the same temperature.
This indicates that the process of phase transformation itself aids in the removal of dislocations. The first three points (all at room temperature) of this
experiment are somewhat unexpected. The sample started with a very high dis-
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location density, but after absorption this decreased significantly. This means
that the number of dislocations created during absorption was significantly lower
than the number removed during this same step. One possible explanation for
this is that the first traversal of the two-phase region in a defect-free sample
creates a much higher dislocation density than subsequent traversals of the two-
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phase region. The subsequent “desorbed” point was in fact still in the absorbed
state, because the kinetics of desorption at room temperature were too slow for
the sample to desorb in the time allowed. Therefore it is hard to make any
conclusions about this data point, although it is surprising that it had a lower
dislocation density than the previous point.
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For cycling at decreasing temperatures (Fig. 1(e,f)), the density of dislocations did not approach that of a sample cycled at low temperature until the
temperature fell below approximately 200 ◦ C, although there was a small but
definite increase in dislocation density at 250 ◦ C. It is interesting to note that
10
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in its initial state, the sample used for cycling at decreasing temperatures still
240

contained a significantly higher dislocation density than the virgin sample did
(Fig. 1(g)). This shows that the ex-situ heating under vacuum for several hours
at 700 ◦ C did not completely anneal the sample.

4. Discussion
The density of dislocations in metal hydrides does not increase with contin245

ued absorption/desorption cycles [3], but reaches a maximum after the first few
cycles. As mentioned earlier, the two possible explanations are that the density
of dislocations saturates (similar to cold worked metals) or that the dislocations
are annealed at approximately the same rate they are created, as proposed by
McKinnon [3]. In the latter case for Pd the dislocations would have to be re-
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moved at much lower temperatures than the 400 ◦ C previously reported for the
annealing of dislocations [11]. The data in Fig. 1 do indeed show that the dislocations started to anneal at much lower temperatures and that the dislocation
density in the cycled sample reduced with increasing temperature even faster
than during annealing in vacuum. The initiation of dislocation annealing at a
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lower temperature is consistent with the authors’ other work [24]. The cycling
results provide evidence that the transformation between the α and β hydride
phases in the PdDx system promoted dislocation removal at lower temperatures
than would normally be required. The significant internal stress at the advancing α–β phase boundary may allow the structure to overcome potential barriers
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which would be too high for thermal fluctuation to overcome. As a result, the
dislocations could be gliding at the interface between the phases as it advances
through the crystal, allowing dislocations to glide to the edge of the grain and
be removed. The advancing phase boundary could therefore allow motion and
removal of dislocations, as well as creating new dislocations. Therefore after a
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number of traversals of the two-phase region, the dislocation density would be
expected to approach a stable value corresponding to that temperature. This is
in fact exactly what is observed in pressure–composition isotherms of palladium
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hydride. This is a significant result because it provides insight into how the
presence of dislocations accommodates the large internal strain and results in
270

lower hysteresis in cycles subsequent to the activation cycle. This does not rule
out the possibility that there may be a saturation effect of the dislocation density, but if this is the case it must be only one part of the picture. The gliding of
dislocations at the front of the phase boundary would then be accommodating
the strain of the phase transformation, resulting in the observed lower hysteresis
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for bulk Pd after the activation cycle, compared to Pd nanoparticles or the first
cycle in bulk Pd.
On cycling at decreasing temperatures the dislocation density only increased
after cycling at 250 ◦ C. This could be because between 250 ◦ C and 283 ◦ C all
dislocations created during the phase transformation were annealed before a
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measurement was taken or because the increase in dislocation density created
was too low to measure. The fact that the initial sample had dislocations present
prior to the experiment would make the creation of low dislocation densities
even harder to observe, so the latter possibility cannot be discounted. It is also
possible that there may be a range of temperatures close to the critical point
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where the lattice parameters of the α and β phases are close enough that the
interface between the phases is coherent, and the hysteresis is purely due to the
coherent strain, with no new dislocations generated.
Although the presence of a small amount of hydrogen is well known to promote dislocation motion [17], annealing under vacuum and in the β phase gave
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very similar results (Fig. 1). There could be several reasons why dislocations
were not observed to anneal any faster in the β phase for palladium hydride.
The investigations of dislocation mobility were founded on softening of metals,
i.e. the increase in dislocation motion with an applied stress. Although the
reduction of the potential barrier for dislocation motion with an applied stress
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should also decrease the temperature required for annealing (since the barrier
is lower compared to kT ), this requires the assumption that annealing proceeds
via the same process as deformation caused by external stresses, which may
not be the case. It was also reported that the softening of the metals in the
12
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presence of hydrogen only applied to the ”high temperature” region, the ab300

solute value of which is specific to the material [17]. It is therefore possible
that the temperatures used in the current experiment may not have resulted in
increased dislocation mobility. The quantity of hydrogen present may also have
an effect on the results. It was reported that when the metal formed a hydride,
no increase in dislocation mobility was observed [17]. It was suggested that this

305

was because plastic deformation caused by the hydrogenation process created
dislocations, obscuring any increase in dislocation mobility, however this was
not conclusive. It is also possible that the small quantity of hydrogen which
may have been trapped in the sample that was annealed under vacuum (since
it was hydrogenated to create dislocations) may have had the same effect on
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dislocation mobility as in the sample annealed in the β hydride phase. This
would therefore have resulted in the same annealing characteristics, both of
which could possibly be enhanced compared to Pd which has not be exposed to
hydrogen.
The results also reinforce the important point made by Buckley et al. [25]
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that the sample history has a significant affect on its microstructure and hysteresis, since the hysteresis is dependant on the microstructure and particularly
the dislocations. This means that all experiments on hysteresis and microstructure must have carefully controlled sample preparation, since a relatively small
change in temperature or a single traversal of the two-phase region can signif-
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icantly change the microstructure (primarily the dislocation density) and the
hysteresis of the material. Comparisons of the plateau pressure of absorption
and desorption are therefore somewhat difficult, since the sample history (of
temperature and cycling) would have to be identical.

5. Conclusions
325

Despite the expectation of higher dislocation mobilities in samples with hydrogen present, the β hydride phase of Pd did not show any significant difference
in annealing characteristics compared with the sample annealed under vacuum.
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It was suggested that this could be owing to the pinning of dislocations by other
defects which are not affected by deuterium, or the sensitivity to deuterium was
330

high enough that the α phase was affected equally due to trapped deuterium.
However, the phase transition did significantly aid in the removal of dislocations,
as shown by the much faster drop in dislocation density in the sample which
was cycled between the α and β phases. It is suggested that the dislocations are
gliding at the front of the advancing phase boundary, resulting in the removal
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of dislocations once the absorption/desorption is complete and the dislocations
have reached the edge of a grain. This allows dislocations to be removed at the
same rate they are being created during cycling. It also provides insight into
how the presence of dislocations accommodates the large internal strain and
results in lower hysteresis in cycles subsequent to the activation cycle, adding to

340

the understanding of the relationship between structure and hysteresis in Pd,
and more generally, in metal hydrides.
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Abstract
In-situ powder diffraction was used to study the annealing of dislocations in the
archetypal hydrogen absorbers Pd and LaNi5 . The relationship between dislocations and trapped hydrogen was explored using thermally induced desorption.
It was found that the dislocations in Pd caused by hydrogen absorption anneal
over a wide range of temperatures and that although they start to anneal below 250 ◦ C, temperatures well above 750 ◦ C are required to fully anneal the
metal. It was shown that allowing further time at lower temperatures does not
further anneal the metal. It is suggested that this is due to dislocation tangling
and pinning, causing different temperatures to be required for different pinning
defects. It was found that hydrogen trapped in LaNi5 is released in a wide
range of temperatures and it was therefore concluded that hydrogen is trapped
in the dislocation strain field and dislocation core as well as vacancies. The
direct comparison of deuterium release and dislocation density showed no correlation, in agreement with previous indirect comparisons. Dislocations in LaNi5
were shown to anneal at temperatures as low as 150 ◦ C, in contrast to previous
reports which suggested more than 500 ◦ C was required. This lower annealing temperature for dislocations at least partly explains why low temperature
ageing increases the pressure hysteresis in hydrogen cycled LaNi5 .
Keywords: Dislocations, hydrogen storage, LaNi5 , palladium
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1. Introduction
Each of the classic hydrogen absorbers studied in this work exhibits a very
high dislocation density after absorption and desorption of hydrogen [1, 2, 3].
This is a common feature of many interstitial metal hydrides and results from the
5

misfit between the α and β hydride phases. The dislocations are created at the
phase boundary as it propagates through the material [1]. The high dislocation
density has been observed by Transmission Electron Microscope (TEM) imaging
[1], neutron diffraction [2, 4] and X-ray diffraction [5, 3, 6]. In some cases the
dislocation density has been reported to be higher than in cold worked metals

10

[7, 2]. Pd and LaNi5 have very different mechanical properties: Pd is ductile,
while LaNi5 is rather brittle. It is therefore expected that, relative to Pd, the
dislocation width in LaNi5 will be relatively large and correspond to a large
volume of strained lattice .
Dislocations can be removed by several processes. They may migrate to the

15

edge of the grain or several dislocations may align to form a new grain boundary.
Externally applied stress can also affect the the movement of dislocations. If the
process of dislocation annealing is activation driven and there is a given activation energy for a particular dislocation type and annealing process, then there
should be corresponding characteristic temperatures at which the dislocations

20

anneal. However, if the dislocations are pinned then the temperature of annealing will depend more on the pinning centres than the dislocation. Given that
there are many different types of pinning centres [8], there may be a spectrum of
activation energies, and therefore temperatures, at which annealing takes place.
The annealing of dislocations in hydrogen cycled Pd was investigated by

25

Sakaki et al. [9] using positron annihilation spectroscopy. They found a significant drop in positron lifetime between 100 ◦ C and 300 ◦ C, which they attributed
to annealing of point defects, and a further decrease in positron lifetime between
400 ◦ C and 650 ◦ C, which was attributed to annealing of dislocations. It was also
suggested that the vacancies migrate to form dislocation loops and microvoids
2
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which only anneal at higher temperatures.
Hydrogen is known to be trapped in many metals and this can lead to effects
such as hydrogen embrittlement. Hydrogen trapping accompanies the dislocation generation in LaNi5 , with about 0.08 H per metal atom (H/M) remaining
after desorption into vacuum at room temperature. A much smaller quantity of

35

hydrogen is trapped in hydrogen cycled Pd. Because of its greater dislocation
width, a dislocation in LaNi5 should affect a large volume of strained lattice
containing many trap sites relative to Pd, which is consistent with hydrogen
cycled Pd having a much smaller quantity of trapped hydrogen. There are several possible sites for hydrogen trapping in metals, mostly involving interactions

40

with defects. Myers et al. [10] reviewed the interaction of hydrogen with defects.
For the example of Pd, hydrogen may be trapped in vacancies, dislocation cores
and in the dislocation strain field, as well as at other sites such as surface traps.
The hydrogen trapping energy for a mono-vacancy is approximately 0.23 eV,
approximately 0.6 eV for a dislocation core, and varies from very small values to

45

several tenths of an eV in the strain field surrounding a dislocation [10]. Given
the interaction of hydrogen with defects, the annealing properties of metals that
have been hydrogen cycled and the resulting trapped hydrogen must be at least
partially linked. Relating the annealing of dislocations (or any particular defect)
to the release of trapped hydrogen is a difficult problem in general because of

50

the significant variation in the trapping energies of the possible trapping sites.
This variation in trapping energies can cause a wide range of temperatures at
which hydrogen will desorb, and so correlating the temperature of hydrogen
desorption with the temperature of dislocation annealing may not be feasible.
Sakaki et al. [11] studied hydrogen-cycled LaNi5 using position annihilation

55

spectroscopy and compared the annealing of vacancies to the release of hydrogen in Temperature Programmed Desorption (TPD) measurements. Their
results suggested that the annealing of dislocations happened at a slightly higher
temperature than the release of trapped hydrogen but that the temperature of
hydrogen release roughly corresponded to the annealing of point defects (such

60

as vacancies).
3
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Kisi et al. [2] also related neutron diffraction results to ex-situ TPD measurements of hydrogen release and noted that the main hydrogen desorption peak
occurred at 500 K (227 ◦ C). However, their published results actually show
that at 227 ◦ C the dislocation density had decreased by approximately 30%
65

and by approximately 83% at 527 ◦ C. A problem with their comparison is that
the ex-situ TPD measurements were taken at a much higher ramp rate than
the diffraction measurement, shifting all spectral features to higher temperature and making the comparison indirect. Kisi et al. [2] carried out an in-situ
neutron diffraction experiment to measure the change in dislocation density (an-

70

nealing) with temperature. It was reported that the most significant change in
dislocation density happens at 800 K (527 ◦ C).
Vacancies are known to have a small effect on peak positions in a diffraction
pattern, but do not typically have an effect on the peak breadth (nor do other
point defects). However, defects can in some cases appear to behave as a differ-

75

ent class of defect [12]. For example defects of the second class can behave as
first class defects if there is a shielding effect and defects of the first class can
behave as though they are second class if they are present in an unusually high
density. The density of vacancies in hydrogen-cycled LaNi5 is reported to be
exceptionally high [11], well above that in thermal equilibrium. However, the

80

effects of vacancies and dislocations are difficult to separate since there is an
overlap in the temperatures at which they anneal and because they typically
occur under similar circumstances.
This investigation aimed to analyse the dislocation annealing kinetics in Pd
using in-situ X-ray diffraction and authoritatively correlate the annealing of

85

dislocations and the release of trapped hydrogen in LaNi5 by simultaneously
carrying out TPD and in-situ neutron diffraction.

4
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2. Materials and Methods
2.1. Dislocation broadening
The early work of Krivoglaz [13] provided a theoretical basis for a physical
90

dislocation line broadening model. This was applied to hexagonal crystal systems by Klimanek and Kužel [14] and put into a form appropriate for Rietveld
refinement by Wu et al. [15]. Peak broadening due to microstrain is modelled
using a Voigtian peak shape with the FWHM given by H = S tan θ, where S
is the microstrain parameter. In the model published by Wu et al. [15] the

95

parameter S becomes a function of the dislocation density ρ, the orientation
factor χ, and the dislocation distribution parameter M which is related to the
range of the strain field. In the case of cubic crystals there is also the parameter
η which is related to the nature of the dislocations. The orientation factor χ
is a function of the Miller indices and is different for each dislocation slip sys-

100

tem and crystal symmetry. Formulae for the orientation factor were published
by Klimanek and Kužel [14], which are referred to by subsequent publications
[16, 2, 6, 4, 14]. However, there are significant discrepancies between plots of the
orientation factor in the literature and so the calculations in this report use the
formulae directly from Klimanek and Kužel [14]. This resulted in dislocation

105

densities which were significantly lower than those reported in the literature.
The density of dislocations in hydrogen cycled LaNi5 was reported by Wu
et al. [4] to be 4.8 × 1012 cm−2 , based on an incorrect burgers vector, resulting in
a reported density that was too high by a factor of nine [17]. Accounting for this
difference, the dislocation density would be 5.3 × 1011 cm−2 . Other reported

110

values (all determined using in-situ neutron diffraction) are 3.8 × 1011 cm−2

(Černý et al. [6]) and 5.8 × 1011 cm−2 (Kisi et al. [2]). However the current
authors were not able to reproduce the plots of the orientation factor used in
these reports. The dislocation density for deuterium cycled LaNi5 calculated in
this work is ≈50 times lower.

5
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2.2. Palladium
The Pd sample was Goodfellow Pd powder with 99.95% purity and 150 µm
maximum particle size. The sample used had been previously cycled with deuterium. A high dislocation density was ensured by first hydrogenating at room
temperature using 22 bar applied hydrogen gas pressure in a custom Sieverts
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apparatus, leaving under pressure for 2 hours, then desorbing by evacuating. It
was then maintained under dynamic vacuum for approximately 14 hours to ensure complete desorption of diffusible hydrogen, leaving only trapped hydrogen.
The sample was then loaded onto a flat plate sample holder and measured on
a PANalytical Empyrean XRD (Ag Kα source, divergence slits set to 1/8◦ ) with
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an Anton Paar non-ambient furnace. The furnace was evacuated and aligned
prior to the measurements. An initial diffraction pattern was collected from
the as-prepared sample at room temperature for 2 hours. The sample was then
heated to 250 ◦ C for 24 hours while repeatedly collecting diffraction patterns
for 2 hours each. This procedure was repeated at 500 and 750 ◦ C. After cooling

130

to room temperature the sample was not fully annealed (as indicated by the
diffraction pattern) and so the annealing procedure was subsequently repeated
at 1000 ◦ C. Rietveld refinements were carried out using Topas Academic [18].
The anisotropic dislocation model mentioned above was used to fit the profiles,
using a Gaussian function in preference to a full Voigtian because it reduced the

135

number of parameters while providing a sufficient fit to the data. There was
no requirement for the additional information provided by a more sophisticated
profile function. The parameter η was constrained to 1.88 as reported previously
[4]. The refined dislocation parameter is proportional to the dislocation density
[15, 4].
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An ex-situ Thermal Desorption Spectroscopy (TDS) experiment was carried
out on Pd for comparison with the above annealing experiment. TDS measures
species-resolved desorption (with a mass spectrometer), while TPD (used below)
indicates desorption measured as total pressure (with a vacuum sensor). A piece
of Pd foil 5 mm square was used. The same preparation was used as for the
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XRD experiment. A high dislocation density was ensured by using the same
6
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preparation procedure described above for the diffraction measurement. The
sample was loaded into a custom TDS apparatus, which was specifically designed
to accurately measure the solubility, diffusivity and trapping of hydrogen in
materials at ppm levels [19]. It was then maintained under dynamic vacuum for
150

approximately 14 hours to ensure complete desorption of diffusible hydrogen.
The sample was heated at a ramp rate of 2 ◦ C/minute, while measuring the
partial pressures of the gasses released with the mass spectrometer.
2.3. LaNi5
LaNi5 powder from Santoku Corporation was hydrogenated and then des-

155

orbed using a custom Sieverts apparatus. TPD measurements were then performed with a ramp rate of 1 ◦ C/min. The sample was only evacuated for a
very short time (<3 min) after desorption before starting the temperature ramp.
The rate of hydrogen release was measured by an MKS 925 MicroPirani vacuum
pressure gauge, calibrated to H2 flow rate.

160

For the in-situ neutron diffraction experiment, diffraction patterns were collected on HRPT (High Resolution Power diffractometer for Thermal neutrons)
at the Paul Scherrer Institut, Switzerland [20] at a neutron wavelength of 1.494
Å. Santoku LaNi5 powder was loaded into a 7 mm ID stainless steel sample cell
and fully deuterated by applying deuterium gas pressure using a custom Sieverts

165

gas handling apparatus and evacuated to desorb. The sample was then heated
at 150 ◦ C for approximately 5 hours, with a diffraction pattern collected during
the final hour. This was repeated in 50 ◦ C temperature steps up to 400 ◦ C.
The deuterium release was simultaneously measured using the equipment and
method described above. The diffraction data were analysed with Topas Aca-
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demic [18] using the anisotropic dislocation broadening model mentioned above.
As the sample was never fully annealed (the cell was not rated to high enough
temperature), a reference pattern for a fully annealed material was not possible.
Some parameters were therefore constrained to obtain a stable and realistic refinement. The percentage of dislocations with basal slip planes was constrained

175

to 10% and the parameter M constrained to 1.8. These values are based on
7
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previous literature reports [2, 6].

3. Results
3.1. Palladium
X-ray diffraction patterns from the in-situ annealing of Pd are shown in Fig.
180

1. The second pattern and the last pattern at each temperature are shown to
compare the changes over time at constant temperature. The second pattern at
each temperature was used rather than the first to ensure the sample had reached
thermal equilibrium. The fitted dislocation parameter, which is proportional
to the dislocation density, is shown in Fig. 2. This shows that even at the

185

lowest temperature of 250 ◦ C the sample reached a significantly lower dislocation
density compared to room temperature. This agrees with the authors’ earlier
work[21]. Interestingly the dislocation density did not continue to decrease over
24 hours at this temperature; a steady state was reached during the first 2hour period. At 500 ◦ C the dislocation density decreased to approximately a

190

quarter of that of the initial cycled sample. At this temperature there was some
continued annealing with time, but at an extremely low rate (approximately
10% over 24 hours). At 750 ◦ C the dislocation density again dropped, this
time with obvious continued annealing with time, although still at a very low
rate. The data at 1000 ◦ C were difficult to fit because the sample sintered,

195

which significantly increased its packing density and resulted in the sample no
longer being flush with the top of the sample holder. This change in sample
position and shielding of the sample from the beam by the sample holder wall
at low angles had a significant effect on the peak positions, intensities and peak
shape. The positions and intensity were corrected as well as possible in the

200

Rietveld analysis, but it was not possible to adequately correct for the peak
shape. Therefore the dislocation density parameter at this temperature is less
reliable. The sintering of the sample also made it impossible to obtain a high
quality diffraction pattern at room temperature after annealing.

8
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Figure 1: X-ray diffraction patterns for the initial hydrogen-cycled Pd sample and during subsequent annealing. The sequence letters indicated correspond to the second and last pattern
collected at each temperature.
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Figure 2: Dislocation density parameter for Pd (a) obtained from X-ray diffraction as a
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Figure 3: TDS measurements on Pd carried out ex-situ at a heating rate of 2 ◦ C/min.
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Figure 4: TPD measurements on LaNi5 carried out ex-situ at a heating rate of 1 ◦ C/min.

The ex-situ TDS measurements of the trapped hydrogen in Pd are shown
205

in Fig. 3. Essentially all the hydrogen was released below 150 ◦ C, whereas the
greatest decrease in dislocation density occurred after heating to 500 ◦ C. This
establishes that for hydrogen cycled Pd there is no direct correlation between
hydrogen release and dislocation annealing.
3.2. LaNi5

210

Figure 4 shows the results of the ex-situ TPD measurement for LaNi5 . Hydrogen desorption both starts and finishes at lower temperatures than reported
previously [11, 2], which is expected given the much slower temperature ramp
used in the current study (1 ◦ C/min used here, while [11] used 12 ◦ C/min for
TPD and 120 ◦ C/min for TDS). However, the hydrogen release started at about

215

40 ◦ C, whereas previous reports suggested that hydrogen was not released until
approximately 150 ◦ C [11, 2], although TDS measurements suggested that small
amounts of hydrogen were released just above room temperature [11]. This can
partly be explained by the difference in temperature ramp rates and partly by
the initiation of the temperature ramp within 3 min of placing the sample un11
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Figure 5: LaNi5 TPD measurements made simultaneously to in-situ neutron diffraction.
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Figure 6: Dislocation density in hydrogen-cycled LaNi5 measured using neutron diffraction,
compared with the results of Kisi et al. [2], normalised to the initial value at room temperature.
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220

der vacuum in our study. Therefore if some of the hydrogen would have been
released at room temperature, but with very slow kinetics, it would not have
had the chance to do so before the start of the temperature ramp. This may
have added to the hydrogen release at relatively low temperature. The TPD
profile shows a single, very broad peak for hydrogen desorption, rather than the

225

distinct but heavily overlapped two peaks observed previously [11, 2].
The stepped TPD measurements obtained during the in-situ annealing experiment are shown in Fig. 5 and the corresponding dislocation densities are
shown in Fig. 6, normalised for comparison. The dislocation density of cycled LaNi5 was calculated to be 8.8 × 1010 cm−2 . The trend of the dislocation
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density during annealing was very similar to that observed by Kisi et al. [2], although the numerical values are different for the reasons given in the Materials
and Methods.
The in-situ TPD measurements shown in Fig. 5 indicate that after heating
to 150 ◦ C a large amount of deuterium was released from the sample, but that

235

after subsequent temperature steps significant further amounts were released.
Noting the logarithmic vertical axis, a straight line indicates an exponential
decay with time of the deuterium release rate, which in turn implies a constant
probability per unit time of detrapping.
There is no obvious correlation between the dislocation density (Fig. 6) and
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the release of deuterium (Fig. 5). This agrees with the conclusion of Kisi et al.
[2], despite the different temperature ramp rate used.
An attempt was made to observe any broadening in the in-situ neutron
diffraction patterns of LaNi5 which may have been associated with vacancies.
However, given that dislocations anneal at a lower temperature than previously

245

thought (probably overlapping with the vacancy annealing temperature) and
that the dislocations with basal slip system cause almost isotropic peak broadening, it was not possible to distinguish any broadening which could not be
explained by dislocations. Peak broadening due to vacancies in hydrogen cycled
metals has not been reported in the literature.
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4. Discussion
The annealing results for hydrogen cycled Pd show that (i) the dislocations
do not anneal at a single temperature and (ii) at any given temperature some
of the dislocations will anneal relatively quickly but no further dislocation annealing will happen until the temperature is increased. The dislocations in fact
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anneal over a wide range of temperatures, indicating that there is a range of
activation energies. Hence there is no characteristic temperature for the annealing of dislocations in hydrogen cycled Pd. This is unsurprising, since the
annealing of dislocations is often dependent on the defects that are pinning the
dislocations and the interactions of the defects with the dislocations, rather than
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the energies of the dislocations themselves [8]. This contradicts the conclusion
of Sakaki et al. [9] that dislocations anneal above approximately 400 ◦ C and
that at lower temperatures it is vacancies and vacancy clusters that anneal.
Dislocations in fact anneal from a very low temperature, although at these low
temperatures it could be that dislocations are being pinned by vacancies or other
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point defects and so become mobile at the same temperatures as these defects.
It is also possible that there is a high vacancy concentration which anneals at
lower temperatures and may not be observed in the diffraction data. The TDS
measurements showed that all the trapped hydrogen is released below 200 ◦ C.
There is therefore no direct correlation between the dislocation annealing and
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the hydrogen release, implying that it cannot only be trapped hydrogen pinning
the dislocations.
The previously reported temperature for the initiation of dislocation annealing in LaNi5 based on positron lifetime studies (800 K , 523 ◦ C) [11, 22] appears
to be much too high. Although Kisi et al. [2] reported that dislocations anneal
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at 800 K (523 ◦ C) based on neutron diffraction, their results for the dislocation
density show the same trend as our results (Fig. 6), with a decrease in dislocation density of about 30% by 227 ◦ C and 83% by 527 ◦ C. However, temperatures
well over 500 ◦ C are nevertheless required for complete annealing of LaNi5 .
It has been reported that very low ageing temperatures affect the plateau
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pressure and pressure hysteresis in LaNi5 [23]. This was unexpected, since it
was thought that dislocations did not anneal below approximately 500 ◦ C and it
was therefore suggested that the annealing of vacancies may affect the pressure
hysteresis [23]. However, given our demonstrations that dislocations start to
anneal at much lower temperatures, down to at least 150 ◦ C, this result is
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much less surprising. It was, however, reported that even extremely low ageing
temperatures (45 ◦ C) had a small but measurable effect on the hysteresis [23].
Given that only a very small reduction in dislocation density was observed at
150 ◦ C, it is unlikely that a difference in hysteresis after heating to 45 ◦ C would
be due to dislocations, so this aspect remains to be understood.
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Sakaki et al. [11] calculated that the vacancy concentration in hydrogen
cycled LaNi5 was between 10−3 and 10−1 , well above the equilibrium vacancy
concentration in metals at the melting point which is between 10−5 and 10−4 .
However, the calculations were based on the incorrect density of dislocations in
hydrogen cycled LaNi5 of 4.8 × 1012 cm−2 calculated by Wu et al. [4]. The
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dislocation density for deuterium cycled LaNi5 found in the present work is ≈50
times lower. This means that the dislocation density used by Sakaki et al. [11] to
calculate the vacancy concentration was too high by 1-2 orders of magnitude and
therefore the calculated vacancy concentration was correspondingly too high.
It has been proposed that the trapped hydrogen/deuterium sits in vacancies,
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partially stabilising the vacancies and therefore allowing for the unusually high
vacancy concentration in hydrogen cycled metals [10]. Given that there is no
characteristic temperature for hydrogen release and therefore no single activation energy, there must be range of trapping sites for hydrogen. Therefore the
hydrogen cannot be trapped only in mono-vacancies. The roughly exponential
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decrease with time of the deuterium release rates in Fig. 5 indicate that a narrow range of trap energies is explored at each temperature in the stepped TPD
sequence, with the probability per unit time of escaping the trap ideally proportional to the slope of the line. The different behaviour above 300 ◦ C is consistent
with a different type of trap. Sakaki et al. [11] reported that the vacancies were
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di-vacancies and higher order vacancy clusters and that the annealing temper15
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ature of the di-vacancies correlated with the release of trapped hydrogen. The
wide range of temperatures at which deuterium was released in the in-situ annealing (Fig. 5) suggests that although there may be deuterium in di-vacancies,
there must also be other trapping sites. The quantity of trapped hydrogen in
315

LaNi5 is approximately 0.08 H/M [24] and so it is also unlikely that it would
be possible for all of the trapped hydrogen to lie in vacancies, since that would
require a vacancy concentration on the order of 10−1 . Given the high density of
dislocations and the wide variation of trapping energies for various trapping site
in dislocation strain fields and cores, it is highly likely that a significant amount

320

of hydrogen is trapped in and around the dislocations. This does not imply
that the release of trapped hydrogen should occur at the same temperature as
the annealing of the dislocations, although the trapped hydrogen in or around
a dislocation would not persist after the annealing of the dislocation.

5. Conclusions
325

It was found that dislocations in Pd anneal over a wide range of temperatures
and that, although they start to anneal at very low temperatures (<250 ◦ C),
temperatures well above 750 ◦ C are required to fully anneal the metal. It was
shown that allowing further time at lower temperatures does not further anneal
the metal. This important result provides information about the annealing
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process of dislocations created during hydrogen cycling. We postulate that
dislocation tangling and dislocation pinning may be the reason for this wide
range of temperatures in which dislocations will anneal, although this cannot
be due to trapped hydrogen, since there was no direct correlation between the
temperature range within which trapped hydrogen was released and the much
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wider range over which dislocation annealing occurred.
It was found that hydrogen trapped in LaNi5 is released in a wide range of
temperatures, implying a range of trapping energies and probably a range of
trap types. It appears that hydrogen is trapped in sites within the dislocation
strain field and dislocation core as well as in vacancies in relatively unstrained
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340

lattice. Direct comparison of released deuterium and dislocation density showed
that there is no correlation between temperatures of dislocation annealing and
deuterium release. This was also true of trapped hydrogen in Pd. Therefore the
conclusions from previous indirect comparisons are confirmed to be correct.
Dislocations in LaNi5 were shown to anneal at temperatures as low as 150 ◦ C.

345

This is in contrast to previous reports which suggested that temperatures over
500 ◦ C were required. However, the dislocation annealing plot follows the same
trend as that previously reported, despite different conclusions about the annealing temperature. This lower annealing temperature for dislocations at least
partly explains why low temperature ageing increases the pressure hysteresis in

350

hydrogen cycled LaNi5 .
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[3] R. Černý, J.-M. Joubert, M. Latroche, A. Percheron-GuFgan, K. Yvon,
Anisotropic diffraction peak broadening and dislocation substructure in

365

hydrogen-cycled LaNi5 and substitutional derivatives, J. Appl. Crystallogr.
33 (2000) 997–1005.
17

Kinetics of dislocation annealing and the effect of trapped hydrogen, investigated
with in-situ diffraction
83

[4] E. Wu, E. H. Kisi, E. MacA. Gray,

Modelling Dislocation-Induced

Anisotropic Line Broadening in Rietveld Refinements Using a Voigt Function. II. Application to Neutron Powder Diffraction Data, J. Appl. Crys370

tallogr. 31 (1998) 363–368.
[5] E. Wu, E. MacA. Gray, D. Cookson, Synchrotron powder diffraction line
broadening analysis of dislocations in LaNi5 –H, J. Alloys Compd. 330-332
(2002) 229 – 233.
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Chapter 7
Re-examination of the critical
point of the palladium–deuterium
system using in-situ neutron
diffraction

7.1

Introduction

The critical point of a binary system is usually defined in terms of the chemical
potential:
∂ 2µ
∂c2

=0

(7.1)

ccritical

at the critical concentration. In practical terms, the two phases present coalesce
at the critical point so that at high temperature and pressure, the phase transformation becomes continuous.
Historically, the critical point in the palladium–hydrogen system had been determined to be 308 ◦ C by measuring lattice parameters of the α and β phases
and extrapolating to where they coalesce [1]. This should be an accurate way to
86
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determine the critical point of the system. However, a subsequent measurement
of the critical point based on a thermodynamic analysis of pressure-composition
isotherms resulted in a temperature of 291 ◦ C [2]. This time the critical point
was determined as the extrapolation of where the isotherm slope at the inflexion
point goes to zero. This method should also be sound, although since it does not
directly observe the microstructure, it is susceptible to differences caused by unknown microstructural effects. We therefore designed an experiment to accurately
remeasure the critical temperature using in-situ neutron diffraction. An attempt
was also made to determine the temperature at which dislocations began to be
created, so as to prove the relationship between critical behaviours and hysteresis.
A minor splitting of diffraction peaks was observed, even at temperatures well
above the previously published critical point. This splitting was at first attributed
to the critical temperature being much higher than previously thought. The difference in this temperature compared to the temperature previously determined
using diffraction was explained as a result of the much higher resolution of the
newer diffraction instrument, which was able to observe smaller splitting of the
diffraction peaks from a supposed single phase.
However, deeper analysis revealed a problem: close to the critical point the isotherm
slope becomes very flat, resulting in the composition (and therefore lattice parameters) having a very high sensitivity to pressure and temperature. It therefore
appeared that our data might be explained as the result of a temperature gradient
in the sample causing the observed splitting of the lattice parameter. We had
been very careful to check for a temperature gradient, but the check was done
using the pure metal, so the sensitivity to temperature was purely due to thermal
expansion.
Ultimately, a very careful analysis suggests that, accounting for temperature gradients, there there is no evidence that critical temperatures determined from diffraction and thermodynamic analysis are different. The following draft manuscript has
not yet been submitted for publication.
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Abstract
An in-situ neutron diffraction experiment was performed to re-determine the critical point at
which the α and β phases in palladium hydride coalesce. Pressure–composition isotherms were
executed at various temperatures between 281 and 379 ◦ C while measuring diffraction patterns
with the High Resolution Powder Diffractometer (HRPD, ISIS, Rutherford Appleton Labs, UK),
to determine at what temperature the sample becomes single phase. In contrast to the only previous
measurement, using x-ray diffraction, the critical point was found to be in agreement with the value
of 283 ◦ C previously determined by thermodynamic analysis of pressure–composition isotherms.
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I.

INTRODUCTION

A two-phase system may possess a critical point, beyond which (in temperature/pressure)
the two phases are indistinguishable. Thus a path exists between the distinguishable lowtemperature/-pressure phases, via the supercritical region of the phase diagram, that is
continuous in the sense of not crossing a phase boundary. The critical point is a thermodynamic parameter of fundamental importance, both as to its actual value and as to our
understanding of the structures involved.
Criticality as a concept, on the other hand, relates to the disappearance of the abrupt
transformation between the phases and is thus fundamentally defined in terms of the distinguishability of the phases via their crystal structure.
The Pd–H2 system exhibits criticality owing to the miscibility gap between the pure
dilute α (solid-solution) and concentrated β (hydride) phases. The phase transformation
exhibits hysteresis in the sub-critical region of the phase diagram, meaning irreversibility
of the path between two states of a thermodynamic system. The typical experimental
manifestation of hysteresis is location of the desorption isotherm lower in hydrogen pressure
than the absorption isotherm. Criticality and hysteresis thus both relate (in this context)
to the coexistence of two phases as a consequence of the α – β transformation. Executing
the transformation such that its path passes below the critical point, (Tc , Pc ), necessitates
traversing the two-phase region. This path will exhibit hysteresis if the phase transformation
does. Conversely, a path between the pure α and β phases through the supercritical region
should reveal just one smoothly evolving phase and be reversible in detail. Disappearance of
hysteresis with increasing temperature is therefore expected as the path between the α and β
phases becomes supercritical. The origin of hysteresis in the Pd–H2 system is uncertain, but
its disappearance as the temperature increases has been assumed to indicate the merging of
the α and β phases, i.e. the onset of supercriticality.
The earliest diffraction study with x-rays confirmed structurally distinct α and β hydride
phases and that these phases retain the basic structure of the metal [1]. An in-situ x-ray
structural investigation by Maeland and Gibb [2] revealed that above 308 ◦ C the hydride
was single phase and below 308 ◦ C there were two hydride phases, both with the same basic
structure as Pd itself, but with differing lattice parameters. This critical temperature was
said to be within error of the temperature at which hysteresis was then believed to disappear
2
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[2]. Later, however, Wicke and Blaurock [3] performed a systematic investigation of pressure–
composition isotherms around the critical point by thermogravimetry and concluded that
the critical point was at the much lower temperature of 291 ◦ C for the Pd–H2 system (and
283 ◦ C for Pd–D2 ), thus raising a question about the true critical temperature. These
temperatures were proposed to be the true critical points. The question remains as to which
approach was more valid.
This paper presents the results of an experiment to locate the critical temperature of
the Pd–D2 system using high resolution in-situ neutron diffraction, aiming to resolve this
discrepancy. Our results are compared with the thermodynamics – based results of Wicke
and Blaurock [3]. This comparison confirms that the critical temperature determined by
diffraction lies close to that determined by Wicke and Blaurock [3] from thermodynamic
analysis of isotherms.

II.

MATERIALS AND METHODS

The sample used was Goodfellow Pd powder with 99.95% purity and 150 µm maximum
particle size. The sample was loaded into a 10 mm ID custom stainless steel neutron cell with
a working pressure of 100 bar. It was annealed under vacuum for approximately 12 hours
at 500 ◦ C in the sample cell to minimise the concentration of defects such as dislocations
and vacancies which may have been in the commercially prepared metal powder. This is
the ”virgin” sample, ready for experimentation.
Time-of-flight (TOF) neutron diffraction patterns were collected in-situ on the High Resolution Powder Diffractometer (HRPD) at the ISIS spallation source, Rutherford Appleton
Laboratory, UK. The backscattering detector bank of HRPD was used because of its higher
resolution. The diffractometer peak shape was measured using CeO2 and the time-of-flight
was calibrated to d-spacing using NIST 640c. Deuterium (D, 2 H1 ) was used in place of
H because it has a much lower incoherent scattering cross section and a higher coherent
scattering cross section than H.
A custom Sieverts gas handling apparatus was used to apply D2 pressure to the sample
and measure its D content. A diffraction pattern for the virgin sample was collected at room
temperature. Pressure–composition isotherms were executed at temperatures from 341 ◦ C
up to 379 ◦ C in roughly 10 ◦ C steps and then 321 ◦ C down to 281 ◦ C in roughly 20 ◦ C steps.
3
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Downward steps in temperature were made at the lowest temperatures because the incoherent α–β phase transformation is accompanied by dislocation generation. For a coherent
phase boundary the misfit strain is accommodated elastically, whereas an incoherent phase
boundary cannot be accommodated elastically and so causes plastic deformation. Dislocations generated during the incoherent phase transformation result in a broadening of the
diffraction peaks. This strategy ensured that the sample stayed relatively dislocation-free,
and that the diffraction peak breadth reflected the particle size and spread in lattice parameter rather than strain, until the transformation became incoherent. A thermocouple just
above the sample was calibrated to the true sample temperature using the lattice parameter
of pure palladium and the thermal expansion data from Arblaster [4], described in detail
elsewhere [5].
Diffraction patterns were collected for at least 1 hour in order to obtain data with adequate
statistics for reliable Rietveld profile refinement. Rietveld refinement was carried out with
Topas [6].

III.

RESULTS

Figure 1 shows the 111 neutron diffraction peak for increasing pressures at a sample
temperature of 379 ◦ C, nearly 100 ◦ C above the critical temperature reported by Wicke and
Blaurock [3]. The reduction in 111 peak intensity with applied deuterium pressure reflects
the deuterium taking up octahedral sites in the Pd lattice [7]. While there is no obvious
peak splitting, which suggests that the sample is single-phase, the peaks are broadened at the
highest applied pressures. The increased breadth could arise either in a physical mechanism
operating on single peaks (dislocations, smaller crystallite size, or inhomogeneity owing to
fluctuations in local D concentration, i.e. critical scattering), if there were two un-broadened
peaks from phases with very similar lattice parameters, or if there was a temperature gradient
in the sample.
The peak breadth in the middle of the range of d-spacings increased with decreasing
temperature of the isotherms. Figure 2 shows the 111 peaks for an isotherm at 361 ◦ C,
revealing a greater broadening, but still no clear peak splitting. Note that the peak breadth
first increases as the deuterium pressure (and thus deuterium content) increases, but reaches
a maximum and then decreases. This is consistent with the existence of a narrow two-phase
4
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FIG. 3. Evolution of 111 diffraction peaks at T = 341 ◦ C during absorption isotherm. Note the
strongly broadened peaks at 72 and 78 bar D2 pressure.

region, appearing in the diffraction pattern as overlapping un-broadened peaks from two
coexisting phases with very similar lattice parameters.
At 341 ◦ C, the peaks in the middle of the d-spacing range at about 2.30 Å were further
broadened (Fig. 3). These broadened peaks have an unusual peak shape that cannot be
represented by a Voigtian peak shape. Given that dislocation broadening ranges between
approximately Gaussian and Lorentzian and can be fairly well represented by a Voigtian
[8], dislocations can be discounted as the origin of this broadening. This level of broadening
requires high resolution to observe it and was much less obvious in data from the 90-degree
detector bank.
At 321 ◦ C these peaks were even broader (Fig. 4). A Voigtian function does not satisfactorily fit the 111 peak, however the convolution of a rectangular top-hat function with a
Gaussian fitted well, providing strong evidence of a continuous distribution in the lattice parameter (Supplementary Information, Fig. 4). Elastic accommodation between two phases
with similar lattice parameters could cause this broadening.
The peaks at 301 ◦ C and 281 ◦ C were unambiguously split, indicating decomposition into
6
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FIG. 4. Evolution of 111 diffraction peaks at T = 321 ◦ C during desorption isotherm. Note the
apparent doublets at 56–60 bar D2 pressure.

distinct α and β phases (Supplementary Information, Fig. 1 & 2).
The peaks at 379 ◦ C and 70 bar (dilute hydride) and 301 ◦ C at 85 bar (concentrated
hydride) were fitted and found to have the same peak shape as the virgin sample. This
shows that once the sample was fully hydrided, its peaks returned to the same as the initial
sample and it was only around the critical concentration that there was any broadening.
The 379 ◦ C 104 bar diffraction pattern fitted, with Lorentzian function convolved with
the peak profile of the initial sample (Supplementary Information, Fig. 6). However, this
profile did not fit the peak. Given that critical fluctuations have a characteristic Lorentzian
profile [9], this result implies that the peak broadening observed here is not owing to critical
fluctuations.
To reveal any trend in the peak splitting/broadening, a Rietveld refinement was carried
out for all diffraction patterns down to 301◦ C using the peak profile of the initial sample
convolved with a top-hat function. The width of the top-hat is then a measure of the spread
of lattice parameters. In some cases the top-hat convolution did not fit the peak shape
particularly well (as some peaks are highly asymmetric), however even in these cases it
7
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FIG. 5. Phase separation as measured by the width of the hat convolution in units of absolute
lattice parameter shift as a function of lattice parameter for varying temperature, along with the
pseudo-Voigt (PV) fit at each temperature.

still accurately captures the extent of the lattice parameter spread. A Rietveld refinement
with two phases was attempted, however it was not possible to adequately fit the observed
profile, either for high or low temperature data. The top-hat width was then plotted against
the lattice parameter for the different temperatures, as shown in Fig. 5. These data were
fitted using a pseudo-Voigt function. The height of the pseudo-Voigt is the maximum spread
of lattice parameters. Shown in Fig. 6 is the maximum lattice parameter spread plotted
against temperature, along with the difference in lattice parameters between the α and β
phase for the measurement at 281 ◦ C and 36 bar (since the peaks were well separated a
top-hat convolution was not appropriate). The data of Maeland and Gibb [2] were also
plotted for comparison. Taken at face value, these results suggest that the critical point lies
significantly above 283 ◦ C.
8
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FIG. 6. Maximum lattice parameter separation/spread as determined by heights of the fits to
curves in Fig. 5 alongside the data of Maeland and Gibb [2].

9

Re-examination of the critical point of the palladium–deuterium system using
in-situ neutron diffraction
98
IV.

DISCUSSION AND FURTHER ANALYSIS

The significant elastic accommodation observed in the medium temperature data is unusual for two phase systems. However a similar phenomenon was observed by Zabel and
Peisl [10], where they saw macroscopic density modes in niobium. Although they observed
the greatest effect on bulk samples (disks), they also observed a significant effect in powders. Whether the effect seen in this report is the same as was observed by Zabel and Peisl
[10] is not clear, however similar diffraction pattern broadening was observed under similar
circumstances.
To decide on the real critical temperature, we considered the possibility of critical scattering, observed as broadening of the diffraction profile around the critical point owing to
critical fluctuations. The first explanation of this effect was made by Ornstein and Zernike
[11], which was based on the a lattice gas model. In the Ornstein and Zernike [11] approximation (valid for small q) the small-angle diffraction profile is a Lorentzian function. Given
that what happens at the origin of reciprocal space is repeated at Bragg peaks [12], it is not
expected that the broadening observed here reflects critical scattering because a Lorentzian
function did not fit the peak profile. Furthermore, the strength of critical scattering typically
drops off rapidly with temperature difference from Tc (over a few ◦ C or in some cases 10-20
◦

C [13, 14]), which is not observed in the current study.
The extrapolation of our lattice parameter difference/spread in Fig. 6 suggests an es-

timation of Tc as that temperature where the spread goes to zero. However, a deeper
consideration of the effects of a temperature gradient in the sample allowed us to reconcile
the diffraction results with the thermodynamic results, as follows.
There was a temperature gradient in the sample. This gradient may have been too small
to observe as a lattice parameter shift owing to thermal expansion (our initial approach
to checking this point), but the composition, and therefore the lattice parameter, is very
sensitive to temperature changes near the critical point, as a result of the flatness of the
isotherm.
To test if a temperature gradient could explain the observed data, a calculation using
small change approximations was done to estimate the temperature gradient required to
cause the peak splitting observed in the diffraction data (Fig. 7).
The slopes of the isotherms are plotted in Fig. 8.
10
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FIG. 7. Isotherms with lines showing the slope of the isotherms at the inflexion point. The slopes
were determined graphically. The lines between the data points are cubic splines.

To calculate the effect of a small temperature gradient, the sensitivity to temperature
of the lattice parameter (related to composition) must be calculated. This means that one
part of the sample will be on an isotherm corresponding to temperature T , while another
part of the sample will be on an isotherm corresponding to temperature T + ∆T . Since the
system is open, the pressure at all points in the sample must be the same. A diagram of
this is shown in Fig. 9. So let’s say the sample is at point A on the isotherm at temperature
T and lattice parameter (related to composition) a. If another part of the sample is then at
temperature T + ∆T , this would result in a log pressure increase of ∆ ln P if it remained at
the same composition (point B in Fig. 9). Since it is an open system the pressure must be
the same, therefore the sample must travel down the isotherm by an amount corresponding
to ∆ ln P and ∆a to point C. Note that the sample is actually in a static state, the point B
is just for the purpose of the calculation.
The pressure change ∆ ln P can be calculated by using a van’t Hoff plot, shown in Fig.
10. The equation of the line for the van’t Hoff plot is given by
ln P = M

1
+C
T

(1)

where the slope is M = −3738 (ln[bar] ·T ) and C is a constant. To calculate the change we
11
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FIG. 8. Slopes of the isotherms

use
d(ln P )
∆T
dT
1
= −M 2 ∆T
T

∆ ln P =

(2)
(3)

The lattice parameter change to bring the sample back down the isotherm to the pressure
P is given by the slope of isotherm at the temperature T , which we assume is linear over a
small change and is approximately equal to the slope at the inflexion point. Therefore
∆ ln P = sT ∆a

(4)

where sT is the slope of the isotherm at temperature T (given in Fig. 8). Equating equations
3 and 4 and solving for the temperature change gives
∆T =

T2
sT ∆a
−M

(5)

Entering numbers for the 321 ◦ C isotherm, the width of the top-hat convolution is ∆a =
12
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FIG. 9. Diagram of calculations. The effect of a small temperature difference is to move onto an
isotherm corresponding to temperature T + ∆T and then move down in composition until the same
pressure is reached.

0.018154 Å, and T = 594 K, s594 = 3 ln[bar]/Å, M = −3738 ln[bar]·K
∆T =



(594 K)2
3 ln[bar]/Å 0.018154 Å
−(−3738 ln[bar] · K)

= 5.14 K

(6)
(7)

This is the width of the temperature gradient, the difference between the maximum temperature and minimum temperature in the volume of the sample investigated by diffraction, to
cause the lattice parameter spread observed near the critical composition.
The test for a temperature gradient mentioned in section II was carried out using a
virgin sample under vacuum. The lattice parameter spread in this case is only due to
thermal expansion of palladium. Arblaster [4] lists the thermal expansion coefficient at 600
K (327 ◦ C) as α = 13.76 × 10− 6 K−1 . Therefore the lattice parameter spread due to thermal
expansion that would have been present in the temperature gradient test carried out under
vacuum is
∆a = α∆T a
= 0.00028 Å
13

(8)
(9)
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FIG. 10. Van’t Hoff plot for palladium. The pressures are taken at a = 3.98 Å

A simulated pattern can now be plotted showing the effect of this lattice parameter spread
(Supplementary Information, Fig. 5). The difference line is invisibly small when viewing the
full peak profile and can only be seen by zooming in. This difference would not be resolvable
in our experimental data, showing that a temperature gradient of 5.14 K would not be
detectable in our test for temperature gradients in the virgin sample. This makes sense,
since the lattice parameter spread is on the same order as our lattice parameter uncertainty
and lattice parameter accuracy is much better than peak shape accuracy. According to these
calculations, the relatively flat plateau near the critical point leads to the lattice parameter
being more sensitive to temperature gradients by approximately a factor of 70 compared
to just thermal expansion. Therefore the explanation of our observations as the result of
temperature gradients is very plausible.
The temperature gradient (equation 7) required to explain the lattice parameter spread
was then calculated for all temperatures measured. If this explanation is consistent, the
temperature gradient should be similar or, more accurately, increase proportionately to the
temperature relative to room temperature. This is shown in Fig. 11, where the calculated
temperature gradient is constant, within the accuracy of the measurements.
14
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FIG. 11. Calculated temperatures required to explain the lattice parameter shift at all temperatures
measured.
V.

CONCLUSION

The sensitivity of the composition and lattice parameter to temperature gradients in
the pericritical region is a serious problem for determining the critical point directly by
diffraction. To carry out a reliable experiment, the temperature would have to be accurately
controlled through the entire sample to at least an order of magnitude better than appears
to have been achieved in this experiment. The accuracy of the measurements by Maeland
and Gibb [2] may also have been affected by temperature gradients. This could potentially
explain the discrepancy between the critical temperature they reported of 308 ◦ C and the
critical temperature of 291 ◦ C determined by taking pressure composition measurements
[3]. Further investigation is required to conclusively determine whether the critical point
determined from diffraction measurements is the same as that obtained from thermodynamic
analysis of isotherms. However, accounting for temperature gradients, there there is no
evidence that the critical point determined from diffraction measurements is not within
error of that obtained from thermodynamic analysis of isotherms.
15
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Chapter 8
Summary, Conclusions and
Future Work

8.1

Summary

In this work three main topics relating to pressure hysteresis in metal–hydrides
were investigated. The first related to dislocation removal during hydrogen cycling
and the link between dislocations and the accommodation of strains during the
phase transformation. The second related to the temperature and dynamics of dislocation annealing and the release of trapped hydrogen, and how these phenomena
relate to the change in hysteresis observed after annealing at only slightly elevated
temperatures. The third topic was the identification of the critical temperature in
the palladium–hydrogen system from a structural perspective.
Dislocations are created in the first traversal of the two-phase region in hydrogen
cycled palladium (and metal–hydrides in general). However, what happens to the
dislocations subsequent to the first cycle was not entirely clear. Since dislocations
and hysteresis appear to be closely linked, it is important to understand whether
dislocations remain, are removed, or are continually created in continued cycling.
Therefore an experiment was carried out to measure the density of dislocations
while annealing in the β phase, annealing under vacuum, and hydrogen cycling at
106
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increasing and decreasing temperatures (Chapter 5). The reason for annealing in
the β phase was because it has been reported that dislocation mobilities increase
when hydrogen is present. The dislocation density was measured using high resolution in-situ neutron diffraction. It was found that annealing under vacuum
and annealing in the β phase produced the same result. It was suggested that
this could be owing to the pinning of dislocations by other defects which are not
affected by deuterium, or the sensitivity to deuterium was high enough that the
α phase was affected equally due to trapped deuterium. However, the dislocation
density decreased much faster with temperature when the sample was hydrogencycled. Therefore the phase transformation significantly aids in the removal of
dislocations from the sample. It is suggested that the dislocations are gliding at
the front of the advancing phase boundary, resulting in the removal of dislocations
once the absorption/desorption is complete and the dislocations have reached the
edge of a grain. This allows dislocations to be removed at the same rate they are
being created during cycling. It also provides information about how the presence
of dislocations accommodates the strain during the phase transition, reducing the
pressure hysteresis after the first cycle.
Understanding the annealing of dislocations is important for understanding hysteresis, since hysteresis is affected by dislocations. It is also important from an
experimental point of view, because if the sample is annealed before starting an experiment, it is important to know that it will be fully annealed. The link between
trapped hydrogen and dislocations is also important, since annealing of the dislocations may be dependant on the trapped hydrogen (or vice versa). The experiment
reported in Chapter 6 was completed to investigate the kinetics of dislocation annealing and the link to trapped hydrogen. In-situ powder diffraction was used to
study the annealing of dislocations in palladium and LaNi5 . Trapped hydrogen
was investigated using thermally induced desorption. It was found that the dislocations in palladium start to anneal below 250 ◦ C, but that they anneal over a wide
range of temperatures and that well over 750 ◦ C is required for complete annealing.
It was also found that after a temperature increase in the annealing program, the

Summary, Conclusions and Future Work

108

dislocation density dropped within 2 hours and that extended time at that temperature did not result in further annealing. It is postulated that this is because
the dislocations are pinned by other defects, causing different dislocations, which
are pinned by different defects, to anneal at the different temperatures. However,
it cannot be trapped hydrogen pinning the dislocations, since there was no correlation observed between the temperatures of hydrogen release and the temperatures
of dislocation annealing. Hydrogen trapped in LaNi5 was found to anneal over a
wide range of temperatures, implying a range of trapping energies. Given this,
and the quantity of hydrogen trapped in LaNi5 it is suggested that there is a large
amount of hydrogen trapped in strain fields surrounding dislocations. A direct
comparison of the released deuterium and the annealing of dislocations showed
no correlation in the temperatures required. Therefore, the results from previous
indirect comparisons were confirmed to be correct [1]. Dislocations in LaNi5 were
found to start to anneal as low as 150 ◦ C, well below the temperature of 500 ◦ C
previously reported. This discrepancy in the temperature required for removal of
dislocations is largely due to Kisi et al. [1] reporting the temperature at which
the largest decrease in dislocation density was observed, while in the context of
changes to the pressure–composition diagram the temperature at which annealing
starts is more important. This lower annealing temperature for dislocations at
least partly explains why low temperature ageing increases the pressure hysteresis
in hydrogen cycled LaNi5 .
The location of the critical point in the palladium–hydrogen system is important
for understanding hysteresis. The critical point between the α and β hydride
phases has been reported in the literature, but for palladium–hydride there was
a discrepancy of approximately 17 ◦ C between the temperatures determined from
the slopes of the isotherms [2] and that measured directly by x-ray diffraction [3].
Therefore an experiment was carried out to measure the critical temperature using in-situ neutron diffraction on a high resolution state-of-the-art diffractometer.
Peak splitting was observed at temperatures well above the previously reported
critical temperature, which was initially interpreted as a higher critical temperature. However, a deeper analysis determined that the peak splitting observed
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was most likely owing to a temperature gradient in the sample causing a large
composition (and therefore lattice parameter) variation as a result of the flatness
of the isotherm near the critical temperature. This means that the observed peak
splitting was effectively a measurement artefact, rather than a splitting into the α
and β phases. There is the possibility that temperature gradients may have also
affected the critical temperature of 308 ◦ C previously reported in the literature [3],
which may explain the discrepancy between the reported critical temperatures. As
closely as can be determined at present, the thermodynamic and crystallographic
approaches do produce the same answer for the critical temperature of palladium–
hydride. Further investigation should be carried out on this topic, since a consistent understanding of the critical temperature is pivotal to understanding pressure
hysteresis.
Significant work was also done to reconcile the variously erroneous calculations in
the literature of the dislocation density using diffraction. It was found that many
authors had made mistakes implementing the orientation factor for anisotropic dislocation broadening, which resulted in incorrect dislocation densities calculated.
The anisotropic dislocation broadening model was implemented in Topas Academic.

8.2

Conclusions

This project provided key insights into how lattice defects and pressure hysteresis
are linked. The result that dislocations are removed during the phase transformation in palladium has a number of important conceptual consequences. Firstly, it
means that there must be continued dislocation generation in extended cycling,
since the dislocation density remains roughly the same in this case. Secondly,
it provides insight into how the dislocations affect pressure hysteresis. It is proposed that the dislocations glide at the front of the advancing phase boundary,
which accommodates the lattice strain. This allows the phase transition to take
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place without the barrier that is present in the defect free metal, resulting in the
absorption pressure being well below the upper spinodal pressure.
Dislocations in hydrogen-cycled LaNi5 were found to start to anneal at approximately 150 ◦ C, well below the previously reported 500 ◦ C. This may, at least
partially, explain the reports that hysteresis increases detectably after low temperature annealing.
The dislocations in palladium were found to anneal rapidly at temperatures at
least as low as 250 ◦ C, but only to a some degree and that extended annealing
time did not further anneal the dislocations. Once the temperature was increased,
the same thing happened, some of the remaining dislocations annealed rapidly, but
extended annealing time did not anneal the sample any further. It was suggested
that the dislocations must be pinned by defects with different energies, causing a
spectrum of annealing temperatures.
The above three results can be interpreted together. If dislocations are gliding at
the advancing phase boundary are the primary decider of the degree of hysteresis, it
follows that the dislocation density must have a significant effect on the hysteresis.
This means that any sample which has been heated, or cycled, may result in a
different plateau pressure.

8.3
8.3.1

Future Work
Critical Temperature of Palladium Hydride

As addressed in Chapter 7, there is a discrepancy in the critical temperatures
reported in the literature for palladium hydride. The direct measure measurement
of the phases by x-ray diffraction resulted in a critical temperature of 308 ◦ C
[3], while the measurement based on the pressure–composition isotherms gave
a temperature of 291 ◦ C [2]. In this project it was attempted to measure the
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critical temperature of palladium deuteride more accurately using a state-of-theart neutron diffraction instrument. However, it was found that even relatively
small temperature gradients (in this case 5 K) in the sample cause the peaks to
split, obscuring any true phase separation.
This experiment should be repeated, with highly accurate temperature control
(both spatial and temporal) of the sample to avoid the problem encountered in
this project. It is suggested that the temperature variation in the sample should
be less than 0.5 K, although even lower would be preferable.

8.3.2

Coherency Near the Critical Temperature in Palladium Hydride

The phase transition in bulk palladium hydride from α phase to β phase is incoherent, with a high dislocation density created during hydrogenation [1]. However,
for small nano-particles near their critical temperature, this transition becomes
coherent [4]. Therefore it is possible that there is also a temperature range near
the critical temperature for bulk palladium where the phase transition proceeds
coherently.
The suggested experiment would be to hydrogen-cycle palladium, starting at the
critical temperature and slowly decreasing the temperature. After each traversal
of the two-phase region the sample would need to be measured to detect any
dislocations formed during the phase transition.
To carry out this experiment it would be necessary to detect plastic deformation
(primarily dislocation generation) with great sensitivity. It is unlikely that diffraction methods could be used, since the the measured dislocation density is more
accurate for high dislocation densities [5]. Possibly techniques are Transmission
Electron Microscopy (TEM) or Differential Scanning Calorimetry (DSC). In both
cases the experiments would need to be in-situ, have great sensitivity be required,
as well as working under hydrogen gas pressure at elevated temperatures. There
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may be other measurement techniques for detecting dislocations with a high sensitivity and future work should review and select a technique appropriate for the
level of sensitivity required and the experimental conditions necessary.

8.3.3

First Cycle Plateau Pressures

The absorption pressure is much higher on the first cycle than it is on the second
cycle. It would be of interest to repeat the calculations of Griessen et al. [4] for
bulk palladium using the first traversal of the two-phase region. There has been
very little research on the plateau pressure of the first traversal of the two-phase
region, where the first traversal is desorption. This requires the sample to be
heated above the critical temperature to complete the absorption, and then cool
back below the critical temperature. This way the sample can be prepared in the
β phase without having been through the two-phase region and therefore be free
from dislocation. It is expected that the plateau pressure for both absorption and
desorption in the first traversal of the two-phase region will be much closer to full
spinodal hysteresis than a pre-activated bulk sample. This could also be carried
out for LaNi5 , although desorption would not be possible because the alloy is not
stable at high temperatures and therefore it is not possible to carry out absorption
above the critical temperature.

8.3.4

First Cycle Dislocation density

It was seen in Chapter 5 that the first dislocation density measurement after a single traversal of the two-phase region had a very high dislocation density, and that
it subsequently dropped when it was cycled without changing the temperature.
It was suggested that there could be a higher dislocation density created in the
first traversal of the two phase region than the following steady state dislocation
density. This would then mean that the subsequent cycles would in fact lower the
dislocation density compared to the first cycle.
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An experiment should be designed specifically to test this. Powder diffraction is
the best method to measure this, since the dislocation density is very high, which
is optimal for powder diffraction but difficult for other methods.
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Appendix A
Instrumentation

A.1

HRPT neutron diffractometer

HRPT (high resolution diffractometer for thermal neutrons) is a constant wavelength neutron diffractometer at the Paul Scherrer Institute (PSI) in Switzerland
on the SINQ spallation neutron source [1]. It is designed to be a flexible instrument for powder diffraction studies, achieving high resolution (δd/d < 0.001) by
utilising high monochromator and sample scattering angles. Figure A.1 shows the
instrument. By selecting angles and reflections of the Ge monochromator, the
neutron wavelength can be varied between 0.94 Åand 2.96 Å. Large 3 He position
sensitive detectors (PSD) are used to simultaneously collect data over a 2θ range of
160◦ with an angular resolution of 0.1◦ . The detectors can also be positioned using
the air cushions to allow for the collection of data in intermediate positions, increasing the available precision. An oscillating radial collimator is used to remove
Bragg peaks from sample environments (furnaces, cryostats, magnets, etc.).
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Figure A.1: HRPT

A.2

HRPD TOF neutron diffractometer

HRPD (High Resolution Powder Diffractometer) is a time-of-flight (TOF) neutron
diffractometer at the ISIS spallation neutron source, Rutherford Appleton Laboratories, UK. The instrument has three detector banks, as shown in Fig. A.2. The
backscattering detector bank provides the maximum resolution of δd/d ∼ 4 × 10−4
which is effectively constant over the wide d-spacing range available. The diffractometer also has 90◦ and 30◦ detector banks which extend the available d-spacing
range and also provide higher count rates allowing for faster collection times when
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Figure A.2: Schematic plan view of the HRPD detector configuration [2]

the highest resolution is not necessary. The liquid methane moderator provides
a neutron beam with a maximum wavelength of 10-12 Å, allowing measurements
out to 5-6 Å with the backscattering detector bank and beyond 20 Å using the
lower angle detector banks (albeit at the lower resolution).

A.3

PANalytical Empyrean XRD

The research group has a PANalytical Empyrean x-ray diffractometer with a silver (Ag) source. The silver source produces an x-ray wavelength of 0.5592 Å
(22.17 keV). The high energy radiation is attenuated less, allowing samples with
a high electron density (high atomic number atoms) to be used in transmission
(Debye Scherrer) without excessive attenuation, which would not be possible with
a lower energy radiation. The XRD has exchangeable sample stages, a flat plate
sample stage, a capillary spinner and an Anton Paar furnace (which has both capillary and flat plate sample stages). The furnace allows in-situ measurements at
temperatures up to 1200 ◦ C and can operate under vacuum, air or various gas atmospheres. It is fitted with a X’Celerator 1D solid state detector, has an elliptical
focussing mirror for capillary applications and programmable divergence slits for
Bragg–Brentano geometry.
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Figure A.3: 300 bar rated Sieverts apparatus used in this project.

A Sieverts style absorption measurement apparatus was used for hydrogen uptake
and release measurements. This is a slightly updated version of the instrument
described previously [3]. The instrument is designed for TPD (temperature programmed desorption) measurements (described below) and manometric hydrogen
uptake measurements (described elsewhere [3, 4]).
The instrument has a needle (restricting) valve added to the vacuum line, with a
MKS 925 MicroPirani vacuum pressure gauge attached on the vacuum side of the
needle valve (Fig. A.3). This allows temperature programmed desorption measurements to be carried out, where a sample is heated at a constant temperature
ramp and the gas release measured on the vacuum gauge as a function of temperature. The vacuum gauge pressure was calibrated to H2 flow rate by putting a
given hydrogen pressure into the system, as measured with a pressure transducer,
leaking the hydrogen past the vacuum gauge using the needle valve and calculating
the flow rate from the pressure drop in the system (which has a known volume).
A similar measurement apparatus to that described here was used for experiments
carried out at international neutron facilities.
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Appendix B
Topas macros for anisotropic
dislocation broadening

B.1

Description

Below is the code used to implement the anisotropic broadening model of Wu et al.
[1]. The macros were only implemented for the E1 and E2 edge dislocation slip
systems for the hexagonal crystal, since these were what was required for LaNi5 .

B.2

Topas Macro Code

1

macro tdis_ffunc(Mdparam) {

2

’ f of M as defined by Wu et al 1998

3

(-0.173*Ln(Mdparam+1) +7.797*Ln(Mdparam+1)^2 -4.818*Ln(Mdparam+1)^3 + 0.911*Ln(Mdparam+1)^4)

4

}

5

macro tdis_ComplErr(xc) {

6

’ complex error function w(-ixc)

7

(Exp(xc^2) * (1 - 2/Sqrt(Pi)*(xc - xc^3/3 + xc^5/10 - xc^7/42 + xc^9/216)))

8

}

9

macro tdis_M (yd) {

10

’ M as defined by Wu et al 1998, using my fit to their data.

11

Exp(-0.16675 + 0.77904*Ln(Sqrt(4*Ln(2))/(2*yd)) + 0.13447*Ln(Sqrt(4*Ln(2))/(2*yd))^2 + 0.08325*Ln(Sqrt(4*Ln(2))/(2*yd))^3)

12

}

13

macro tdis_y (Td,Jd)

14

{

15

’(Sqrt(C0d)/2*Jd/Sqrt(Td))

16
17

(Sqrt(Ln(2))*Jd/Sqrt(Td))
}
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18

macro tdis_parameters(Td, Jd, ydv, Mdv, densityv)

19

{

20

tdis_parameters(Td, Jd,, ydv,, Mdv,, densityv)

21

}

22

macro tdis_parameters(Td, Jd, yd, ydv, Md, Mdv, density, densityv)

23

{

24
25

#m_ifarg yd ""

26

#m_unique_not_refine yd

27

#m_endif

28

#m_ifarg Md ""

29

#m_unique_not_refine Md

30

#m_endif

31

#m_ifarg density ""

32

#m_unique_not_refine density

33

#m_endif

34

prm yd = tdis_y(Td, Jd); : ydv

35

prm Md = tdis_M(yd); : Mdv

36

prm density = tdis_density(Td, Jd, yd); : densityv

37
38

}

39

macro tdis_density(Td, Jd, yd)

40

{

41

((Td/180^2*Pi^2 * 10^4) * Pi/(4*Ln(2)*tdis_ffunc(tdis_M(yd))*tdis_ComplErr(yd)^2))

42
43

’Phod in 10^12 cm^-2
}

44
45
46

macro tdis_aniso_hex_1100(nud,Td,Jd)

47

{

48

local !mud = 0.25 * (1-nud)^(-2);

49

local !Ad = 5/2 - 6*nud + 4*nud^2;

50

local !Bd = 3 - 8*nud + 8*nud^2;

51

local !Cd = 0.5 - nud + nud^2;

52
53

’ dependant variables

54

local Zd = 1.5*Get(a)/Get(c);

55

local Hd = H^2 + H*K + K^2;

56

local Sigmad = H^2 + K^2 + Id^2 + Zd*L^2;

57

local Id = -(H+K);

58
59

’ Slip system dependent equations

60

local bd = Get(a);

61

local chid1100 = bd^2*Hd^2*(7-15*nud+10*nud^2)/(mud*Sigmad^2);

62

gauss_fwhm = Sqrt(Td*chid1100)*Tan(Th);

63
64

lor_fwhm = Jd*Sqrt(chid1100)*Tan(Th);
}

65
66

macro tdis_aniso_hex_0001(nud,Td,Jd)

67

{

68

local !mud = 0.25 * (1-nud)^(-2);

69

local !Ad = 5/2 - 6*nud + 4*nud^2;

70

local !Bd = 3 - 8*nud + 8*nud^2;

71

local !Cd = 0.5 - nud + nud^2;

72
73

’ dependant variables

74

local Zd = 1.5*Get(a)/Get(c);

75

local Hd = H^2 + H*K + K^2;

76

local Sigmad = H^2 + K^2 + Id^2 + Zd*L^2;

77

local Id = -(H+K);

78
79

’ Slip system dependent equations

80

local bd = Get(a);

81

local chid0001 = bd^2*(1.5*Ad*Hd^2 + Bd*Zd*L^2*Hd + Cd*Zd^2*L^4)/(mud*Sigmad^2);

82

gauss_fwhm = Sqrt(Td*chid0001)*Tan(Th);
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Topas macros for anisotropic dislocation broadening
83

lor_fwhm = Jd*Sqrt(chid0001)*Tan(Th);

84
85

}
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Topas macros for anisotropic dislocation broadening
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Re-examination of the critical point of
the palladium–deuterium system using
in-situ neutron diffraction
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Figure 1: Evolution of 111 diffraction peaks at T = 301 ◦ C during desorption isotherm. Note
the doublets with distributed d-spacing between 46 and 48 bar D2 pressure.
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Figure 2: Evolution of 111 diffraction peaks at T = 281 ◦ C during the desorption isotherm.
Note the distinct peaks from the α phase (2.28 Å) and β phase (2.31 Å) at 36 bar D2
pressure and the significantly broader peak at 38 bar.
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Figure 3: Full Rietveld fit to the diffraction profile at T = 321 ◦ C and 58 bar deuterium pressure.
The masked out peaks (where the calculated intensity is below the pattern) are from
the stainless steel sample cell.
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Figure 4: Full Rietveld fit to the diffraction profile at T = 321 ◦ C and 58 bar deuterium pressure,
zoomed in on the 111 peak. This shows that although the top-hat convolution does
not accurately describe the peak shape, it does accurately capture the width of the
peak.
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Figure 5: Simulated diffraction patterns showing the effect of a temperature gradient of 5.14 K.
blue is a calculated pattern of the virgin material and red is a calculated pattern of
the virgin material with a top-hat convolution corresponding to a 5.14 K temperature
gradient. Top: zoomed out, bottom: zoomed in to show small change in the different
line.
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Figure 6: Full Rietveld fit to the diffraction profile at T = 379 ◦ C and 104 bar deuterium
pressure, zoomed in on the 111 peak (as above), without the top-hat convolution but
with a Lorrentzian convoluted into the peak shape. This does not fit the peak, as
evidenced by the difference line, which is typical of peak shape misfits. This shows
that critical scattering is not the cause of the broadening.
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Experimental and theoretical study of compositional inhomogeneities in
LaNi5Dx owing to temperature gradients and pressure hysteresis,
investigated using spatially resolved in-situ neutron diffraction
Shahrzad S Mohammadshahi, Timothy A Webb, Evan MacA Gray and Colin J Webb*
Queensland Micro- and Nanotechnology Centre, Griffith University, Nathan 4111, Brisbane,
Australia

Abstract
An in-situ neutron investigation of the spatial variation in hydride composition of
LaNi5 after a single absorption pressure step was performed. Compositional
inhomogeneities are formed due to the strong temperature gradients created by the
rapid absorption process coupled with the pressure and temperature hysteresis of the
metal–hydrogen interaction. The hydride fraction of LaNi5 in a cylindrical cell was
mapped using the ENGIN-X stress/strain instrument and quantitative phase analysis
performed using the Rietveld technique. The experimental results are compared to
predictions of a 3D multiphysics model solved by the software package COMSOL.
The good agreement achieved demonstrates the suitability of this model for
optimisation of metal hydride tank systems.
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in-situ neutron diffraction; Multiphysics; metal hydride; compositional inhomogeneities; large aliquot
effect
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Introduction
The increasing development of renewable energy
supply systems, with an inherent sporadic output
which is often dependent on weather conditions,
such as photovoltaic and wind energy, requires the
development of energy storage systems [1]. A
hydrogen-based storage system has the potential to
store excess energy as hydrogen during high output
periods and supply energy when the direct output
drops below demand with the use of fuel cells [2-4].
To do this, the hydrogen must be stored until
required.
Hydrogen storage research has been extensive, with
a focus on vehicular applications [2, 5, 6]. For
stationary applications however, such as smoothing
the intermittent supply of renewable energy sources,
requirements such as high gravimetric and
volumetric capacities are less important [7]. Solid
state hydrogen storage in hydrides and complex
hydrides at moderate pressures is a safer and often
cheaper and more convenient storage system than
pressurised or liquefied gas, and a number of metal
hydride (MH) tank systems have been built or
proposed [4, 8-10].
Hydrogen absorption by metal hydrides is an
exothermic reaction, in some cases with quite high
formation enthalpies [11]. As the temperature of the
metal hydride bed rises, so does the equilibrium
pressure of the material, necessitating higher
pressures to maintain the absorption process, or
removal of the heat to allow absorption at the initial
applied pressure. The converse applies during
desorption where the material cools and requires the
addition of heat to maintain the release of hydrogen
[12]. Thus for practical storage tanks, heat
management is a significant issue and there have
been many types of heat management systems
designed for MH storage tanks [13-17].
The development and testing of new tank
heating/cooling systems, particularly for medium to
large scale tanks, is expensive and modelling offers
a way to explore novel designs as well as to optimise
parameters for a particular design. It is therefore
important that such models accurately predict the
pressure, temperature and reacted hydride fraction,
2
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both spatially and temporally. Testing the models
under different operating conditions where the
outcomes have been experimentally observed is a
crucial part of the continuing improvement of MH
tank models.
If sufficient hydrogen to hydride a significant
fraction of the metal alloy in a MH tank is released
into the tank over a short time interval, then during
the hydrogen absorption the heat released in the
exothermic reaction, coupled with the typically poor
effective thermal conductivity of the metal hydride
powder, leads to temperature gradients in the MH
bed [18]. Although an active cooling system may be
in effect, only those parts of the bed closest to the
heat exchange system are effectively cooled. Any
cooled, unreacted metal will absorb hydrogen faster
than hotter regions due to the lower equilibrium
pressure, leading to greater absorption where the
material is actively cooled and corresponding less
absorption where the material is at a higher
temperature. Consequently, there will be a spatial
variation of the reacted fraction (proportion of the
bed that is hydride) throughout the tank [18, 19].
In the absence of hysteresis, and provided the
isotherm exhibits a relatively flat plateau, as the
material proceeds towards thermal equilibrium the
low reacted fraction areas that are cooling will start
to absorb more, lowering the pressure such that the
high reacted fraction areas will release some
hydrogen and ultimately the spatial inhomogeneity
will disappear. Hysteresis occurs where the
equilibrium pressure for a given composition or
reacted fraction is different depending on the history
of the reaction, typically observed as the plateau
pressure of a pressure-composition-temperature
(PCT) isotherm lying at a lower pressure for
desorption than for absorption. This means that for a
given temperature, a higher pressure is required for
the system to absorb than is required for hydrogen
release. Hysteresis is a well-known phenomenon in
metal hydrides [7, 12], although the exact origins are
still uncertain.
In the case of a metal hydride that demonstrates
hysteresis and is subjected to rapid hydrogenation,
the spatial variation of reacted fraction caused by
temperature inhomogeneities does not disappear
even after thermal equilibrium has been reached.
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This is because those areas which have a substantial
reacted fraction do not release hydrogen because the
pressure has not dropped below the equilibrium
pressure for desorption. There is then insufficient
pressure for further absorption for the unreacted
areas even though they have cooled and, therefore,
the spatial inhomogeneity is maintained [20].
A consequence of this is that measurements of the
pressure-composition isotherm for a common
intermetallic such as LaNi5 can yield very different
results depending on the magnitude of the pressure
step applied to the sample [21]. Compositional
inhomogeneities due to temperature excursions was
predicted and observed by Pons and Dantzer [18].
The effect was reviewed by Gray, et al. [20] where it
was found that the primary cause of this difference,
termed the "large aliquot effect", derives from the
temperature gradients in the sample in conjunction
with hysteresis. Kisi and Gray [19] observed a
difference in the average reacted fraction for a small
sample using neutron diffraction by masking out the
centre of the neutron beam. This qualitatively
indicates the spatial variation of reacted fraction in
LaNi5, but does not give quantitative information
that would be suitable for modelling of large scale
hydrogen storage tanks. Gray [22] obtained a
neutron diffraction pattern for LaNi5 after a single
absorption step which shows substantial peak
broadening due to averaging over the mix of phases
in the sample. This is reproduced in Fig. 1 and
compared to a diffraction pattern for the same
uptake, but approached in small steps approximately
isobarically. Currently no spatially resolved
experimental
data
on
the
compositional
inhomogeneities in medium scale storage systems
exists against which to test the capability of the
different models.

3

Fig. 1 – Neutron powder diffraction patterns for LaNi5D~3.6
(approximately the middle of the α + β two-phase region)
measured on HRPD at ISIS (UK). Grey: pattern after pseudoisobaric absorption steps. Black line: after a single isochoric
step. A wide distribution of lattice parameters is apparent.
Reproduced with permission from [22]

In this study, LaNi5 alloy in an aluminium sample
cylinder cooled at the top and bottom was injected
with deuterium gas in a single pressure step to
produce an average reacted fraction of the alloy of
approximately 0.5. After thermal equilibration the
composition of the sample was mapped using
spatially resolved neutron diffraction to determine
the variation in composition. A 3-D multiphysics
model for this material and experimental tank design
undergoing a single step absorption was solved
using COMSOL Multiphysics 4.3 to assess the
capability of the commonly-used FEA model by
comparison with the experimental data.

Experimental arrangement
A custom cylindrical aluminium (Al 6061) sample
cell, of 1 mm wall thickness, 18 mm ID and 60 mm
height with a stainless steel top was used (see Fig 2).
The cell was rated to 55 bar at room temperature,
with water from a constant temperature water bath
circulating through copper blocks attached to the top
and bottom of the cell to actively control the sample
temperature.
The
sample
cell
contained
approximately 45 g of commercial LaNi5 from The
Japan Steel Works, Ltd. A custom manometric gas
handling instrument similar to [23] was used to
apply D2 gas pressure to the sample. The sample was
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first activated by applying approximately 30 bar D2
pressure with the water bath temperature set to 50
°C, then subsequently desorbed. The sample was
then cycled twice more to ensure that all of the
sample was activated and that the decrepitation that
occurs with the initial hydriding [12] was largely
complete. For this cycling, the water bath
temperature was set to 23 °C for absorption and 50
°C for desorption for increased kinetics. For the
neutron diffraction experiment, with the water bath
temperature set to 23 °C, sufficient D2 gas was
prepared in a reference volume so as to result in the
sample having a composition of approximately
LaNi5D3.3 (50% reacted fraction) when applied to the
sample in an isochoral step. The single pressure step
was applied as fast as possible so as to achieve
significant temperature gradients in the sample. The
sample was left for approximately 8 hours to allow
the sample to reach thermal equilibrium and
remained in this state for all the diffraction
measurements. The low temperature of 23 °C was
deliberately chosen to reduce the likelihood of
permanent formation of the ɣ phase [24].
Neutron diffraction Measurements
Neutron diffraction measurements were taken in-situ
on the Engin-X diffractometer at the ISIS spallation
neutron source, Rutherford Appleton Laboratories,
UK. Through use of the detector collimators and by
masking the incident neutron beam, it is possible to
observe a small element (gauge volume) in the MH
bed while excluding the Bragg reflections from the
cell [25]. The hydride composition of the element
(reacted fraction) can be determined from the
analysed diffraction pattern since the lattice
parameters are different for α-phase LaNi5-D (solid
solution) and β-phase (hydride). Translation of the
cell allows for a mapping of the composition of the
material throughout the MH bed.
The first set of measurements were performed using
the 3 mm detector collimators and 3 mm horizontal
and vertical beam slits, giving a 3×3×3 mm3
measurement volume. The measurements were taken
incrementally in the z-direction for points near the
edge of the cell (r=7.68 mm), starting at z=2 mm
(lowest position) and proceeding in steps of 3 mm
up to z=41 mm. This was the highest measurement
4
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position possible for all beam sizes without the
neutron beam striking the bolts at the top of the
sample cell. This vertical scan of measurement
points was repeated at radial values of r=3.93 mm
(approximately halfway along the radius) and r=0
mm (centre of the cell). To save time, only every
second point in the centre of the cell at high z values
was measured.
To achieve higher resolution in the z-direction in the
lower part of the cell, the vertical beam collimation
was reduced to 1.5 mm (3×3×1.5 mm3 measurement
volume) and four vertical points measured starting at
z=0.75 mm in steps of 1.5 mm. This was done for
both the edge (r=7.68 mm) and the half radius
(r=3.93 mm).
For higher resolution in the radial direction, the
detector collimators were changed to 2 mm. The
horizontal beam slits were set to 2 mm and the
vertical beam slits set to 8 mm (2×2×8 mm3
measurement volume). The larger vertical beam size
was possible due to the slow change in composition
in the z-direction and was made to reduce the time
required for each measurement. Five scans were
taken for points at r=7.6 mm to r=0 mm in steps of
1.9 mm, at vertical positions of z=26 mm (middle)
and z=40.55 mm (upper). The vertical beam
collimation was reduced to 4 mm (2×2×4 mm3
measurement volume) and the same radial scan
performed at z=5 mm (lower). These beam position
are shown in Fig. 2. The reason for shortening the
vertical beam slits for the scans at the lower was
because of the greater change in composition in the
z-direction close the bottom of the cell.
The data were analysed with Topas Academic [26]
using the Rietveld method to perform quantitative
phase analysis (QPA), giving the percentage of the
sample in the hydride phase (β phase) in the
measurement volume of the diffractometer, which is
used to calculate the reacted fraction. All parameters
were constrained to achieve a stable and realistic
refinement.

Model
A 3D multiphysics model described and applied to a
MH tank system previously [27, 28] was used and
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The assumptions listed below are normally
employed in metal hydride models and have also
been used in this model [27]:
1. The compression work and viscous
dissipation are negligible
2. Any injected gas pressure distributes
instantly throughout the system
3. The local thermal equilibrium is valid and
radiative heat transfer is negligible
4. The tortuosity and dispersion terms can be
modelled as diffusive fluxes
5. Both gas and solid have the same
temperature (local thermal equilibrium)
6. Thermal and physical properties of the bed
are not dependent on bed temperature or
concentration in the bed.

z
Stainless Steel
Aluminium
body

Upper

MH

solved using COMSOL Multiphysics 4.3. In this
model, the conservation laws for heat and mass flow
are used together with thermodynamic and kinetic
equations appropriate to the metal hydride material.
Due to the symmetry conditions of the sample cell,
the computational domain was chosen as half of the
cylinder around the z-axis. This is shown in Fig.2.
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r

Fig. 2 – The sample cell design showing the two-dimensional
axisymmetric computational domain used in the COMSOL
software package and the centre of the beam positions used for
radial scans.

Initial conditions
Initially, the sample and temperature-regulated cell
are in thermal equilibrium, so the temperature of the
system is assumed to be equal to the coolant
temperature.
For ease of computation, we start the model of the
absorption process at time t=0 s with an initial
pressure of 31 bar in the cell and a reacted fraction
of zero (no hydride).
Boundary conditions
The wall of the cell is impervious and under
adiabatic conditions, meaning there is no mass and
energy flow from or into the tank from the sides.
The symmetry boundary condition around the z-axis
is valid and the temperature of the base and top of
the cell is taken to be constant at the coolant
temperature:

Results and discussion
Time evolution of the average reacted fraction
and gas properties
Based on the manometric uptake measurements,
after the reaction had finished the sample had an
5
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overall composition of LaNi5D3.18. Since the
maximum deuterium uptake of LaNi5 is LaNi5D6.6,
this corresponds to approximately 50% of capacity
as intended.
An initial test of the model is provided by a
comparison of the pressure and average reacted
fraction in the bed, as a function of time after the
deuterium is admitted to the cell. These are shown in
Fig. 3. The experimental determination of the
reacted fraction is provided from the recorded
pressure and temperature measurements together
with knowledge of the volumes and the equation of
state for deuterium [29]. Reasonable agreement
between the experimental and numerical results can
be observed, although the model predicts a slightly
quicker response than shown by the experimental
measurements.

Fig. 4 ‒ Temporal evolution of temperature in the sample cell
from the model and as measured.

Compositional inhomogeneities
The diffraction patterns for each position of the
neutron beam in the sample were analysed and the
reacted fraction was determined. An example
diffraction pattern is shown in Fig. 5.
α-111
β-004

β-112
α-201
β-104

β-201

α-002
α-200

ϒ phase
β-200

β-202

Fig. 3 ‒ Average reacted fraction and pressure during
absorption: model calculations (line) and manometric
experimental results (points).

The temperature in the centre of the bed was
measured using a K-type thermocouple and recorded
during the experiment. Fig. 4 shows the recorded
and the calculated temperature of the centre of the
cell during absorption and after reaching thermal
equilibration. It is difficult to estimate both the
volume sampled by the internal thermocouple and
any time lag that occurred while the temperature was
changing, which makes comparison difficult.

Fig. 5 ‒ Sample diffraction pattern for a volume of 2x2x8 mm at
r=5.7 mm and z=40.55 mm. This element is approximately half
alpha and half beta phase. Small peaks consistent with gamma
phase have been identified, but not fitted.

The figure shows a diffraction pattern of a volume
element close to the top of the cell which was
approximately half reacted (alpha 47%, beta 53%).
There is some evidence of the gamma phase [24]
and these peaks have been identified in the figure,
but these were not fitted.
As described earlier, three longitudinal (z-direction)
scans at different radial positions were made with a
3×3×3 mm measurement volume over the length of
the cell and two more longitudinal scans at 3×3×1.5

6
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mm close to the lower of the cell. In addition, two
radial scans were taken with a measurement volume
of 2×2×8 mm at the middle and top of the cell and
another radial scan of 2×2×4 mm was performed
close to the bottom of the cell. The results of the
analysed diffraction patterns for the reacted fraction
for the longitudinal scans, together with the model
results, are shown in Fig. 6. The radial composition
for model and experiment is shown in Fig. 7.
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near where it is cooled at the cell wall (r=7.6 mm),
while remaining unreacted in the middle of the cell
(r=0 mm). As the LaNi5 starts to absorb, heat is
released causing the sample temperature to increase.
At the wall of the aluminium cell much of this heat
is removed, owing to the relatively high thermal
conductivity of Al. This results in the sample being
hotter in the middle (far from the cell walls) and
cooler towards the sides. This is seen clearly in Fig.
8, showing the model results for the calculated
temperature variation throughout the cell as a
function of time after exposure to deuterium.
t=5 s

Fig 6 ‒ Phase distribution after 3000 sec after single-step
hydrogen uptake for both experimental and modelling results in
the axial direction at three different radial positions, centre of
the cell (r=0), half of the inner radius (r=4 mm) and the edge
(r=7.6 mm)

Fig. 7 ‒ Phase distribution after 5000 sec after a single-step
hydrogen uptake for both experimental and modelling results in
the radial directions at three different axial positions, upper
(z=40.55 mm), middle (z=26 mm) and lower (z=5 mm)

The experimental results shown in Fig. 7 for the
radial dependence of the composition, indicate that
generally the LaNi5 mostly forms hydride (β phase)
7

t=25 s

t=50 s

t=200 s

t=1000 s t=5000 s

Fig. 8 ‒ Calculated bed temperature profiles for times T=5 s to
5000 s after hydrogen exposure. Temperature unit is K.

The lower temperature regions of the sample then
preferentially absorb deuterium due to the lower
absorption equilibrium pressure at the lower
temperature. Despite the material at the edge
therefore releasing more heat, it remains at a lower
temperature owing to the active cooling, whereas
heat generated from areas that have absorbed in the
middle of the cell is not removed and the centre of
the cell remains at a higher temperature. This results
in material close to the edges forming a greater
proportion of the hydride (β) phase and the material
in the centre of the cell remaining unreacted (α
phase), as is observed in the data and which is
consistent with the observations of Kisi and Gray
[19]. As described earlier, the presence of hysteresis
in LaNi5 causes the spatial inhomogeneity to be
maintained even after the temperature has
equilibrated. This is shown in the model calculations
presented in Fig. 9 where there is little difference
between the last two reacted fraction states at 1000 s
and 5000 s.
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t=5 s

t=25 s

t=50 s

t=200 s
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t=1000 s

t=5000 s

Fig. 9 ‒ Calculated reacted fraction at six representative times.

Fig. 8 shows the temperature distribution in the MH
bed and Fig. 9 the variation of reacted fraction
throughout the bed at six representative times, 5 s,
25 s, 50 s, 200 s, 1000 s and 5000 s. It can be seen
that after 1000 s (16 minutes) both temperature and
the reaction have reached a stable equilibrium and
no change is observed after a further 4000 s. As
observed in the experimental results (Fig. 6 and Fig.
7), the material close to the wall of the cell, which is
cooled by the thermal management, contains the
majority of the hydride phase. The part of the bed
furthest from the active cooling, the centre of the
cell, absorbed the least deuterium.
However, all of the experimental results at low z
values have a lower reacted fraction than higher
parts of the cell, particularly at high r. As can be
seen in Fig. 6 for the low z measurements and in Fig.
7 for the set of results along the bottom of the cell,
the model estimates a higher reacted fraction along
the radius for the lower part of the cell than for
higher parts. This is because the aluminium base of
the cell is thicker than the wall and actively cooled
by a copper block through which the temperature
controlled water flows. As a result, the base of the
cell is even more effectively cooled than the walls
and a higher reacted fraction would be expected.
As the deuterium enters the cell from the top, the top
part of the metal alloy is exposed to hydrogen first
and absorbs strongly, leaving the material furthest
from the inlet starved of deuterium. Entry of gas at
the top of the cell was not simulated by the model,
as is clear from assumption 2 in the Model section.
This depletion of hydrogen due to strong absorption
close to the gas entry point has been mapped
8

previously in an in-situ X-ray experiment using
LaNi5 between two Be windows [24]. In that
experiment, the large aliquot effect was not observed
due to the effective cooling of the thin (<1 mm)
sample between the high thermal conductivity
windows. So, while the experimentally observed
spatial variation in hydride fraction in most of the
cell represents an inhomogeneity due to the large
aliquot effect, the spatial variation at the bottom of
the cell is due to the physical shape of the cell and
hydrogen inlet and the preferential absorption of the
metal close to the inlet.
For comparison, the model was changed to represent
the same sample with no hysteresis. The temperature
and reacted fraction profiles for representative times
up to 50,000 s are shown in Fig. 10. As expected, it
can be seen that the spatial variation of the reacted
fraction induced by the temperature gradients does
subsequently disappear as the hydrogen in the
sample redistributes. The time required for this is
quite long due to the lack of hysteresis [30].
t=5 s

t=50 s

t=200
s

t=1000
s

t=5000 s t=20000 t=50000 s
s

Fig. 10 ‒ Calculated temperature (top) and reacted fraction
(bottom) at six representative times for a sample without
hysteresis.

Conclusions
An in-situ experiment was carried out using spatially
resolved neutron diffraction to measure the
compositional inhomogeneities in LaNi5D3.2 owing
to temperature gradients and pressure hysteresis. It
was found that for most of the cell, those parts close
to the wall (heat sink) hydrided strongly, while close
to the middle of the cell, the sample remained
largely unreacted. This is consistent with previous
qualitative results in the literature and the described
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mechanism of the large aliquot effect. For the
material close to the base of the cell, which was
furthest from the deuterium entry point, the
experimental results showed low absorption, due to
the reduced amount of deuterium reaching those
parts.
The quantitative mapping of composition in the
current study was used to validate a mathematical
model developed and solved using COMSOL
Multiphysics. There was a reasonable agreement
between the theoretical and experimental results for
the upper parts of the sample cell. This demonstrates
the ability of the model to successfully predict
complex interactions between the metal and
hydrogen involving irreversible temperature
excursions. Closer to the bottom of the cell, the
model, which does not account for the physical
location of the gas entry, did not match the
experimental results and overestimated the reacted
fraction. Further improvements to the model are
needed to adequately simulate practical experimental
conditions.
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