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ABSTRACT 

Inorganic oxides have received wide attention as a new type of functional energy storage 

material, but their application prospects are usually limited due to their intrinsic properties, 

such as poor conductivity, limited active sites, and unstable crystal structure. Defect 

engineering is able to fine tune the concentration, mobility, and spatial distribution of carriers 

and electrons within crystalline structures, and these changed features radically optimize the 

electronic structure and physicochemical properties of the oxides. These optimized properties 

of oxides help to solve the kinetic problems of ion diffusion during the charge-storage process. 

However, defect engineering in oxides still faces the restriction of bottlenecks, which includes 

but is not limited to, defect preparation, defect preservation, and defect concentration 

adjustment. Defect preparation refers to the complicated process and harsh conditions required 

in the process of defect formation; these unstable defects will gradually recover or be refilled 

if the oxide is exposed to air or water leading to the disappearance of optimized properties; 

Controllable defect concentration is a further requirement for orderly regulation of oxide 

intrinsic properties in the development of defect engineering. 

In the first study, vacancy concentration varies with temperature exponentially according to the 

formation mechanism of defects. But these vacancies will gradually recover or be refilled in 

the slow cooling process. Based on this, commercial spinel-type lithium titanium oxide (LTO) 

was selected and quenched in this work, and we found the rapid cooling could interrupt the 

recovery of defects and preserve the defect state at high temperatures in the crystal lattice. More 

importantly, these preserved defects (oxygen vacancies and Li/Ti redistributions) can allow for 

an extraordinary capacity of 201.7 mAh g-1 beyond the theoretical value of pristine bulk LTO 

(175 mAh g-1) at a rate of 1 C with the voltage range of 1.0-2.5 V. This work establishes a new 

mechanism for Li+charge storage and opens up a new avenue for the control of oxygen vacancy 
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and Li/Ti redistribution in electrode materials for the enhancement of electrochemical 

performance of LTO anode materials. 

Traditional defect introduction involves high-temperature calcination, vacuum or inert 

environments and expensive reducing agents, which are not cost-effective and have great 

energy consumption. Hence, we proposed a universal defect preparation strategy via a simple 

redox reaction at room temperature. N-Butyl lithium, a powerful nucleophile and reducing 

agent, was selected in this work and easily realized defect engineering construction in oxide 

lattices by a simple soaking method. More importantly, such a simple defect preparation 

method is suitable for common oxides but not limited to LTO, TiO2, SnO2, CeO2, Sb2O5, and 

Nb2O5. Also, the controllable defect concentration was achieved by adjusting the reaction time. 

Here, the defective LTO was selected to further study its electrochemical lithium storage at 

low temperatures. A highly reversible discharge specific capacity of 109.9 mAh g-1 can be 

obtained at a rate of 10 C in a severe environment of -10 oC after 200 cycles, which is 

significantly better than the pristine LTO. Such a simple, efficient, and universal defect method 

is a breakthrough innovation in terms of the current status of defect engineering. 

Compared with silicon anodes, silicon oxide (SiO2) possesses relatively smaller volume 

expansion. In addition, the O atoms in silicon oxides can generate an inert buffer matrix phase 

(Li2O and Li4SiO4) around the silicon particles, which can further effectively alleviate the stress 

caused by volume expansion. However, crystalline SiO2 cannot be used for Li+ insertion and 

is excluded as a promising anode for Li-ion batteries due to inherently poor conductivity. Hence, 

we extract crystalline SiO2 from natural precursors (montmorillonite and sand) and introduce 

defects into crystalline SiO2 via quenching and carbon-reduction strategies. Such a simple 

process enables defective SiO2 to possess a higher electrochemical activity for Li+ reversible 

deintercalation. The defective SiO2 from montmorillonite delivers a high initial capacity of 
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2774.3 mAh g-1 at 100 mA g-1 and an excellent cycle stability (734.8 mAh g-1 at 500 mA g-1 

after 200 cycles), while the defective SiO2 from sand also shows a highly reversible capacity 

of 558.1 mAh g-1 at 500 mA g-1 after 500 cycles with superior cycling stability. To the best of 

our knowledge, this work is the first to demonstrate such outstanding lithium storage 

performance in crystalline SiO2 anodes. More importantly, the wide availability of SiO2 in the 

natural environment indicates considerable potential for commercial applications. 

In summary, several techniques developed for defect engineering on inorganic oxide materials 

are explored to enhance the electrochemical performance of LIBs through optimizing the 

intrinsic properties of oxides. The simple operation, low cost, moderate condition, abundant 

resources, and excellent lithium storage performance in the series of defective oxides presented 

in this thesis provide a wide range of application prospects. 
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CHAPTER 1 

INTRODUCTION 
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1.1. SIGNIFICANCE OF THE PROJECT 

Escalating demand for green vehicles such as electric vehicles (EVs) and hybrid electric 

vehicles (HEVs) has accelerated innovation in Li-ion battery technology1, 2. The current 

commercial lithium-ion batteries with graphite anodes are far from being able to meet the 

current equipment needs due to their lower theoretical capacity (372 mAh g-1) and poor 

cycle stability. Inorganic oxides normally possess a higher energy density, and their phase-

transition reaction with smaller volume change enables inorganic oxides to have a fast 

kinetic process, thereby achieving excellent cycle stability and long cycle life during Li+ 

charge storage3, 4. However, low electrical conductivity, a ubiquitous intrinsic property of 

inorganic oxides, severely limits their application in electrochemical energy storage. 

Studies have shown that when certain atoms in the oxides crystal are missing, the formed 

defects will produce many dangling bonds with unsaturated characteristics5, 6. Such an 

unsaturated environment easily induces surface electron spins and interactions between 

electrons, and ultimately promotes the charge transfer and improves physicochemical 

activity. Among the many types of defects, oxygen as a typical volatile element is relatively 

easy to be deprived of to form vacancies in inorganic oxides. The formed oxygen vacancies 

in the crystal lattice of inorganic oxides can effectively change their density of states, 

induce impurity states in the bandgap, adjust its electronic properties and significantly 

optimize electronic conductivity7, 8. These improvements in defect-inducing intrinsic 

properties have enabled inorganic oxides to show a wide range of applications in the field 

of energy storage and conversion9, 10. Therefore, effective construction of defects and an 

in-depth understanding of the internal mechanism of defect formation are critical, 

especially for the improvement of the intrinsic properties of oxides and their influence on 

kinetic behavior in the energy storage process11 
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1.2. RESEARCH OBJECTIVES 

The central focus of this thesis is to explore the defect formation mechanism and design a series 

of defective oxides to explore the mechanism of Li-ion charge storage. More specifically, the 

objectives are: 

• To explore a novel defect preparation method via quenching and develop a supersaturated 

defective LTO from the reversible mechanism of oxygen vacancy formation and recovery. 

• To explore the influence of oxygen vacancies on the inherent properties of LTO through 

DFT calculation, and then study how the oxygen vacancies in the LTO lattice improve the 

Li+ charge storage. 

• To prepare a series of defective oxides through a simple redox process at room 

temperature, adjust the defect concentration of oxides by controlling the reaction time, 

and conduct low-temperature performance tests with defect LTO as an example. 

• To extend the quenching method to the natural SiO2 dominated precursors 

(montmorillonite and sand) and design a defective crystalline SiO2 with electroactivity for 

reversible Li-ion charge storage. 

 

1.3. THESIS OUTLINE 

The initial aim of this project is to explore new strategies to resolve the bottlenecks of current 

defect development, i.e., defect preparation, defect preservation, and defect concentration 

adjustment, and to further study the effect of defects on the intrinsic properties of oxides. The 

next aim is to evaluate the electrochemical performance of the defective oxides in Li-ion 

batteries. Detailed research objectives for each chapter are shown as follows: 
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1) Describe the significance of this thesis, summarize the research objectives, contributions to 

the research of defects in inorganic oxides for Li-ion batteries and the structure of the thesis 

(Chapter 1). 

2) Provide a detailed review of defect types, defect formation mechanism, defect preparation 

and electrochemical application of defects in metal oxides (Chapter 2). 

3) Develop a simple quenching strategy to retain the defects generated by high temperature in 

bulk LTO oxide, and verify the role of defects in the LTO lattice for surpassing theoretical 

capacity during Li+ charge storage (Chapter 3). 

4) Develop a universal defect preparation strategy where oxygen vacancies can be easily 

formed in the lattice of inorganic oxides by soaking in n-butyl lithium solution at room 

temperature. These inorganic oxides include but are not limited to LTO, TiO2, CeO2, SnO2, 

Sb2O5, and Nb2O5. In addition, defective LTO was selected to further study the role of 

defects in low-temperature Li+ charge storage (Chapter 4). 

5) Develop defective SiO2 from natural precursors (montmorillonite and sand) via simple 

quenching and carbon reduction strategies, and verify the effect of defects on activating Li+ 

insertion and the carbon layer on inhibiting the volume expansion of SiO2 electrodes 

(Chapter 5). 

6) Summarize and understand the importance of defects in inorganic oxides and continue to 

promote the development of defective oxides in other fields such as photocatalysis, sewage 

treatment, and supercapacitors (Chapter 6). 
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2.1. INTRODUCTORY REMARKS 

As a full literature review of this thesis, this chapter is presented as a published review article 

in Electrochemical Energy Reviews. 

Defect engineering affects the concentration, mobility, and spatial distribution of carriers and 

electrons within crystalline structures in oxides. At present, extensive research has focused on 

defects to optimize the electronic structure of oxides. This review highlights defect types, 

defect formation mechanism, the influence of defect on intrinsic properties, defect preparation 

and applications in electrochemical energy storage, and then summarizes the bottleneck of 

current defect development and proposes future development prospects for defects in the fields 

of energy storage, catalysis, and sewage treatment. 

  



8 

 

2.2. STATEMENT OF CONTRIBUTION 

This chapter includes one first-authored paper. The bibliographic details of the co-authored 

paper, including all authors, are: 

Zhong Su, Jiahua Liu, Meng Li, Yuxuan Zhu, Shangshu Qian, Mouyi Weng, Jiaxin Zheng, 

Yulin Zhong, Feng Pan, Shanqing Zhang* 

Defect Engineering in Titanium-based Oxides for Electrochemical Energy Storage Devices. 

Electrochemical Energy Reviews, 2020, 3(2):286-343. 

My contribution to the paper included: 

Collection and organization of information, data and references; Writing and preparation of 

manuscript. 

 

(Signed)  (Date) 15/04/2021 

Name of Student: Zhong Su 

 

(Countersigned)  (Date) 15/04/2021 

Corresponding author of paper: Shanqing Zhang 

 

(Countersigned)  (Date) 15/04/2021 

Supervisor: Shanqing Zhang 

  



9 

 

2.3   ARTICLE 1 

 





	 Electrochemical Energy Reviews

1 3

active for Li+ intercalation due to their open crystal struc-
ture and low Li+ diffusion energy barrier. However, TiO2 
also suffers from poor electron and Li+ conductivity and 
tends to display large polarization, irreversible capacity 
loss and poor cyclic stability. Here, researchers suggest that 
higher specific surface areas, nanoparticle sizes and special 
nanostructures can alleviate these issues. For example, Li 
et al. [27] synthesized TiO2(B) nanowires with an ultrahigh 
surface area of 210 m2 g−1 through a facile hydrothermal 
route and reported that rapid Li+ insertion/extraction can 
be achieved if the nanowires were used as anodes in LIBs 
in which high BET surface areas can provide larger reac-
tion areas and promote charge transfer and collection, thus 
increasing battery rate performance. In another example, 
Rai et al. [28] prepared extremely small TiO2 nanoparticles 
(8.6 nm) through a simple urea-assisted auto-combustion 
synthesis method under different calcination temperatures 
and reported that the resulting small particle size was able 
to provide a larger contact surface area with the electrolyte 
to enhance Li+ de-intercalation and therefore improve Li 
storage capability. Aside from these examples, an array of 
TiO2 nanostructures including 0D nanoparticles [14], 1D 
nanowires and nanotubes [29], 2D nanosheets [30] and 3D 
hierarchical structures [31] have also been investigated over 
the years with studies ranging from preparation techniques 
and material characterizations to implementation in energy 
storage applications, resulting in outstanding electrochemi-
cal performances due to large reaction areas and rapid Li+ 
transport pathways as provided by corresponding nanostruc-
tures. (The methods to construct nanostructures and compos-
ite materials to enhance the conductivity, reaction area and 
Li+ transport in electrode materials have been discussed and 
reviewed). Despite these promising results however, funda-
mental drawbacks of TiO2 such as slow charge carrier trans-
fer rates and wide band gaps (3.2 eV) remain unchanged and 
seriously hinder development and application [32].

As another important class of Ti-based oxides, Li4Ti5O12 
(LTO) is widely considered to be a promising anode material 
in Li batteries due to its structural stability with “zero strain” 
in its lattice parameter during charge/discharge [33–35] and a 
higher flat Li insertion/extraction potential at ~ 1.55 V, which 
enhances safety in LTO-based LIBs by avoiding Li dendrite 
formation. In addition, wide operating temperatures and high 
reversibility make LTO practical in various energy storage 
systems. And as a result of these desirable characteristics, 
LTO-based LIBs have been successfully commercialized and 
applied to portable energy storage devices. Despite this, the 
further development of LTO in LIBs is severely constrained 
by its lower theoretical capacity (175 mAh g−1) as well as 
its low electronic conductivity and Li+ diffusion coefficient 
[12]. Here, great efforts have been devoted to resolving these 
issues, including the development of novel nanostructures 
[36], carbon or oxide coatings [37] and composites [38]. 

For example, He et al. [39] prepared ultrathin LTO hier-
archical microspheres composed of nanosheets through a 
simple hydrothermal procedure and reported that the result-
ing ultrathin nanosheets possessed larger reaction areas and 
enhanced Li+ and electron transport. In another example, 
Shen et al. [40] synthesized mesoporous LTO/C nanocom-
posites using nanocasting technology with a porous carbon 
material (CMK-3) as a hard template and reported that the 
interpenetrating conductive carbon network of the CMK-3 
can serve as a carrier to effectively promote electron transfer 
and improve the utilization of active materials. Furthermore, 
Wang et al. [41] synthesized a well-defined LTO nanosheet 
coating with a rutile-TiO2 layer using a facile solution-based 
method and reported that as compared with a carbon layer, 
the resulting rutile-TiO2 nanocoating layer can enhance the 
kinetic performance of LTO for rapid Li+ de-intercalation. 
Similar to TiO2 however, these methods can only alleviate 
and improve the properties of LTO electrode materials and 
cannot resolve the underlying issues of LTO (lower electron 
and ionic conductivity) (Fig. 1).

Based on the above discussions, the empty 3d orbital of 
Ti4+ in TiO2 and LTO lattices appears to be the root cause 
of poor electron and ion conductivity, limiting application in 
energy storage devices. For example, Li+ charge storage in 
Ti-based oxides involves charge-transfer reactions occurring 
at the interface and bulk accompanied by electron and ion 
diffusion kinetics. Here, numerous studies have suggested 
that the introduction of defects is the most effective method 
to enhance ionic diffusion and electronic conductivity in 
TiO2 and LTO [42–45] in which the introduction of defects 
can narrow band gaps and provide additional energy levels 
(the intermediate band), thus expanding light absorption to 
longer wavelengths. In addition, defects can alter the elec-
tronic structure of TiO2/LTO and optimize electron and ion 
transport kinetics. Moreover, the formation of disorder lay-
ers can modify the surface properties of Ti-based oxides 
(e.g., ion adsorption and surface activity) and enhance ion 
desolvation in electrolytes to improve kinetic performance 
in charge storage processes. Overall, the modified inherent 
properties of Ti-based oxides as induced by defects offer 
enormous potential for electrochemical energy storage appli-
cations. As a result, defect structures in Ti-based oxides have 
been widely investigated both experimentally and theoreti-
cally in which the defect type, concentration and distribution 
are important factors that determine the activity and selectiv-
ity of ion adsorption and storage, whereas the intrinsic prop-
erties of Ti-based oxides determine the formation condition, 
the location and property of defects.

In this review, recent advances in defective Ti-based 
oxides and their application in electrochemical energy 
storage devices will be summarized and discussed. In 
addition, the types of defects in Ti-based oxides includ-
ing intrinsic defects [46–48], extrinsic defects [49–52] and 
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non-stoichiometric defects [53–56] will be introduced and 
their methods of preparation will be discussed. Furthermore, 
modified inherent properties such as optimized electronic 
structures, enhanced visible light absorptions, narrowed 
band gaps and surface disordered layers will also be dis-
cussed along with various techniques for characterization. 
Subsequently, density functional theory (DFT) calcula-
tions that provide theoretical explanations for these modi-
fied intrinsic properties and their effects on electrochemical 
energy storage will be outlined. Overall, this review will 
provide new insights into the role of defects in Ti-based 
oxides and facilitate their expansion into other fields.

2 � Classification

Defect structures in metal oxides include intrinsic [46–48], 
extrinsic [49–52] and non-stoichiometric defects [53–56]. 
Of these defects, intrinsic defects (point defects) consist of 
lattice vacancies and do not alter the composition or stoichi-
ometry of the overall crystal but affect the atoms around the 
vacancies and cause local lattice relaxation. Alternatively, 
extrinsic defects involve foreign atoms or ions being forced 
into crystal lattices to break the original atomic arrangement 
and induce partial lattice distortion, which can cause charge 

redistribution and the modification of electronic structures. 
Here, extrinsic defect concentrations can be controlled 
and material properties can be optimized by adjusting the 
number of doped heteroatoms. As for non-stoichiometric 
defects, these can alter both the composition and structure 
of crystals and exist mainly in compounds containing vola-
tile elements such as oxides, sulfides and chlorides and are 
greatly affected by ambient atmosphere and temperature. In 
addition, non-stoichiometric defects tend to be found at the 
surface of lattices and can alter inherent properties such as 
electronic structure, optical absorption, ionic adsorption and 
surface activity.

2.1 � Intrinsic Defects

Intrinsic defects (point defects) are the most frequently 
studied in Ti-based oxides and can serve as charge carrier 
traps, important adsorption and active sites and can affect 
the kinetics of electron and ion transport in electrochemical 
applications. And of the various point defects, Frenkel and 
Schottky defects (Fig. 2) are two main types that have been 
studied in detail.

Schottky defects normally occur if smaller size differ-
ences exist between cations and anions and involve cat-
ion and anion pairs being forced to leave original lattice 

Fig. 1   Overview of key topics in Ti-based oxide defect chemistry for electrochemical energy storage
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positions to create lattice vacancies (Fig. 2) [57]. In addition, 
Schottky defects do not affect the stoichiometry or over-
all neutral charge in corresponding crystal lattices. As for 
Frenkel defects, these usually occur if large size differences 
exist between cations and anions because smaller ions (usu-
ally cations) can easily migrate from original lattice sites to 
interstitial positions, leaving vacancies in original locations 
and forming interstitial defects in new positions [58]. And 
in terms of Ti-based oxides, Frenkel and Schottky defects 
do not alter crystal structures but will lead to electron 
redistribution. For example, defect equilibria can be used 
to describe the formation of defects in TiO2 (Tables 1, 2) 
[59] in which oxygen vacancies (OVs), Ti3+ and Ti4+ ions in 
interstitial sites are prone to form in TiO2 lattices (Eqs. 1–3, 
5 in Table 2). Furthermore, the formation of Ti vacancies is 

a slow process (Eq. 4), illustrating that defect formation is a 
complex process usually accompanied by oxygen vacancies, 
interstitial defects and quasi-free electrons.

2.2 � Extrinsic Defects

In contrast to intrinsic defects, extrinsic defects (doping 
defects) are caused by external atoms or ions entering the 
crystal lattice to replace original atoms or entering intersti-
tial positions, resulting in local lattice distortion [48, 60–62]. 
Furthermore, corresponding charge compensation will occur 
in defective structures to maintain electrical neutrality if the 
valence state of impurity atoms is different from replaced 
atoms. Here, the concentration of extrinsic defects can be 
controlled by adjusting the number of heteroatoms to opti-
mize material properties, and based on the properties of 
doped ions, extrinsic defects can be classified as either anion 
or cation doping defects. For example, metal cation dop-
ing defects in TiO2 can introduce additional dopant-induced 
impurity energy levels within band gaps, which reduces the 
energy required for electronic excitation in which Carneiro 
et al. [63] studied Fe-doped TiO2 and reported that two con-
figuration energy levels were formed within the TiO2 band 
gap by introducing Fe ions as a dopant. Here, these research-
ers suggested that because the oxidation level of Fe3+/Fe4+ 
exceeded the valence band edge of TiO2 and the reduction 
level of Fe3+/Fe2+ was lower than the conduction energy 
level of TiO2, the formation of electron–hole pairs can be 
facilitated through the capture and loss of electrons in the 
conduction band and valence band edge of TiO2 (Fig. 3a). 
Researchers have also reported that other high-valence dop-
ing cations (V5+, Sn4+ and Co3+) can also adjust the band 
gap of TiO2 and reduce the energy required for electronic 
excitation [56–58].

Compared with cation doping, the aim of anion doping 
is to overlap the S and P orbitals of anions with the intrinsic 
conduction and valence bands of TiO2 to reduce band gaps 
and produce highly active electron–hole pairs on the surface 
[64–66]. For example, Czoska et al. [49] reported that in 
F-doped TiO2, the exotic substitution of an O atom with a F 
atom can introduce an excess electron that reduces Ti4+ to 
Ti3+ and proposed two F-TiO2 models in which one involves 

Fig. 2   Typical intrinsic defects: the Schottky defect and the Frenkel 
defect

Table 1   Defects in TiO2 lattices and corresponding Kröger–Vink 
valence notation. Reprinted (adapted) with permission from Ref. 
[59], copyright (2011) American Chemical Society

Description Kröger–
Vink 
notation

Ti4+ ions in TiO2 lattice sites Ti
×
Ti

Ti3+ ions in TiO2 lattice sites (quasi-free electrons) e′

Titanium vacancies V
′′′′
Ti

Ti3+ ions in TiO2 lattice interstitial sites Ti
⋅⋅⋅

i

Ti4+ ions in TiO2 lattice interstitial sites Ti
⋅⋅⋅⋅

i

O2− ions in oxygen lattice sites O
×
o

Oxygen vacancies V
⋅⋅

o

O− ions in oxygen lattice sites (quasi-free electrons) h
⋅

Table 2   Basic defect reactions 
in TiO2 (n and p denote the 
concentration of electrons and 
electron holes, respectively). 
Reprinted (adapted) with 
permission from Ref. [59], 
copyright (2011) American 
Chemical Society

Defect reaction Constant ΔH° (kJ mol−1) ΔS° [J (mol K)−1]

1 O
×
o
↔ V

⋅⋅

o
+ 2e� + 1∕2O

2 K
1
=
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⋅⋅

o

]

n2p
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O
2
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2 Ti
×
Ti
+ 2O

×
o
↔ Ti

⋅⋅⋅

i
+ 3e� + O

2 K
2
=
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Ti
⋅⋅⋅

i

]
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879.2 190.8
3 Ti

×
Ti
+ 2O

×
o
↔ Ti

⋅⋅⋅⋅

i
+ 4e� + O

2 K
3
=
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Ti
⋅⋅⋅

i

]
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(

O
2

)

1025.8 238.3
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����
Ti

+ 4h
⋅ + 2O

×
o K

4
=
[

V
����
Ti

]

p4p
(

O
2

)−1 354.5 –202.1

5 nil ↔ e� + h
⋅ Ki = np 222.1 44.6

lnK =
[

(ΔSo)∕R
]

−
[

(ΔHo)∕RT
]
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a Ti3+ atom adjacent to a F atom (Model 1), whereas the 
other involves Ti3+ being separated from the F atom (Model 
2) (Fig. 3b). Here, the relative position (ΔE) of the defect 
Ti 3dxz state in Model 1 is much smaller than that in Model 
2, indicating that excess electrons from F atoms can reduce 
neighboring Ti4+ to maintain a stable structure. Researchers 
have also introduced a series of nonmetallic elements such 
as B, C, N and S to replace O or to enter interstitial sites in 
TiO2 lattices based on the valence and the radius of the dop-
ing atom [14, 67, 68] and have reported that multi-ion dop-
ing can generate additional synergistic effects to further opti-
mize impurity energy levels and defect structures to improve 
performance in energy storage applications [69, 70].

Overall in TiO2, metal cation doping can cause lattice dis-
tortion and reduce electron–hole pair formation to improve 
photon utilization, whereas nonmetallic anion doping can 
alter the response to visible light absorption and optimize 
quantum efficiency by reducing the band gap width and uti-
lizing energy level staggered coupling.

2.3 � Non‑stoichiometric Defects

Different from intrinsic defects, non-stoichiometric defects 
can alter structural and stoichiometric compositions by cre-
ating sufficient vacancies and interstitial defects [53, 54]. 
Non-stoichiometric defects are also more prevalent in Ti-
based oxides (e.g., LTO and TiO2) because their oxygen 
atoms are more prone to be removed at low oxygen activi-
ties. In addition, non-stoichiometric defects are usually 
accompanied by the formation of intrinsic defects (Frenkel 
and Schottky defects). For example, Zhen et al. [71] com-
pared stoichiometric and non-stoichiometric TiO2 through 
calcination in air and Ar gas and reported that the ratio 
of O to Ti on the surface (1.98–1.78) calcined in air was 
near a perfect stoichiometric value of 2, whereas the ratio 
(1.70–1.67) prepared in Ar was below ideal stoichiometry, 
suggesting that lower oxygen pressures in Ar can result in 

the loss of lattice oxygen (Fig. 4). Researchers have also 
reported that non-stoichiometric TiO2−x possesses a complex 
defect structure and can demonstrate excellent adsorption 
properties and electrochemical activities due to an amor-
phous surface layer with abundant defective sites such as 
reduced Ti3+, Ti4+ interstitials and OVs. However, non-sto-
ichiometric defects can also gradually be repaired in higher 
oxygen activity atmospheres at high temperatures, leading 
to the recovery of a stoichiometric structure.

3 � Engineering of Defects

Methods to engineer defects in Ti-based oxides can be 
divided into physical and chemical processes (Fig. 5). In 
terms of physical processes, the creation of high activa-
tion energy and the doping of foreign atoms are impor-
tant methods to achieve lattice distortion and deformation. 
Here, corresponding changes include the introduction of 
OVs, interstitial defects and the partial reduction of Ti4+ 
to Ti3+ [49, 72–74]. And although the lower defect concen-
trations associated with physical methods are undesirable 

Fig. 3   a Diagram of the different energy levels for Fe–TiO2. CB and 
VB correspond to the conduction and valence bands of the semicon-
ductor. Reprinted with permission from Ref. [63], copyright (2014) 
Springer Nature. b Ball and stick models for F-doped anatase TiO2. 

The left panel: a Ti3+ cation directly neighboring a F dopant. The 
right panel: a Ti3+ cation at ~ 7 Å distance from a F dopant. Reprinted 
with permission from Ref. [49], copyright (2008) American Chemi-
cal Society

Fig. 4   Schematic showing compositional changes from the surface to 
the substrate in TiO2 during calcination in air or Ar. Reprinted with 
permission from Ref. [71], copyright (2013) Royal Society of Chem-
istry
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in terms of improving the intrinsic properties of Ti-based 
oxides, the reduction of high-valence state Ti from Ti4+ to 
Ti3+ or Ti2+ and the oxidization of low-valence state Ti from 
Ti2+ or Ti3+ to Ti4+ are reported to be effective chemical 
methods to induce high defect concentrations in Ti-based 
oxides [44, 75–77]. Despite this, specific conditions in terms 
of temperature, pressure and atmosphere are required for 
these redox reactions to occur. Therefore, the formation of 
defects is a complex physicochemical process and detailed 

understandings of these methods can elucidate defect forma-
tion mechanisms and allow for the optimization of intrinsic 
properties associated with various applications.

3.1 � Physical Processes

3.1.1 � High‑Temperature Calcination

Although intrinsic defects (Frenkel and Schottky defects) are 
found in low concentrations, defect density can usually be 
controlled by adjusting temperature [72, 78]. Equation (1) 
summarizes the relationship between structural defect con-
centration and temperature:

In which Nv is the number of defects in the lattice, N is the 
number of potential defect sites, Qv is the activation energy 
for vacancy formation, kB is the Boltzmann’s constant, 
and T is the temperature. And because defect concentra-
tions increase exponentially with temperature, calcination 
is considered to be an effective method to create structural 
defects in Ti-based oxides in which oxygen atoms in Ti-
based oxides tend to diffuse to the surface or the subsurface 
layer and thereby form OVs [79]. However, these OVs are 
unstable and can easily be refilled by oxygen in air or H2O 
[80]. For example, Ghosh et al. [81] analyzed the evolution 
of OVs in TiO2 calcined in air and Ar atmospheres (Fig. 6) 
and reported obvious structural defects or lattice imperfec-
tions in TiO2 samples calcined at 300 °C in air, whereas 
samples gradually evolved into single crystalline phases as 

(1)
Nv

N
= exp

(

−
Qv

kBT

)

Fig. 5   Methods for engineering defects

Fig. 6   TEM micrographs of 
TiO2 nanoparticles annealed at 
different temperatures in a, b air 
or c, d Ar gas. Inset (i) HRTEM 
images (white circles indicate 
lattice defects) and (ii) corre-
sponding selected area electron 
diffraction (SAED) patterns. 
Reprinted with permission from 
Ref. [81], copyright (2013) 
American Chemical Society



Electrochemical Energy Reviews	

1 3

annealing temperatures reached 900 °C (Fig. 6a, b), dem-
onstrating that high temperature calcinations in the pres-
ence of sufficient oxygen can repair partial OVs and increase 
crystallinity. Alternatively, these researchers reported dif-
ferent results in Ar-annealed samples in which defects or 
imperfections were still present after annealing at 300 and 
900 °C (Fig. 6c, d), which may be explained with reference 
to the balance between surface oxygen in TiO2 and oxygen 
in the atmosphere (Eq. 2) in which not only are OVs in TiO2 
unable to receive enough replenishing oxygen in a severely 
oxygen-deficient atmosphere, but high temperatures can also 
tilt the balance toward producing more OVs.

Researchers have also studied oxygen-deficient atmos-
pheres including Ar, N2, He or vacuum to create OVs in 
Ti-based oxides during calcination at high temperatures 
[81–84]. For example, Xia et al. [82, 83] prepared vac-
uum-treated TiO2 to analyze the effects of vacuum heat-
ing and reported that the vacuum-treated TiO2 was yellow 
in color (Fig. 7a) and that its absorption range for vis-
ible light was extended from the original 400–1100 nm 
(Fig. 7b) in which a disordered amorphous shell formed at 
the edge of the crystalline region after vacuum treatment 
(Fig. 7c, d). Guillemot et al. [84] also reported that TiO2 
exhibited a typical n-type defective structure (TiO2−x) if 
calcined in vacuum and similarly; Chen et al. [85] reported 
that Li4Ti5O12−y can be synthesized through calcination in 
N2 atmosphere at 500 °C for 2 h. Overall, defect concen-
trations increase with calcination temperature in vacuum.

(2)OO (surface)
Δ

⟶V⋅⋅

O
(surface) + 2e� +

1

2
O2 (surface)

3.1.2 � High‑Energy Ball Milling

In addition to providing activation energy for the forma-
tion of defects through high temperatures, high-energy ball 
milling is another efficient method to gain grain refinement, 
defects and lattice distortions through repetitive deforma-
tion, fragmentation and cold welding under mechanical 
activation [73, 86–90]. Here, high-energy ball milling is an 
extensively investigated mechanochemical reaction tech-
nique in which a ball and powder are confined in a closed 
container and subjected to mechanical revolution and rota-
tion, resulting in kinetic energy and mechanical stress, which 
leads to particle pulverization, lattice distortion and struc-
tural defects. For example, Indris et al. [89] dry-milled TiO2 
using a SPEX8000 ball mill in air for up to 4 h and reported 
that the partial Ti–O bonds at the surface of TiO2 can be bro-
ken through mechanical activation to release oxygen atoms 
as O2, thus forming OVs and allowing for a transition from 
Ti4+ to Ti3+ in the TiO2 lattice (Eq. 3 and 4):

These researchers also studied the influence of high-
energy ball milling on TiO2 by examining XPS Ti 2p spectra 
(Fig. 8a) and reported that milled TiO2 presented an addi-
tional peak at 456.9 eV that can be attributed to Ti3+. In 
addition, EPR measurements were taken in this study to con-
firm the formation of Ti3+ after milling (Fig. 8b) in which a 
narrow signal at g = 1.96 was observed in the un-milled TiO2 
that gradually increases in intensity with increasing milling 
times. More importantly, the results showed that a broad 
peak related to Ti3+ at g = 2.42 started to appear after milling 
for 2 h. Overall, both the XPS and EPR results in this study 
demonstrated that high-energy ball milling can create lattice 
distortions and generate OVs and Ti3+ in TiO2 lattices.

Milling atmosphere also has important effects on high-
energy ball milling induced defects. For example, Pan et al. 
[87] prepared milled TiO2 at 220 rpm for 40 h in air and 
nitrogen atmospheres and found that the low oxygen pres-
sure in the nitrogen atmosphere can affect the balance of 
defect reactions in Eqs. 3 and 4 and was more conducive 
to the formation of oxygen defects during high-energy ball 
milling.

3.1.3 � Microwave Irradiation

Compared with conventional heating, microwave irra-
diation is a more rapid heating method that can generate 
spin among polar molecules through an electromagnetic 
field and convert electromagnetic energy into thermal 

(3)TiO2 ⇌ TiO2−x + xO (break Ti−Obonds)

(4)TiO2−x + xO ⇌ TiO2−x + Vo + x∕2O2

Fig. 7   a Digital image, b UV–Vis reflectance spectra, c, d HRTEM 
images of pristine and vacuum-treated TiO2. Reprinted with permis-
sion from Ref. [83], copyright (2013) John Wiley and Sons
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energy. In addition, the molecular vibration caused by 
microwave radiation can break the ionic bonds in TiO2 
and help to form defect structures [91–93]. For example, 
Ishida et al. [93] synthesized black TiO2 powder by sub-
jecting a water-soluble Ti complex to microwave-induced 
plasma at 100 W for 60 min and reported strong absorp-
tion in all visible light regions (Fig. 9a). Marinel et al. 
[91] also reported the dielectric properties of microwave-
treated TiO2 in which their microwave-treated TiO2 was 
synthesized through the manual grinding of TiO2 powder 
in an agate mortar and pressed into a disk through uni-
axial pressing (90 MPa) followed by microwave treatment 
(200 W), resulting in the color of the TiO2 disk to change 
from white to yellowish brown (Fig. 9b).

3.1.4 � Doping‑Induced Defect Processes

Ion doping in Ti-based oxide lattices is an effective method 
to achieve lattice distortion and introduce impurity states 
in band gaps, thereby extending absorption into the visible 
light region [49, 74, 94–97]. Overall, interstitial and substi-
tutional dopings in TiO2 lattices are complex processes and 
metal and nonmetal doping processes are discussed in this 
section to illustrate the formation of doping-induced defect 
structures. In general, nonmetal atoms (B, N, S, F, etc.) can 
replace O atoms and metal atoms can displace Ti ions in 
doping processes. This is generally accompanied by large 
amounts of ions entering interstitial positions, resulting in 
corresponding charge compensation in doping areas and the 
reorganization of electronic structures.

Fig. 8   a XPS spectra of un-
milled anatase and anatase 
milled for 4 h at 100 K. b EPR 
spectra of ball-milled TiO2 
(rutile). Reprinted with permis-
sion from Ref. [89], copyright 
(2005) American Chemical 
Society

Fig. 9   a UV–Vis spectra of 
black and white TiO2 nano-
particles (the inset: a photo of 
black TiO2 powder). Reprinted 
with permission from Ref. [93], 
copyright 2015, Chemical Soci-
ety of Japan(CSJ). b Picture of 
white TiO2 turning to yellowish 
brown after microwave treat-
ment. Reprinted with permis-
sion from Ref. [91], copyright 
2013, Elsevier
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3.1.4.1  Metal Ion Doping  In one study, Kong et al. [52] 
obtained defect-induced yellow TiO2 by introducing Nb to 
partially replace Ti and reported that the color of the solu-
tion gradually deepened to yellow with increasing Nb con-
centrations (Fig. 10a), which these researchers attributed 
to the fact that the introduced Nb5+ can not only replace 
Ti4+ but also lead to neighboring Ti4+ transitioning to Ti3+ 
in the TiO2 lattice (Fig. 10b). In another study, Wu et al. 
[74] obtained defective TiO2−x by introducing Fe3+ to 
replace Ti4+ in TiO2 lattices corresponding to the forma-
tion of OVs. Here, these researchers suggested that Fe3+ 
can serve as an acceptor-type dopant to partially remove 
and rearrange oxygen ions in TiO6 octahedra and form 
OVs and TiO4 tetrahedra (Fig.  10c). These researchers 
also observed an obvious amorphous region in the high-
resolution TEM image of Fe-doped TiO2 nanoparticles 
(Fig. 10d), which clearly revealed the formation of large 
numbers of OVs after the introduction of Fe3+ into TiO2. 
In a further study, Pathak et  al. [98] prepared Al-doped 
TiO2 by replacing Ti3+ with Al3+ due to similar atomic 
radii as well as the instability of Ti3+. And in addition to 
these mentioned cations, researchers have also reported 
that other cations such as Cu2+ [99], Zn2+ [100], Co2+ 
[101, 102], Cr3+ [94], Mn5+ [103, 104] and V5+ [105] can 
also be used as effective doping ions to create defective 
TiO2 structures. Here, researchers suggested that high-
valence ions (M4+ or M5+) can lead to the transition of 
neighboring Ti4+ to Ti3+ and contribute to the stabiliza-
tion of Ti3+ but do not produce OVs, whereas low-valence 
ions (M1+, M2+ or M3+) can form OVs but are not condu-
cive to the formation of Ti3+.

3.1.4.2  Nonmetal Ion Doping  Similar to metal-doping ions, 
nonmetal ions (B, C, N, S, etc.) have also been introduced 
to replace O atoms or into interstitial positions in TiO2 lat-
tices [49, 95, 106], resulting in the extension of the visible 
light absorption region of materials by narrowing band 
gaps, forming impurity energy levels and creating OVs. 
For example, Feng et al. [107] prepared B-TiO2−x through a 
simple hydrolysis reaction and reported that the color of the 
TiO2 changed from white to gray and subsequently to blue 
with the increasing B content (Fig. 11). In another example, 
Irie et al. [108] synthesized TiO2−xNx nanoparticles through 
annealing at 550, 575 and 600 °C for 3 h under NH3 atmos-

Fig. 10   a UV–Vis diffuse 
reflectance spectra of undoped 
and Nb-doped TiO2 samples 
and b the defect structure of Nb-
doped TiO2: A = the Ti3+ and 
Nb5+ defect couple, B = surface 
Nb5+ defects, C and D = surface 
peroxide defects. Reprinted 
with permission from Ref. [52], 
copyright (2015) American 
Chemical Society. c Trans-
formation from octahedral to 
tetrahedral-coordinated Ti4+ in 
Fe–TiO2 and d high-resolution 
TEM image of 10% Fe/TiO2 
after annealing in air. Reprinted 
with permission from Ref. [74], 
copyright (2012) American 
Chemical Society

Fig. 11   UV–Vis absorption spectra of pure TiO2 and B-TiO2−x sam-
ples with various B-doping contents along with corresponding pho-
tographs. Reprinted with permissions from Ref. [107] under Creative 
Commons



	 Electrochemical Energy Reviews

1 3

phere and reported that the N concentration in TiO2−x grad-
ually increased with calcination temperatures. Moreover, 
Czoska et al. [49] prepared F-doped TiO2 through a typical 
impregnation technique in which TiO2 powder was placed 
in aqueous HF (1 L) with continuous stirring for 1 h fol-
lowed by repeated washing with water and drying at 40 °C 
for 4 h and similarly, Qi et al. [109] prepared Li4Ti5O12−xBrx 
samples through a conventional high-temperature solid-
state reaction in which LiOH·H2O, LiBr·H2O and TiO2 were 
ground together for 1 h and heated at 900 °C for 12 h in air.

3.2 � Chemical Processes

3.2.1 � Hydrogenation Reduction

Because high-valence oxidation state Ti species are the 
main forms of Ti-based oxides, the partial reduction of Ti4+ 
to Ti3+ through chemical methods is an effective strategy 
to create defect structures. Here, hydrogenation is able to 
capture oxygen and maintain OVs in Ti-based oxides, cor-
responding to the incomplete reduction process from high-
valence-state Ti species [44, 75]. Using the hydrogenation 
process of TiO2 as an example, TiO2 can exhibit different 
colors from white to blue to black with increasing defect 
concentrations and the hydrogenation process can be sum-
marized as:

And although according to Eq. 5, hydrogenation should 
be simple, the full hydrogenation mechanism is actually 

(5)TiO2 + H2 ⇌ TiO2x + TiO2−xH2x + Vo + H2O

complex and is affected by temperature, reaction time, pres-
sure, H2 partial pressure, hydrogen plasma and ion doping, 
all of which play a vital role in inducing TiO2/LTO defect 
structures during hydrogenation. In addition, the defect con-
centrations and related physiochemical properties of TiO2/
LTO can exhibit different characteristics due to these condi-
tions [110].

3.2.1.1  High‑Temperature Hydrogenation  As an exam-
ple of high-temperature hydrogenation, Naldoni et al. [42] 
obtained black TiO2 through hydrogen reduction at 500 °C 
for 1  h (Fig.  12a) and reported that although the Raman 
results of white and black TiO2 both presented similar 
phase compositions, a smaller peak shift appeared in the 
black TiO2 that can be attributed to the defect structure after 
hydrogenation (Fig.  12b). Jiang et  al. [111] also reduced 
white P25 TiO2 nanoparticles through annealing at 400 °C 
for 10 h under a pure hydrogen gas (99.99%) atmosphere 
to obtain a gray-colored H-P25 and attributed the different 
coloration to the cooling rate after hydrogenation.

Reaction times and calcination temperatures are also 
important factors affecting the hydrogenation effect. For 
example, Wang et  al. [112] studied hydrogenated TiO2 
nanowire films synthesized at various temperatures from 
300 to 550 °C for 0.5 h and found that white untreated TiO2 
turned yellowish green at 300 to 350 °C and finally black 
at 450 °C and up (Fig. 12c), suggesting that the increased 
visible light absorption is a result of high-temperature 
activation and hydrogenation. In another study, Yu et al. 
[44] also observed the gradual color change of TiO2 from 
white to blue to gray by controlling annealing temperatures 

Fig. 12   a SXRPD pattern and 
photo of black TiO2 and b 
micro-Raman spectra of P25 
and black TiO2. Reprinted with 
permission from Ref. [42], 
copyright (2012) American 
Chemical Society. c Photo-
graphs of pristine TiO2 and 
H-TiO2 nanowires annealed in 
hydrogen at various tem-
peratures from 300 to 550 °C. d 
Gradual changes in the color of 
TiO2 from blue to gray at differ-
ent annealing temperatures and 
annealing times in a hydrogen 
atmosphere. Reprinted with 
permission from Ref. [44], 
copyright (2013) American 
Chemical Society
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(500–700 °C) and hydrogenation times (0.5–16 h) in which 
white untreated TiO2 turned blue at the starting stages 
(0.5–1 h) of hydrogenation and gradually turned gray with 
increasing hydrogenation times (8–16 h) (Fig. 12d). Here, 
these researchers reported that temperature can also deter-
mine color change to some extent in which blue TiO2 can 
be retained longer (over 8 h) at 500 °C but turns to pale gray 
at 600 and 700 °C.

3.2.1.2  High‑Pressure Hydrogenation  As an example of 
high-pressure hydrogenation, Chen et  al. [75] obtained 
black TiO2 nanocrystals through calcination at 200 °C for 
5  days under high pressure hydrogen (20.0 bar H2) and 
reported that a thin amorphous layer formed on the crys-
talline TiO2 after hydrogenation, resulting in an obvious 
color change from white to black (Fig. 13a–d). In addition, 
Qiu et  al. [113] obtained blue rutile TiO2 through typical 
hydrogenation at 450 °C for 1 h with 40 bar hydrogen pres-
sure (Fig. 13e) and reported that their white and blue TiO2 
showed similar diffraction peaks, indicating that hydrogena-
tion does not change the rutile framework and that color 
changes can be attributed to OVs. Qiu et al. [110] in another 
study also prepared hydrogenated LTO through calcination 
at 500  °C (50  °C min−1) under 40 bar H2 atmosphere for 
1 h and reported that the color of the sample changed from 
white to blue as a result of OVs (Fig. 13f, g). Furthermore, 
Lu et al. [114] prepared multiple colors of TiO2 based on 
different hydrogenation times at room temperature (35 bar 
H2, 3–17 days) in which white TiO2 shifted to pale yellow 

after 3 days and gradually changed into much deeper colors 
with increasing hydrogenated times (Fig. 13h). The result-
ing enhanced visible light absorption in this study was also 
confirmed by UV–Vis spectra (Fig. 13i).

3.2.1.3  Mixed Atmosphere Hydrogenation  As for mixed 
atmosphere hydrogenation, Cai et  al. [115] obtained 
hydrogenated TiO2 through calcination in a mixed atmos-
phere (10 vol% H2/N2) at 650  °C for 5  h in which a dis-
ordered shell formed on the surface of TiO2 during high-
temperature hydrogenation accompanied by the transition 
of TiO2(B)-anatase heterophase junctions (Fig.  14a). Su 
et al. [116] also prepared colored TiO2 nanocrystals through 
hydrogen thermal treatments (1 °C min−1) at 300, 400, 500 
and 600 °C for 5 h under a mixed atmosphere (10% H2 and 
90% N2) and suggested that the enhanced visible region 
absorbance associated with temperature was caused by 
OVs (Fig. 14b). These researchers also reported that band 
gap values decreased with increasing calcination tempera-
tures and that the color of the sample gradually transformed 
from white to light yellow and subsequently to darker gray 
(Fig. 14c). In a further study, Wu et al. [117] compared the 
effects of different calcination atmospheres on TiO2 includ-
ing air, nitrogen (99.999%) and a hydrogen/nitrogen mixture 
(15% H2–85% N2) under various temperatures from 400 to 
600 °C for 2 h and reported that white TiO2 turned black 
in N2 and H2/N2 mixed atmospheres at high temperatures 
(400 °C and above) (Fig. 14d). Liu et al. [118] also studied 
the effects of pressure and atmosphere on TiO2 color under 

Fig. 13   a Schematic of the formation of black TiO2. b Photographs of 
white and black TiO2. c, d HRTEM images of white and black TiO2 
nanocrystals. Reprinted with permission from Ref. [75], copyright 
(2011) American Association for the Advancement of Science. e 
XRD spectra of blue and white TiO2 along with corresponding photo-
graphs. Reprinted with permission from Ref. [113], copyright (2014) 

American Chemical Society. f, g SEM images of pristine and blue 
H-LTO. Reprinted with permission from Ref. [110], copyright (2014) 
Royal Society of Chemistry. h Photographs and i UV–Vis spectra 
of P25 treated at different hydrogenation times (35 bar, H2) at room 
temperature. Reprinted with permission from Ref. [114], copyright 
(2014) Royal Society of Chemistry
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different hydrogenation conditions including calcination 
at 450 °C for 1 h in air, calcination in Ar(Ar) or H2/Ar at 
atmospheric pressure, high-pressure H2 treatment (20 bar, 
500 °C for 1 h) and high pressure but low-temperature treat-
ment (H2, 20 bar, 200 °C for 5 d) and reported that white 
TiO2 gradually turned black under Ar(Ar) or H2/Ar atmos-
pheres but was light blue in the high pressure H2 treatment 
(20 bar, 500 °C for 1 h) and gray in the high pressure but 
low temperature atmosphere treatment (H2, 20 bar, 200 °C 
for 5 d) (Fig. 14e).

3.2.1.4  Ion Doping Hydrogenation  Ion doping has been 
reported to be able to modify band structures by producing 
additional dopant-induced impurity energy levels. And by 
combining hydrogenation with ion doping, band gap struc-
tures can be further optimized and visible light adsorption 
can be further enhanced. For example, Wang et al. [119] pre-
pared a series of F-, NF-, HF- and NHF-doped TiO2 through 
various processes, including the hydrothermal reaction of 
tetrabutyl titanate at 180 °C for 24 h with HF as an additive 
to produce TiO2-F, the mixing of TiO2-F with urea followed 
by calcination at 400 °C for 2 h in air to produce TiO2-NF 
and the hydrogenation of TiO2-F and TiO2-NF at 400  °C 
for 2  h to produce TiO2-HF and TiO2-NHF and reported 

that completely different visible light absorption spectra can 
be observed for each sample (Fig. 15a, b) in which TiO2-F 
possessed a white color but changed to bright yellow and 

Fig. 14   a Simplified schematic showing defects and the 
TiO2(B)-anatase heterophase junction. Reprinted with permission 
from Ref. [115], copyright (2015) American Chemical Society. b 
UV–Vis spectra of obtained samples and c band gap energy at dif-
ferent temperatures. Reprinted with permission from Ref. [116], 
copyright (2015) American Chemical Society. d Color change of 

TiO2 nanocrystals calcined at various temperatures for 2 h under dif-
ferent atmospheres of air, nitrogen and a hydrogen/nitrogen mixture. 
Reprinted with permission from Ref. [117], copyright (2016) Else-
vier. e TiO2 nanotubes annealed in air, Ar/H2 or high pressure H2. 
Reprinted with permission from Ref. [118], copyright (2014) Ameri-
can Chemical Society

Fig. 15   a UV–Visible absorption spectra of TiO2-N, TiO2-NF, 
TiO2-HF and TiO2-NHF and b corresponding colors. Reprinted 
with permission from Ref. [119], copyright (2012) Elsevier. c TiO2, 
H-TiO2, N-TiO2 and H, N-TiO2 nanowire arrays. Reprinted with per-
mission from Ref. [120], copyright (2012) American Chemical Soci-
ety
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dark blue after N-doping and H-doping, respectively, before 
finally taking on a brown color as TiO2-NHF. Here, these 
obvious color changes can be attributed to the modified band 
structures as induced by ion doping in which only a few F 
ions can enter the TiO2-F lattice, resulting in a mild defect 
band state, whereas if N atoms were doped into the lattice, 
relatively serious structural distortions will occur, and Ti3+ 
and two independent N 2p defect states will form between 
the conduction band and the valence band. As for TiO2-HF, 
H2 can capture O and F atoms to generate large amounts of 
vacancies and corresponding Ti3+ in the TiO2 lattice. Simi-
larly, H2 can react with N, F and O atoms in TiO2-NF lattices 
and maintain the amount of OVs (N), OVs (F) and OVs (H) 
as well as different Ti3+(N), Ti3+(F), Ti3+(H) and Ti3+(H’), 
leading to a dark brown color. In another example, Hoang 
et al. [120] obtained TiO2 nanowire arrays through calcina-
tion in various atmospheres including H-TiO2 (500 °C in H2/
Ar for 1 h), N-TiO2 (500 °C in NH3 for 2 h) and H, N-TiO2 
(500 °C in H2/Ar for 1 h followed by NH3 at 500 °C for 2 h) 
and reported no obvious color change after hydrogenation 
as compared with pristine TiO2 but that the color changed to 
green after nitridation and dark green after both nitridation 
and hydrogenation (Fig. 15c).

3.2.1.5  Plasma‑Enhanced Hydrogenation  For plasma-
enhanced hydrogenation, Yan et al. [121] obtained various 
colored TiO2 after treatment with hydrogen plasma in which 
white TiO2 was treated by using an inductively coupled 

plasma instrument at 150 °C for 30 s, 1 min, 3 min, 5 min 
and 20 min and reported that the color of TiO2 gradually 
deepened from white to blue (3 min) to dark blue (5 min) 
and finally to black (20 min) (Fig. 16) as confirmed by the 
increasing visible light absorbance in the UV–Vis spectra. 
Wu et al. [122] also prepared blue TiO2 through hydrogen 
plasma treatment in which white TiO2 was preheated in a 
vacuum at 320 °C for 0.5 h and subsequently treated with 
hydrogen plasma for 1.5  h under 50  Pa H2 gas, and they 
observed a similar color evolution from white to blue.

3.2.2 � Active Metal Reduction

Compared with hydrogen, metal elements such as Li, Al, Mg 
and Zn possess relatively high reducing activities and can 
partially capture oxygen atoms to leave OVs and Ti3+ centers 
in lattices [79, 123–126]. In addition, significant advantages 
such as low costs and simple and safe preparation methods 
have attracted widespread attention for metal reduced TiO2.

3.2.2.1  Li‑Based Reduction  As an example of Li-based 
reduction, Ou et al. [79] obtained black TiO2 through a sim-
ple grinding process in which the initial white TiO2 turned 
blue with the addition of 1 wt% Li powder and subsequently 
changed to black as the amount of Li powder increased 
(Fig. 17a). Here, these researchers reported that this obvi-
ous color change did not affect the crystal structure of TiO2 

Fig. 16   UV–Vis absorption 
spectra and related photo-
graphs of obtained TiO2 with 
H2 plasma treatment for 30 s, 
1 min, 3 min, 5 min and 20 min, 
respectively. Reprinted with 
permission from Ref. [121], 
copyright (2014) Royal Society 
of Chemistry
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as shown in XRD results and that this lithiation effect with 
TiO2 can also occur for oxides such as ZnO, SnO2 and CeO2.

3.2.2.2  Al‑Based Reduction  As for Al-based reduction, 
Yang et  al. [123] prepared a core–shell structured black 
TiO2 through a two-step reducing process in which Al pow-
der and pristine TiO2 were separately placed in an evacuated 
two-zone furnace at 800 °C (Al) and 500 °C (TiO2) for 6 h 
followed by reheating at 600 °C for 4 h under a H2S atmos-
phere (1000 Pa) in which a surface disorder layer formed on 
rutile TiO2 through the initial molten Al reductive treatment 
and S atoms were incorporated into the disordered shell 
under subsequent heating in a H2S atmosphere (Fig. 17b). 
Here, these researchers reported that the sulfurized TiO2 
possessed a light brown or black color based on the TiO2 
surface phase and that the black rutile TiO2-S returned to 
gray after annealing. Lin et  al. [124] also obtained black 
TiO2 through a two-step synthesis process involving Al-
based reduction and ion doping in which black TiO2−x was 
initially prepared through Al reduction in a two-zone evacu-
ated furnace at 800 °C followed by reheating at 500 °C for 
4 h in atmospheres of hydrogen plasma, S and I2, and a mixed 
atmosphere of NH3 and Ar (2:1) to form H-doped black tita-
nia (TiO2-H), S- and I-doped black titania (TiO2-S, I), and 
N-doped black titania (TiO2-N), respectfully (Fig. 17c).

3.2.2.3  Mg‑Based Reduction  In terms of Mg-based reduc-
tion, Ye et al. [125] prepared colored TiO2−x through calci-
nation at 500, 600 and 700 °C in Ar atmosphere for 4 h under 
a controlled ratio of TiO2 and Mg powder and reported that 
white TiO2 (P25) gradually changed to gray, blue-gray, light 
black or dark black with increasing amounts of Mg powder 
(Fig. 17d). Sinhamahapatra et al. [127] also prepared black 
TiO2 through a similar process in which mixed TiO2 and 
Mg powder was transferred to a tube furnace and heated at 
650 °C for 5 h under a 5% H2/Ar atmosphere, and reported 
that the reduced TiO2 presented different colors based on 
the amount of Mg powder added.

3.2.2.4  Zn‑Based Reduction  As an example of Zn-based 
reduction, Zheng et  al. [126] synthesized Ti3+ self-doped 
TiO2 through a facile Zn powder reduction process and 
reported that the solution color gradually changed from light 
blue to dark blue and to black based on the different Zn/
TiCl4 molar ratios of 0, 1:8, 1:4, 1:3, 1:2 or 3:4 (Fig. 17e). In 
addition, these researchers also used Mg and Al powders in 
place of Zn and reported that the resulting solutions turned 
light blue and dark blue, respectively. Here, these solu-
tions were transferred into a Teflon autoclave and heated at 
180 °C for 24 h to obtain Ti3+ self-doped TiO2.

Fig. 17   a Photographs of pristine and Li-reduced oxide nanoparticles: 
TiO2, ZnO, SnO2 and CeO2. Reprinted with permission from Ref. 
[79], copyright (2018) Springer Nature. b Schematic of the synthesis 
of rutile TiO2 (R-TiO2) with a sulfurized surface along with photo-
graphs of R-TiO2-S, R’-TiO2-S-4 h and R’-TiO2-S annealed at 800 °C 
in an Ar atmosphere through Al reduction.  Reprinted with permis-
sion from Ref. [123], copyright (2013) American Chemical Society. c 
Evolution from pristine TiO2 to TiO2−x and to x-doped TiO2−x (x = H, 

N, S, I). Reprinted with permission from Ref. [124], copyright (2014) 
Royal Society of Chemistry. d TiO2 obtained by adding 60 mg (sam-
ple 1), 120 mg (sample 2), 240 mg (sample 3) and 400 mg (sample 
4) Mg powder. Reprinted with permission from Ref. [125], copyright 
(2017) John Wiley and Sons. e TiCl4 solutions in ethanol after adding 
Zn powder at different ratios and Mg, Al powder (Mg/Al:TiCl4 = 2:1). 
Reprinted with permission from Ref. [126], copyright (2013) Royal 
Society of Chemistry
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3.2.3 � Other Chemical Reduction Processes

In addition to H2 and metal reducing agents, other reduc-
ing agents can also capture oxygen atoms and create defect 
structures in TiO2/LTO, resulting in corresponding color 
changes from white to blue or black (Table 3).

3.2.3.1  NaBH4  As an example of NaBH4 as a reducing 
agent, Ariyanti et  al. [128] prepared defective black TiO2 
through a sealing-transfer reduction process using NaBH4 
as a reducing agent followed by annealing at 300–450 °C 
under an Ar atmosphere for 1 h and reported that white TiO2 
gradually changed to gray and black with increasing tem-
peratures (Fig. 18a). Similarly, Xu et al. [129] also prepared 

defective black TiO2 through a NaBH4 high-temperature 
reducing process at 425 °C for 2 h under an Ar atmosphere.

3.2.3.2  C2H5OH  As for C2H5OH as a reducing agent, Chen 
et al. [130] were able to prepared black TiO2 through a fac-
ile synthetic procedure in which TiO2 nanoparticles (0.5 g) 
were dispersed in ethanol (50 mL) to form a milky-white 
suspension followed by heating at 400  °C for 3  h, which 
led to an obvious color change from white to black. Nasara 
et al. [131] also obtained highly oxygen-deficient Li4Ti5O12 
using a facile C2H5OH reducing strategy in which TiO2 and 
Li2CO3 (a molar ratio of Ti/Li = 5:4) were mixed through 
wet ball milling and heated to 800  °C for 0–8  h under 
ambient atmosphere. Here, these researchers reported that 
anatase TiO2 tended to transform into a rutile phase and 

Table 3   Comparison of 
reducing agents in the induction 
of defect structures in TiO2/LTO

Pristine TiO2/LTO 
color

Reductant Defect TiO2/LTO color References

White NaBH4 Gray and black [128, 129]
White C2H5OH Blue or black [130, 131]
White CaH2 Black [132]
White N2H4 Black [133]
White Diethylene glycol Black [134]
White Imidazole Gray [135]
White Electrochemical reduction Brown or black [136, 137]

Fig. 18   a Schematic for the preparation of black TiO2 and photo-
graphs of colored TiO2−x. Reprinted with permission from Ref. 
[129], copyright (2017) IOP Publishing. b Formation mechanism 
of defective-LTO and c XRD of LTO calcined at 800 °C for various 
time periods. Reprinted with permission from Ref. [131], copyright 
(2017) John Wiley and Sons. d Photographs of (A) Ti glycolate gel 

and (B) black anatase TiO2−x with the Ti glycolate gel structure high-
lighted. Reprinted with permission from Ref. [134], copyright (2016) 
Royal Society of Chemistry. e Ti3+ self-doped TiO2 NT synthesis and 
f photographs of TiO2 NTs and detached ECR-TiO2 NT powders. 
Reprinted with permission from Ref. [136], copyright (2013) Royal 
Society of Chemistry
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Li2CO3 will thermally decompose to form CO2 and Li2O 
at high temperatures (Fig. 18b), allowing Li2O to react with 
TiO2 to form Li4Ti5O12 and the accelerated thermal reduc-
tion of C2H5OH with evolved CO2 gas in which the reducing 
agent can capture oxygen atoms and form highly oxygen-
deficient Li4Ti5O12−x (Eq. 6). And based on XRD results of 
LTO at 800 °C with different calcination times, the anatase 
and rutile-TiO2 gradually disappeared and transformed into 
the LTO phase with increasing calcination times, corre-
sponding to a change in the LTO color from light to dark 
blue (Fig. 18c).

3.2.3.3  CaH2  In terms of CaH2, Tominaka et al. [132] syn-
thesized TiO2−x through a simple CaH2 reducing process 
involving the mixing of TiO2 and CaH2 at a weight ratio of 
1:4 under an Ar atmosphere followed by heating at 350 °C 
for 15 days and the washing of the obtained product with 
NH4Cl and drying in air.

3.2.3.4  N2H4  Using N2H4 as a reducing agent, Mao et  al. 
[133] in their study were able to fabricate higher Ti3+ self-
doping TiO2−x. In this synthesis process, Ti foil was briefly 
soaked in an aqueous HCl solution and hydrothermally 
treated at 220  °C for 18  h. Subsequently, the sample was 
washed with water, dried in Ar gas and reheated at 550 °C 
for 150 min under Ar. Finally, the sample was placed in a 
N2H4 solution (20%, 10 mL), preheated at 220 °C for 20 h 
and washed with water to remove residual N2H4 to obtain 
the final TiO2−x.

3.2.3.5  Organic Reducing Agents  In terms of organic reduc-
ing agents, Ullattila et al. [134] reported that Ti3+ self-doped 
black TiO2 can be prepared by using a gel combustion strat-
egy in which by mixing 0.2 M Ti(IV), butoxide (6.8 g) and 
diethylene glycol (50 mL), a yellow ethyl glycolate gel can 
be formed. Deionized water (14.4 mL) can subsequently be 
added to form a hydrated Ti glycolate gel, which if heated in 
a muffle furnace at 300 °C for 2 h, can produce black TiO2 
(Fig.  18d). In another example, Zou et  al. [135] reduced 
TiO2 with imidazole in which TiO2 (0.5 g), imidazole (1 g) 
and HCl (37 wt%, 3 mL) were mixed, heated at 450 °C for 
6 h and cooled to room temperature to form defective TiO2.

3.2.3.6  Electrochemical Reducing Agents  As for electro-
chemical reducing agents, Zhang et al. [136] prepared Ti3+ 
self-doped TiO2 through a two-step anodization and one-
step reduction process. Here, a Ti sheet was anodized at 

(6)

C2 H5 OH (g) + reducing agent
Pressure
⟶

2C (g) + 3H2 (g) + oxidized reducing agent

60 V for 30 min to remove the as-grown nanotube layer and 
the resulting nanoconcave Ti sheet was again anodized at 
80 V for 5 min and heated at 450 °C for 1 h in air to obtain 
hierarchical TiO2 nanotubes (TiO2 NTs) (Fig.  18e). And 
during the electrochemical reduction process, the TiO2 NTs 
were reduced at − 0.4  V in a 1  M Na2SO4 electrolyte for 
30 min in which the Ti4+ in the TiO2 NTs captured electrons 
and converted to Ti3+, causing a color change from white to 
brown (Fig. 18f). Dong et al. [137] also prepared defective 
TiO2−x through a similar anodization technique in which a 
TiO2 layer was grown on Ti foil through a two-step anodiza-
tion process at 60 V for 10 h followed by heating at 450 °C 
for 1 h in ambient atmosphere to obtain black TiO2−x.

3.2.4 � Chemical Oxidization

In addition to the reduction of Ti4+ to Ti3+, the oxidiza-
tion of low-valence state Ti (Ti2+ or Ti3+) to Ti4+ and the 
maintenance of remaining partial low-valence states (Ti2+ 
or Ti3+) in Ti-based oxides are also effective strategies to 
produce black defective TiO2−x. Here, because low-valence 
state Ti (Ti2+ or Ti3+) is relatively unstable and prone to 
being oxidized to Ti4+, reducing agents are needed to ensure 
the formation of defective structures.

3.2.4.1  TiH2  As an example of chemical oxidization by 
using TiH2, Xin et al. [76] prepared Ti3+ self-doped black 
TiO2 through a typical oxidization process in which TiH2, 
H2O and H2O2 were mixed to form a yellowish gel-like pre-
cursor followed by the addition of NaBH4 and heating at 
180  °C for 24  h to obtain light blue TiO2−x. This TiO2−x 
sample was subsequently heated at 300–700  °C for 3  h 
under a N2 atmosphere to obtain various colors of TiO2−x 
(Fig.  19). In other examples, Grabstanowicz et  al. [138] 
conducted a similar oxidative conversion of TiH2 to black 
TiO2−x by adding H2O2 and Liu et al. [139] prepared Ti3+ 
self-doped TiO2−x nanoparticles through a H2O2 oxidation-
based method.

3.2.4.2  TiCl3  As for TiCl3, Chen et al. [77] obtained dark-
colored rutile TiO2 using a solvothermal method in which 
Mg powder, TiCl3 and isopropanol were uniformly mixed 
and treated with a hydrothermal process at 180 °C for 6 h 
to form a dark-gray TiO2 powder. Zhu et al. [140] also pre-
pared blue TiO2−x through a facile solvothermal method in 
which TiF4 and TiCl3 were briefly dissolved in anhydrous 
alcohol and treated with a hydrothermal process at 180 °C 
for 24 h. These researchers in the same study also prepared a 
series of Ti3+ self-doped TiO2−x samples by controlling the 
molar ratio of TiF4 to TiCl3 at 0, 1∶5, 1∶20, 1∶40, 1∶80 and 
1:120, and Zhao et al. [141] prepared blue TiO2−x through a 
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hydrothermal reaction by mixing TiCl3 with Zn powder in 
isopropanol.

3.2.4.3  TiO and Ti2O3  TiO and Ti2O3 can also be used for 
chemical oxidization. For example, Pei et  al. [142] syn-
thesized defective TiO2−x through a simple hydrothermal 
process in which TiO and HCl solutions were mixed uni-
formly and treated with a hydrothermal process at 160 °C 
for 24  h. In another example, Dong et  al. [143] prepared 
Ti3+ self-doped Li4Ti5O12 through a novel solid-state strat-
egy in which a stoichiometric ratio of Li2CO3 to Ti2O3 was 
mixed by ball milling for 4  h with ethanol as an additive 
and annealed at 800  °C for 6  h to obtain Ti3+ self-doped 
Li4Ti5O12.

4 � Characterization of Defects in TiO2 
and LTO

Nanoscale dimensions and extremely low concentrations of 
defects make their qualitative characterization and quantita-
tive determination difficult. Overall, the most widely used 
characterization techniques for defects can be classified into 
scanning probe microscopy (SPM), incident photon-based 
techniques, incident electron-based techniques, thermal anal-
ysis and other techniques. Here, SPM can be directly used 
to visualize OVs at the nanoscale and molecular level and 

indirect detection techniques can be applied with the help 
of incident photons or electrons. However, semiconductors 
with OVs possess different magnetic and electronic proper-
ties, which can lead to changes in spectroscopic response. 
As for thermal analysis and other related techniques, these 
can be used to monitor weight changes and reaction products 
during defect-inducing processes. In general, characteriza-
tion techniques are powerful tools to investigate the impact 
of defects on the properties of Ti-based oxides and will be 
briefly discussed in this session.

4.1 � Scanning Probe Microscopy (SPM)

Scanning probe microscopy (SPM) includes a range of 
techniques that can image surfaces and structures down to 
the atomic level by using a physical probe to scan samples. 
During the scanning process, a computer is used to gather 
data concerning the interaction between probes and surface 
changes with position in which minor changes in surfaces 
can greatly alter surface properties and affect interactions, 
which is the basic mechanism underlying atomic resolutions. 
And of the various SPM techniques, scanning tunneling 
microscopy (STM) and atomic force microscopy (AFM) are 
among the most widely used. As for Ti-based oxides, the 
conduction and valence bands of TiO2 are usually dominated 
by Ti-3d and O-2p orbitals, respectively, and under applied 
voltage, electrons from the tip of an STM first tunnel to 

Fig. 19   Mechanism of Ti3+ 
distribution in as-prepared 
TiO2−x and corresponding 
images of Ti3+ self-doped TiO2 
samples prepared with heating 
between 300 and 700 °C for 
3 h in a N2 gas flow. Reprinted 
with permission from Ref. [76], 
copyright 2015, Elsevier
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the Ti-3d orbital in the conduction band before being trans-
ported away, allowing for the detection of Ti and O atoms 
(typically represented by bright or dark colors, respectively). 
Furthermore, OVs can create shallow donor states in band 
gaps and the Fermi level is elevated next to the conduction 
band minimum (CBM), causing these defects to appear as 
bright spots between bright Ti rows. As an example, two 
STM micrographs of a rutile TiO2 (110) surface can indi-
cate the existence of a diffusion pathway for OVs, which 
becomes more evident in the corresponding difference image 
(Fig. 20a–c, the ball model of this process is presented in 
Fig. 20d) [144].

4.2 � Incident Photon‑Based Techniques

4.2.1 � X‑Ray Diffraction (XRD) Pattern Analysis

As a widely used technique, XRD can detect changes in 
crystal structure as induced by OVs and dopants in which 
defects can be confirmed by XRD peak shifts. And unlike 
techniques that measure properties that have a direct asso-
ciation with OVs, XRD results need to be confirmed with 
other techniques (XPS, EPR, etc.) to eliminate other pos-
sibilities and provide direct evidence of OVs. For example, 

Choudhury et  al. [145] prepared Co-doped TiO2 nano-
particles and found a slight shift of the (101) peak toward 
lower angles (Fig. 21a) as well as a larger full width at half 
maximum (FWHM) in which the decrease in peak inten-
sity confirmed structural irregularity after doping. Here, the 
altered position of the diffraction peak can be explained by 
considering the different chemical valence states of Ti4+ and 
Co2+ in which as OVs are formed after doping to maintain 
charge neutrality, changes in the local structure surrounding 
Co2+ ions occur in accordance with other reported studies 
[146–148]. A similar phenomenon was also observed in 
defective LTO (Fig. 21b) in which the characteristic blue 
color as well as the shifting of (111) and (311) peaks toward 
lower angles was consistent with the presence of OVs as 
confirmed by XPS [131].

4.2.2 � X‑Ray Absorption Fine Structure (XAFS) Spectroscopy

The irradiation of samples with high intensity X-ray beams 
can cause sharp increases in absorption to produce absorp-
tion edges at certain energy. The oscillatory feature above 
the edge is called X-ray absorption fine structure (XAFS) 
and is caused by interferences between photoelectrons and 
surrounding atoms [149]. In addition, this energy-dependent 

Fig. 20   a, b Consecutive STM 
images of TiO2 with a bridging 
OV marked by a circle. c Differ-
ence image constructed by sub-
tracting b from a. d Ball model 
for the TiO2 (110) surface. The 
arrow represents an observed 
vacancy diffusion pathway. 
Reprinted with permission from 
Ref. [144], copyright (2003) 
American Association for the 
Advancement of Science
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variation in the X-ray absorption spectrum can be divided 
into X-ray absorption near-edge spectroscopy (XANES) 
and extended X-ray absorption fine-structure spectroscopy 
(EXAFS) in which the former (from the edge to 30–50 eV) 
contains information concerning the electronic structure and 
the oxidation state of absorbing atoms, whereas the latter 
(from 30–50 eV to 1000 eV) is sensitive to the bond length, 
the coordination number and surrounding species of absorb-
ing lattice atoms. Here, the presence of defects can change 
the coordination number and the chemical bond length of 
Ti–O to alter the chemical environment of nearby atoms, and 

therefore, XAFS can be an effective technique to investigate 
defects in TiOx.

For example, Wu et al. [74] investigated the transforma-
tion of Ti4+ local structures induced by OVs using XANES 
and EXAFS and reported three low-density pre-edge peaks 
(A1, A2, A3) characteristic of the octahedral coordination 
of Ti (Fig. 22a). Here, these researchers attributed this to 
the transition from the Ti 1s orbital to different molecular 
orbitals (1t1g, 2t2g and 3eg) [150, 151]. In addition, these 
researchers reported that as compared with pure TiO2, a 
new absorption shoulder peak (Ttet) between A1 and A2 

Fig. 21   a XRD patterns of undoped and Co-doped TiO2 nanopar-
ticles. Reprinted with permission from Ref. [145], copyright 2012, 
Elsevier. b Pristine and defective LTO synthesized in a reducing 

atmosphere at 800 °C under high pressure. Reprinted with permission 
from Ref. [131], copyright (2017) John Wiley and Sons

Fig. 22   a Ti K-edge XANES 
spectra and b the magnitude 
component of Fourier trans-
formed k3-weighted χ (k) of the 
Ti K-edge EXAFS spectra for 
pure TiO2 and Fe-doped TiO2. 
Reprinted with permission from 
Ref. [74], copyright (2012) 
American Chemical Society. c 
Ti K-edge XANES spectra and 
d EXAFS spectra of undoped 
Li4Ti5O12 in an oxidizing 
atmosphere (LTO-O), undoped 
Li4Ti5O12 in a reducing atmos-
phere (LTO-R) and Mo-doped 
Li4Ti5O12 in a reducing atmos-
phere (Mo-LTO-R). Reprinted 
with permission from Ref. [155] 
under Creative Commons
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can be observed for Fe-doped TiO2, indicating the pres-
ence of tetrahedrally coordinated Ti ions in which Ti ions 
remained in the form of Ti4+ instead of Ti3+ because the 
first maximum of the first derivative for the main edge jump 
did not shift to lower energy [152, 153]. These researchers 
also reported that the Ti–O bond length shrank from 1.93 
to 1.81 Å (Fig. 22b), which is close to the Ti–O distance in 
TiO4 tetrahedra [150, 154], clearly providing evidence of 
the existence of tetrahedrally coordinated Ti4+. In another 
example, Song et al. [155] used XANES to study changes 
in the OV concentration in Li4Ti5O12 in which the obtained 
pre-edge peak centered at 4972 eV corresponded to the 
pure electric quadrupole 1s → 3d transition and the peak for 
LTO-R was found to be higher than that for LTO-O, indicat-
ing the increased distortion of the TiO6 octahedral structure 
for LTO-R (Fig. 22c). Here, these researchers suggested that 
the intensity of the pre-edge peak was directly related to a 
break in central symmetry, which can be attributed to OVs, 
demonstrating that LTO-R possesses a higher OV content. 
The same conclusion was also drawn after analyzing the 
peak position at ~ 4990 eV, which represented the 1s → 4p 
transition in which the hybridization of Ti p − t2g orbitals 
was enhanced due to severer distortions, leading to the lower 
probability of 1s → 4p transition. Furthermore, the results 
of the Ti K-edge EXAFS analysis in this study also demon-
strated that the distortion of the TiO6 octahedral structure in 
LTO-R was intenser than that in the other two (as calculated 
by using Debye–Waller factors) (Fig. 22d) [155].

4.2.3 � X‑Ray Photoelectron Spectroscopy (XPS)

XPS, also known as electron spectroscopy for chemical 
analysis (ESCA), is a quantitative technique to analyze the 
surface of a sample and provide information concerning 
elemental composition, chemical valence states, electronic 
states and so on. The basic principle of XPS is to simultane-
ously measure kinetic energy and the number of photoelec-
trons ejected from a surface through monoenergetic X-rays 
(for Al Kα X-rays, h� = 1486.7 eV ) under high vacuum con-
ditions in which the kinetic energy ( EK ) of electrons depends 
on the irradiating photon energy ( h� ), the binding energy 
( EB ) between electrons and nuclei relative to the Fermi level 
and the work function ( � ), which is an adjustable instrumen-
tal correction factor calculated by using Eq. 7 [156]:

And based on the value of EB and the chemical shift, 
elemental composition and chemical bonding states can be 
calculated quantitatively because binding energy is related to 
the structure of electron shells and the surrounding environ-
ment of atoms in question. For example, Kang et al. [157] 
studied TiO2 nanotube arrays (NTAs) with OVs prepared 

(7)h� ⇌ EK + EB + �

through NaBH4 treatment using XPS and reported similar 
shifts of O 1s and Ti 2p, indicating the migration of electrons 
from O and Ti ions to OVs that can be regarded as electron 
traps (Fig. 23a, b). These researchers also used valence band 
XPS (VBXPS) to investigate the density of states (DOS) and 
the occupation of electronic states in the valence band and 
reported that the introduction of OVs can lead to the narrow-
ing of band gaps from 2.03 to 1.50 eV as well as the pres-
ence of a slight band tail at ~ 0.97 eV (Fig. 23c). Here, these 
researchers suggested that the band tail represented local-
ized defect states in the band gap at 0.75–1.18 eV below the 
CBM (Fig. 23d). In addition to peak shifts and defect states, 
XPS can also be used to confirm the existence of defects 
through peaks in deconvolved spectra [158] in which new 
peaks were observed at 684.8 eV (F–) [148], 485.8 eV (Sn2+) 
and 486.4 eV (Sn4+) [159] as compared with pristine TiO2. 
And as for reference Li4Ti5O12 (R-LTO), the deconvolved 
XPS spectrum could only be fitted with two single peaks, 
implying that all Ti ions were Ti4+ (Fig. 23e), whereas for 
LTO with OVs (Fig. 23f), each of the two peaks could be 
deconvolved into two component peaks, indicating the exist-
ence of Ti3+ that formed with OVs through Eq. 8:

4.2.4 � Raman Spectroscopy

Raman spectroscopy is a nondestructive technique based 
on the inelastic scattering of monochromatic light, usually 
from a high-intensity laser source in which laser light pho-
tons are initially absorbed by analyte and subsequently ree-
mitted. This reemitted light of the same wavelength as the 
laser source is called the Rayleigh scattered light (elastic 
scattering) and does not contain structural information con-
cerning samples but does constitute most of the scattered 
light. Here, only a small proportion of photons shift up or 
down frequencies due to interactions with chemical bonds 
in materials. These photons are called Raman scattered light 
(inelastic scattering), and changes in frequency can provide 
information concerning vibrational, rotational and other low-
frequency transitions in samples [160]. In terms of TiO2, 
the main Raman active mode centered around 142 cm−1 
(Eg) possesses a blueshift and a larger FWHM for partially 
reduced TiO2 that becomes more evident with increasing 
reaction temperatures (Fig. 24a) [161]. This phenomenon 
is generally attributed to the small size effect of crystal-
line grains (< 10 nm) or the decreased correlation lengths 
as induced by defects in which the former can be excluded 
because the size of nanoparticles is not less than 19 nm. And 
considering that the liquid reduction process does not intro-
duce any impurities as shown in energy dispersive X-ray 
results (Fig. 27a), the only practical conclusion is that OVs 
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led to the blueshift and larger FWHM. Furthermore, a simi-
lar blueshift at 144 cm−1 can also be observed in F-doped 
TiO2 [148], and as for Li4Ti5O12 nanoparticles [162], the 
Raman peaks possess a blueshift from 674 to 680 cm−1, 
which corresponds to the Ti–O vibration mode (Fig. 24b), 
meaning that more OVs are produced under an Ar/H2 reduc-
ing atmosphere (8% mol). Moreover, the correlation between 
shifts/broadening of Raman peaks and the presence of OVs 
has also been observed in other studies [74, 163–165].

4.2.5 � Fourier Transform Infrared (FTIR) Spectroscopy

FTIR spectroscopy can be used to obtain the spectra of infra-
red light absorption or emission in samples. Here, different 
vibration modes of various bonds can selectively absorb the 
radiation of specific wavelengths and these wavelengths can 
cause changes in dipole moments and elevate vibrational 
energy levels in which the frequency of absorption peaks is 
based on the vibrational energy gap between ground states 
and excited states. In addition, the number of vibrational 

Fig. 23   a O 1s, b Ti 2p and c valence band XPS spectra of pristine 
and NaBH4 reduced TiO2 NTAs. d Schematic of the DOS of reduced 
and pristine TiO2 NTAs. Reprinted with permission from Ref. [157], 
copyright 2013, Royal Society of Chemistry. e Deconvolved XPS 

spectra of reference Li4Ti5O12 (R-LTO) and f Li4Ti5O12 with OVs 
(O-LTO) synthesized under 5 vol% H2/Ar atmosphere. Reprinted 
with permission from Ref. [158], copyright 2017, Elsevier
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freedom degrees of chemical bonds can determine the num-
ber of absorption peaks. Therefore, by analyzing FTIR spec-
tra, vibration modes in TiO2 or Li4Ti5O12 crystal lattices can 
be investigated, which are affected by synthesis conditions, 
doped ions, presence of OVs, etc. Furthermore, FTIR spec-
troscopy can be used to confirm the presence of OVs in doped 
Ti oxides. In general, absorption peaks around 400–800 cm−1 
can be attributed to the bending and stretching vibration modes 
of Ti–O–Ti and Ti–O bonds [168, 169]. For example, Choud-
hury et al. [145] found a redshift for doped TiO2 nanoparticles 
in the peak position of Ti–O from 454 cm−1 (undoped TiO2) 
to 425 cm−1 and 423 cm−1 (0.02 and 0.04 Co2+-doped TiO2, 
respectively) (Fig. 24c). And because of charge neutrality, OVs 
were undoubtedly introduced into the Co2+-doped samples, 
which can decrease the number of O ions available to form 
chemical bonds with metal ions, meaning bond strengths and 
force constant values (k) will decrease according to Eq. (9):

(9)� =
1

2πc

(

k

�

)
1

2

in which � is the wave number, k is the force constant of 
the chemical bond and � is the reduced mass of the bond 
associated with the elements, meaning that lowered k or 
increased � will lead to redshifting in corresponding FTIR 
peaks. Similar results for redshifting in FTIR spectra peaks 
were also reported for Zn- and Mn-co-doped TiO2 [170].

4.2.6 � Photoluminescence (PL) Spectroscopy

Photoluminescence (PL) is a process in which electrons 
are excited to higher electronic states after absorbing pho-
tons and subsequently return to lower energy states and 
radiate photons. PL spectroscopy can allow for the char-
acterization of properties at the surface/interface of sam-
ples, especially those related to impurities and defects. For 
example, Sarkar et al. [166] conducted room-temperature 
PL emission spectra for TiO2 nanotubes by exciting sam-
ples with 325 nm wavelength photons. Here, the obtained 
Gaussian curve fitted PL spectra (Fig. 24d) showed sev-
eral peaks in which peak 1, positioned around 380 nm 
(3.26  eV), matched well with the band gap energy of 
anatase TiO2 whereas peak 2 (411 nm, 3.01 eV) and peak 

Fig. 24   a Raman spectra of the pristine anatase phase of TiO2 
nanotube arrays (TNAs) and partially reduced TNAs (PR-TNAs) in 
NaBH4 solution at different temperatures. Reprinted with permission 
from Ref. [161], copyright 2015, IOP Publishing. b Raman spectra 
of Li4Ti5O12 synthesized under different atmospheres. Reprinted with 
permission from Ref. [162], copyright 2011, Springer Nature. c FTIR 
spectra of undoped and Co2+ doped TiO2 nanoparticles. Reprinted 
with permission from Ref. [145], copyright 2012, Elsevier. d Gauss-
ian peak fitted PL spectra of TiO2 nanotubes. Reprinted with permis-

sion from Ref. [166], copyright (2017) American Chemical Society. 
e EPR spectra of defective TiO2 nanoparticles reduced by L-ascor-
bic acid (0, 0.3 and 0.7 g corresponding to white, brown and black 
TiO2−x). Reprinted with permissions from Ref. [167] under Creative 
Commons. f Derivative  EPR spectra of undoped LTO in oxidizing 
(LTO-O) and reducing atmospheres (LTO-R) as well as Mo-doped 
LTO in reducing atmosphere (Mo-LTO-R). Reprinted with permis-
sions from Ref. [155] under Creative Commons
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4 (496 nm, 2.5 eV) can be assigned to free exciton recom-
bination and band tails, respectively, and peak 3 (437 nm, 
2.84 eV) and peak 5 (523 nm, 2.37 eV) are related to sur-
face defects or surface OVs, which can further become F 
and F+ centers. In addition, these researchers suggested 
that peak 3a centered around 465 nm (2.66 eV) originated 
from shallow and deep surface traps, which are associ-
ated with Ti3+ states that are a result of the combination 
of electrons in F centers and adjacent Ti4+ ions based on 
Eqs. (10–13) [171]:

And as a result of these findings, it can be confirmed that 
visible light PL emission peaks in TiO2 are closely related 
to OV defects. Moreover, researchers have also reported that 
for Co-doped TiO2, an obvious decrease in intensity ratios 
of UV to visible emission peaks with dopant concentration 
can be observed [145].

4.2.7 � Electron Paramagnetic Resonance (EPR)

Electron paramagnetic resonance (EPR), also known as elec-
tron spin resonance (ESR), is another powerful and nonde-
structive method to study materials with unpaired electrons 
based on the fact that every electron possesses a magnetic 
moment and a spin quantum number ( ms = ±1∕2 ). Here, 
in the presence of an external magnetic field ( B0 ), separa-
tion between lower and upper states of unpaired electrons 
occurs with energy differences being calculated based on 
ΔE = g �BB0 in which g is the Landé g-factor, �B is the 
Bohr magneton ( �B = eℏ∕2me = 5.7884 × 10−5eV T−1 ), and 
B0 is the strength of the applied magnetic field. And based 
on this equation, the splitting of energy levels is directly 
proportional to the strength of the applied magnetic field. In 
addition, unpaired electrons can move between two energy 
levels by absorbing or emitting photons with a frequency of 
� with the condition ΔE = h� (h is Planck’s constant). Based 
on this, the fundamental equation of EPR spectroscopy is: 
h� = g �BB0 . Moreover, aside from original absorption spec-
tra, the first derivative of EPR signals is the most common 
method to report results. Overall, multiple studies have con-
firmed that EPR is an extraordinarily powerful technique to 
identify OVs and OV-related defect states [155, 158, 167, 
172–177] in which for reduced TiO2 nanoparticles, F+ cent-
ers (OVs containing a single electron) and Ti3+ ([Ar]3d1) 

(10)VO + 2e− ⇌ F

(11)F + Ti4+ ⇌ F+ + Ti3+

(12)VO + e− ⇌ F+

(13)Ti4+ + e− ⇌ Ti3+

can be directly detected. And based on Eq. (11) in which 
Ti3+ ions are formed after Ti4+ ions gain an electron from 
adjacent OVs (F centers), the presence of Ti3+ ions can be 
regarded as a sign of the presence of OVs. For example, 
defective TiO2−x and Mo-doped Li4Ti5O12 samples show 
strong EPR signals around g = 2, which can be ascribed to 
single electron-trapped OVs (F+ centers) (Fig. 24e, f), and 
in general, g values around 1.96–1.99 correspond to Ti3+ 
ions on surfaces. Furthermore, large increases in EPR signal 
intensities for brown and black TiO2−x can also indicate the 
increased production of OVs with increasing reduction from 
L-ascorbic acid (Fig. 24e). Similar increases can also be 
observed for LTO-O (in oxidizing atmosphere) and LTO-R 
(in reducing atmosphere) (Fig. 24f). Alternatively, the EPR 
signal intensity for Mo-doped LTO is markedly lower than 
that for LTO-R however, indicating a decrease in OVs. This 
can be explained by the fact that because the Mo dopant is 
in its Mo6+ state (confirmed by XPS), the partial reduction 
of Ti4+ ions is caused by charge compensation (the high 
valence dopant) similar to n-type doping rather than the 
introduction of OVs in reducing atmospheres.

4.3 � Incident electron‑based techniques

4.3.1 � Positron Annihilation Spectroscopy (PAS)

Positron annihilation spectroscopy (PAS) is a nondestruc-
tive technique with high sensitivity to voids and defects 
in solids, especially to those that cannot be detected with 
other characterization methods. PAS operates on the prin-
ciple that as a positron interacts with its antiparticle elec-
tron, they annihilate and release gamma rays that can be 
detected. Here, the lifetime of a positron can be calculated 
by recording the time difference between the emission of 
positrons from the radioactive source (e.g., 22Na) and the 
detection of the produced gamma rays. And because posi-
trons prefer to be trapped by atomic defects, leading to 
different lifetimes and diffusion lengths, these results can 
provide information concerning the electronic environment 
of annihilation sites, which correspond to various vacan-
cies with different sizes, concentrations and so on. Overall, 
the three widely performed PAS techniques include posi-
tron annihilation lifetime spectroscopy (PALS), Doppler 
broadening spectroscopy (DBS) and angular correlation of 
annihilation radiation (ACAR). As an example, Jiang et al. 
[111] investigated the OVs of pristine and hydrogenated 
TiO2 using PALS and found that in the obtained spectra, 
the first component ( �1 ) represented the free annihilation 
of positrons in a defect-free crystal (Fig. 25) in which for 
pristine TiO2, monovacancies naturally existed in the crys-
tal lattice and �1 was 140.5 ps, whereas �1 for hydrogenated 
TiO2 was significantly longer at 188.1 ps, with an increase 
of over 33%. And because OVs or shallow positron traps can 
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reduce surrounding electron density, positron lifetimes and 
diffusion lengths are increased, meaning that the prolonged 
�1 of hydrogenated TiO2 can demonstrate the existence of 
large numbers of Ti3+-OVs in TiO2 lattices as induced by 
hydrogenation. These researchers also reported that the cor-
responding relative intensity ( I1 ) also increased from 11.22% 
to 14.30% after reduction and that the longer lifetime com-
ponent ( �2 ) belonged to positrons captured by larger-sized 
defects (boundary-like defects) in which the average electron 

density is much lower than that in smaller-sized defects, 
leading to decreases in annihilation rates and remarkable 
increases in positron lifetime. And because of a larger per-
centage of boundary-like defects as compared with monova-
cancies, the relative intensity possesses the relation I2 > I1 . 
As for the longest lifetime component ( �3 ), these research-
ers reported that this was only detected in the hydrogenated 
sample at extremely low relative intensity, which they attrib-
uted to the annihilation of orthopositronium atoms in which 
the intensity was so low that the few voids of OV associates 
were created in the grains of hydrogenated TiO2. As a result, 
OVs led to comparatively low nearby electron densities and 
therefore increased the value of �1 . In addition, OV associ-
ates can form larger size clusters, which explains the longer 
lifetime components ( �2 and �3 ) (Table 4). 

4.3.2 � Transmission Electron Microscopy (TEM)

Transmission electron microscopy can directly visualize 
atoms by using transmitting electrons through a specimen 
at high resolutions due to the small de Broglie wavelength 
of electrons. Here, spherical aberration corrected high-
resolution transmission electron microscopy (Cs-corrected 
HRTEM) and spherical aberration corrected scanning trans-
mission electron microscopy (STEM) are among the most 
widely used techniques in which the latter can be used with 
different detectors to obtain high-angle annular dark-field 
(HAADF), annular bright-field (ABF) and annular dark-field 

Fig. 25   Positron lifetime spectra with fitting lines for pristine (P25, 
blue) and hydrogenated (H-P25, red) TiO2 nanoparticles. Reprinted 
with permission from Ref. [111], copyright (2012) American Chemi-
cal Society

Table 4   Positron lifetimes and relative intensities of pristine and hydrogenated TiO2 nanoparticles. Reprinted with permission from Ref. [111], 
copyright (2012) American Chemical Society

Sample �
1
 (ps) �

2
 (ps) �

3
 (ns) I

1
 (%) I

2
 (%) I

3
 (%)

Pristine TiO2 140.5 376.9 NA 11.22 88.78 NA
Hydrogenated TiO2 188.1 378.7 19.3 14.30 85.45 0.25

Fig. 26   a Cs-corrected HRTEM image of TiO2 and reduced TiOx 
[178]. b Enlarged HAADF-STEM image of Li4Ti5O12. c ABF-STEM 
image and d the corresponding line profile of Li4Ti5O12 along the 

[110] zone axis. The image contrast of the dark dots is inverted and 
represented as peaks. Reprinted with permission from Ref. [179], 
copyright (2012) John Wiley and Sons
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(ADF) STEM images, all of which are effective and pos-
sess better image resolution, sensitivity and improved signal 
to noise ratios as compared with conventional TEM. For 
example, Yoshida et al. [178] obtained HRTEM images of 
TiO2 and reduced TiOx (Fig. 26a) in which small black and 
large white dots represented Ti and O atoms, respectively, 
and reported that as compared with pristine TiO2 (marked 
“A”), one O atom was missing in the reduced TiOx (marked 
“B”), thus providing direct evidence of OVs in TiO2. Similar 
conclusions were also obtained in other studies (Fig. 26b, 
c) [179], and corresponding line profiles (Fig. 26d) can 
also reveal atom distributions on the surface with two pro-
nounced Li+ ion peaks.

4.3.3 � Energy‑Dispersive X‑Ray Spectroscopy (EDS)

Energy-dispersive X-ray spectroscopy (EDS, EDX, EDXS 
or XEDS), sometimes referred to as energy dispersive X-ray 
analysis (EDXA) or energy dispersive X-ray microanalysis 
(EDXMA), is a surface analytical technique that uses an 
electron beam to eject electrons into inner shells to create 
electron holes. Electrons from the outer shell will subse-
quently fill these holes and release the energy difference in 
the form of X-rays. Here, the energy signature of this emis-
sion is unique for each element and can be detected by an 

energy-dispersive spectrometer. In principle, all elements 
from the atomic number 5 (Boron) to 92 (Uranium) can be 
detected with poorer accuracy for “lighter” elements (atomic 
number less than 10). And in general, EDS is coupled with 
SEM, TEM or STEM. For example, Zhang et al. [161] in 
their study on the reduction of TiO2 nanotube arrays used 
EDS to demonstrate that the NaBH4-based reducing process 
is pollution free with no impurities introduced (Fig. 27a, b) 
in which EDS revealed that a decrease in the atomic ratio of 
O∶Ti with higher reduction temperatures originated from 
increasing OVs and that the non-integral stoichiometric ratio 
of O∶Ti (1.97∶1) was mainly due to the annealing process 
(low temperature and short annealing time in air). EDS can 
also be regarded as a tool to indirectly assist in the deter-
mination of oxygen defects provided that other possibili-
ties are excluded. In addition, EDS can provide information 
concerning atomic composition (%) and can easily detect 
doped cations and anions such as Co2+ [145], Mo6+ [180], 
F– [181] and N3– [182].

4.3.4 � Electron Energy Loss Spectroscopy (EELS)

When a beam of electrons with specific kinetic energy 
passes through a thin sample, the majority of electrons can 
interact elastically with the sample and a fraction will lose 

Fig. 27   a EDS spectra and b corresponding variations of O∶Ti atom 
ratios for pristine and NaBH4-reduced TiO2 nanotube arrays at dif-
ferent temperatures. Reprinted with permission from Ref. [161], 
copyright 2015, IOP Publishing. c 3D EELS spectra with the STEM 
image marked with positions in which EELS spectra were recorded in 
the left panel, and corresponding EELS spectra for Ti-L2,3 and O-K 
edges were recorded at various positions in the right panel. Reprinted 
with permission from Ref. [183], copyright (2016) American Chemi-

cal Society. d Cathodoluminescence spectra and Gaussian fitting 
results for sputter-deposited TiO2 nanowires. Reprinted with permis-
sion from Ref. [159], copyright (2010) American Chemical Society. 
e Thermal gravimetric analysis (TGA) and derivative thermogravim-
etry (DTG) of LTO nanoparticles under Ar or H2 atmosphere and f 
mass spectra signals of CO2 and H2O during annealing under H2 
atmosphere. Reprinted with permissions from Ref. [186], copyright 
John Wiley and Sons
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energy and see their paths slightly deflected. This deflec-
tion is related to the structure and chemical state of the 
sample atoms as well as their neighboring environment. As 
a result, these properties can be measured by an electron 
spectrometer and can be typically incorporated into TEM or 
STEM. Overall, electron energy loss spectroscopy (EELS) 
is a powerful technique to analyze changes in kinetic energy 
distribution with much higher sensitivity as compared with 
EDS, especially for elements with smaller atomic numbers. 
For example, Lü et al. [183] fabricated TiO2 bilayer thin 
films with a crystalline core and an oxygen-deficient amor-
phous shell through pulsed laser deposition (PLD) and were 
able to simultaneously record Ti-L2,3 and O-K spectra using 
STEM–EELS (Fig. 27c). And based on previous studies 
[184, 185], Ti-L and O-K edges are sensitive to the exist-
ence of Ti3+ and OVs, respectively, in which the obtained 
STEM-EELS in this study showed that the Ti-L2 peak shifts 
by ~ 0.5 eV from the core up to the surface, revealing the 
presence of Ti3+ ions from the amorphous surface to the 
crystalline lattice within 3 nm including the interface. A 
similar shift was also observed in the amorphous layer and 
the interface in the O-K spectra. And because the spectra in 
the crystalline side do not change with depth, this confirms 
that areas with high crystallinity contain fewer OVs. Fur-
thermore, similar results were also observed in hydrogenated 
black TiO2 [174].

4.3.5 � Cathodoluminescence (CL) Spectroscopy

Cathodoluminescence (CL) is the emission of photons of 
a characteristic wavelength from a material in response 
to electron radiation. In essence, this phenomenon is the 
radiative recombination of electron–hole pairs as induced 
by incident electrons. Compared with optical characteriza-
tion techniques, CL spectroscopy possesses several advan-
tages in terms of spatial resolution and the association of 
morphology and structure, such as size, shape, composi-
tion, crystallography, electronic properties and much more. 
These advantages make CL spectroscopy a powerful char-
acterization technique to study OVs. For example, Wu et al. 
[159] obtained the CL spectra and Gaussian fitting curves 
of sputter-deposited anatase TiO2 nanowires (Fig. 27d) and 
found that the dominant peak centered at 358 nm originated 
from band-to-band emission, indicating a direct band gap of 
3.46 eV. Here, these researchers attributed this blueshift as 
compared with the generally reported band gap of ~ 3.20 eV 
(387 nm) to the quantum confinement effect. These research-
ers also attributed the peak positioned at 416 nm (2.97 eV) to 
self-trapped excitons localized on the TiO6 octahedra and the 
peaks centered at 460 nm (2.69 eV) and 527 nm (2.35 eV) to 
self-trapped excitons in F (an oxygen-ion vacancy occupied 

by two electrons) and F+ (an oxygen-ion vacancy occupied 
by one electron) centers, respectively. Furthermore, the peak 
at 495 nm (2.50 eV) was attributed to surface defect states 
as induced by OVs.

4.4 � Thermal Analysis and Other Techniques

Thermal analysis includes a series of techniques in which 
the property of a sample (such as heat flow, weight loss and 
mechanical properties) is continuously measured as a func-
tion of temperature. And among these methods, thermal 
gravimetric analysis (TA) and differential scanning calorim-
etry (DSC) are the most widely used techniques. In addition, 
because the OV formation process can lead to changes in 
mass that can be quantitatively measured, thermal analy-
sis can also be used to monitor the presence of OVs under 
certain circumstances. For example, Widmaier et al. [186] 
used thermal analysis to study mass change in LTO during 
annealing under H2 atmosphere (Fig. 27e) in which they 
attributed the observed peaks centered at 86 °C and 223 °C 
to water desorption [187, 188] and the third peak positioned 
at 410 °C to the decomposition of carboxylic groups on the 
LTO surface and/or the decomposition of impurities. These 
researchers also reported that at temperatures over 450 °C, 
no obvious changes were observed for the mass curve of 
LTO under Ar atmosphere but that continuous decreases 
for LTO under H2 atmosphere at 450–1000 °C as well as 
simultaneous water desorption occurred (Fig. 27f). This 
phenomenon can only be explained by the reaction of H2 
with lattice oxygen producing OVs and H2O, which can be 
expressed with the Kröger–Vink notation:

And by analyzing the derivative thermogravimetry (DTG) 
curve (Fig. 27e), these researchers reported that oxygen 
atoms located in low-energy lattice sites were gradually 
removed at temperatures over 450 °C until temperatures 
reached 813  °C and that the removal of oxygen atoms 
located at high-energy lattice sites can be activated at tem-
peratures over 813 °C before achieving a new balance at 
940 °C.

As with thermal analysis, many other methods exist to 
detect the formation of oxygen defects and estimate the 
amount of oxygen deficiencies under specific conditions. 
These techniques including temperature-programmed des-
orption (TPD), temperature-programmed reduction (TPR) 
and oxidation (TPO) [189, 190]. Overall however, these 
methods do not directly detect OVs or their characteristic 
properties, which limits application.

(14)H2(g) + O×
O
⇌ H2O(g) + V⋅⋅

O
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5 � Theoretical Aspects of Defects in TiO2 
and LTO

Slight defects have little effect on crystal lattices but can 
greatly affect the electronic structure and electrochemical 
properties of materials (e.g., conductivity and ion transport). 
And although electronic structures can roughly be studied 
through experimental techniques, theoretical investigations 
by using computational techniques are necessary, especially 
for the understanding of mechanisms behind many phenom-
ena and processes. In addition, electronic and ionic conduc-
tivities are two important performance parameters for elec-
trode materials, and in this section, the theoretical analysis 
of defects in TiO2 and LTO will be discussed with respect to 
these two parameters. Furthermore, electrical conductivity 
can be directly inferred from electronic structure in theo-
retical analysis, and therefore, the DOS and band structures 
for both pristine and defective TiO2 and LTO will also be 
discussed in which by comparing the electronic structures 
of pristine and defective phases, the effects of defects on 
the electrical conductivity of TiO2 and LTO can be under-
stood. Moreover, because ionic conductivity is determined 
by intercalation energy and the activation energy barrier of 
diffusion pathways, intercalation and diffusion processes 
and the effects of defects on these processes will also be 
discussed in which detailed theoretical analyses concerning 
these processes usually involve different intercalation sites 
and diffusion pathways.

5.1 � DOS and Band Gap

TiO2 has been widely applied as an anode material for LIBs 
and other electrochemical devices due to its excellent abil-
ity for Li, Na and Mg ion storage. As a result, TiO2 has 
been extensively investigated both experimentally and 
theoretically in which among four naturally existing TiO2 
polymorphs (anatase, rutile, TiO2(B) and brookite [191]), 
anatase, rutile and TiO2-B (bronze) have been reported to 
be promising candidates as electrode materials in Li-based 
rechargeable batteries [192–195]. In terms of electronic 
structure, researchers usually focus on the DOS and band 
structure, especially for theoretical analysis. While the 
DOS and the band gap of pristine TiO2 have been calcu-
lated many times by using DFT, the results vary depend-
ing on the choice of exchange–correlation functionals. And 
although DFT is a powerful method to deal with quantum 
multi-body issues and allows for realistic ab initio calcula-
tions, improper descriptions of exchange–correlation func-
tionals usually result in well-known underestimations of the 
band gap. To correct the band gap prediction of standard 
DFT [including local density approximation (LDA) and gen-
eralized gradient approximation (GGA) calculations], two 

post-DFT methods can be used, including DFT + U, which 
includes the Hubbard U parameter (adding an on-site Hub-
bard U electron repulsion on selected localized orbitals), 
and hybrid density functionals, which contain a fraction of 
Hartree–Fock-type exchange functionals.

As an example, Dawson et  al. [196] used GGA and 
screened exchange (sX) functionals to calculate the projected 
density of states (PDOS) of three pristine titania polymorphs 
(Fig. 28a, b) and found that the valence bands (VBs) of these 
polymorphs were all mainly composed of O-2p orbitals and 
that the CBs were mostly made up of Ti-3d orbitals in which 
the PDOS showed only one spin side because of its sym-
metric structure. These researchers also reported that for 
pristine TiO2, the electrons were all found to be in pairs and 
consequently lacked spin polarization. These researchers 
also reported that the main difference between the PDOS 
calculated by GGA and that calculated by sX functionals is 
merely the distance between the VB and the CB, which is the 
band gap. Exact values of band gaps and lattice parameters 
are listed in Table 5 in which the values of GGA and sX 
correspond to those obtained from calculations (Fig. 28b) 
along with LDA, GGA + U and experimental (Exp.) values 
from other cited literature sources. Based on this, it is clear 
that LDA and GGA can severely underestimate the value of 
band gaps in comparison with experimental results, whereas 
GGA + U and sX functional results are much better.

Lithium titanate ( Li4Ti5O12 , LTO) is another promis-
ing anode material for LIBs due to its well-known “zero 
strain” characteristic during charge/discharge [33, 198]. 
However, fewer theoretical studies of LTO exist as com-
pared with TiO2 due to the relatively complex structure of 
LTO which possesses a defective spinel structure with Li and 
Ti atoms randomly distributed among octahedral 16d sites. 
And based on the unit cell of LTO that can be denoted as 
(

Li8
)8a(

Li8∕3Ti40∕3
)16d(

O32

)32e (Fig. 28c), it can be seen that 
octahedral 32e sites and tetrahedral 8a sites are completely 
occupied by O and Li atoms, respectively, and that the ratio 
of Li/Ti in the 16d sites is 1/5 [197]. Here, to achieve cor-
rect stoichiometry, at least three unit cells are required to 
construct the atomic model for calculations, which results 
in a large supercell Li32Ti40O96 containing 168 atoms. 
Furthermore, considering the numerous possible atomic 
arrangements of Ti and Li atoms in 16d sites because of 
their random distribution, it is necessary to find effective 
methods to determine the most likely specific structure with 
an exact Li/Ti distribution at the 16d sites, which is challeng-
ing, especially in such large supercells. To address this, Tsai 
et al. [197] systematically investigated the arrangements of 
Li and Ti atoms in 16d sites and proposed a proper method 
to effectively determine the atomic structure of LTO with 
the stablest Li/Ti distribution over the 16d sites by consider-
ing an appropriate distance between Li16d–Li16d pairs. And 
in the resulting calculated PDOS of the stablest structure 



	 Electrochemical Energy Reviews

1 3

(Fig. 28d), these researchers reported that similar to TiO2, 
the VB and the CB of LTO are mainly composed of O-2p 
and Ti-3d states in which the band gap obtained from the 
PBE calculation was 2.3 eV, which was smaller than the 
experimentally reported result (3.8 eV [199–201]) and was 
not surprising for a result generated from PBE functionals 
(the GGA type) without Hubbard U correction. In general, 
however, not only do differences exist between theoretical 
and experimental results for estimations of LTO band gaps, 
large differences also exist between different theoretical 
results and even different experimental results (Table 5). 
One possible reason for this may be the different arrange-
ments of Li/Ti in 16d sites, which is true for different calcu-
lated values (Li4Ti5O12 structure 1 vs. Li4Ti5O12 structure 2, 
Fig. 28d).

5.2 � Theoretical Calculation of Defective Electronic 
Structures

Although TiO2 and LTO have been experimentally con-
firmed to be promising anode materials with excellent Li 

storage properties [195, 214, 215], they still possess draw-
backs such as poor electrical conductivity and deficient dif-
fusivity of Li-ions in lattices [155, 216–220]. Here, several 
strategies have been adopted to improve the electrochemical 
performance of TiO2 and LTO in which the introduction of 
defects including intrinsic defects such as OVs [113, 155, 
221–224] and non-intrinsic defects such as doping [155, 
220, 225–227] has shown experimental promise. As a result, 
theoretical analysis calculating defective electronic struc-
tures is important to understand such results.

5.2.1 � Oxygen Vacancies

The introduction of OVs into TiO2 can enhance the electri-
cal conductivity of corresponding electrodes and improve 
the rate performance, cycling stability and energy capacity 
of batteries [113, 219, 221, 223]. To further understand the 
mechanisms behind this effect, significant theoretical stud-
ies have been conducted [203, 228–230]. Here, to calculate 
the properties of TiO2 with OVs, the exact location of non-
equivalent OV sites inside lattices needs to be first identified. 

Fig. 28   a Crystal structure of TiO2. Red and silver spheres repre-
sent O and Ti atoms, respectively. b PDOS of pristine anatase, rutile 
and TiO2(B) calculated by using GGA and screened exchange (sX) 
functionals (the vertical dotted line represents the top of the valence 
band and is set to zero). Reprinted with permission from Ref. [196], 

copyright (2016) American Chemical Society. c Lattice structures of 
Li

4
Ti

5
O

12
 and Li

7
Ti

5
O

12
 with unit cells. d PDOS of Li

4
Ti

5
O

12
 and 

Li
7
Ti

5
O

12
 with two different structures from PBE results in which 

the Fermi level is aligned to 0 eV. Reprinted with permissions from 
Ref. [197] under Creative Commons
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For anatase and rutile phases, there is only one type of OV 
sites [203] due to their relatively simple crystal structures 
in which the crystal structures of anatase (the space group 
I41/amd) and rutile (the space group P42/mnm) are both 
tetragonal (Fig. 28a). As for the TiO2(B) (the space group 
C2/m) polymorph however, a monoclinic crystal structure 
exists (Fig. 29a) that is more complex in which Dalton et al. 
[231] showed that depending on different coordination 
numbers, two types of Ti atoms and three types of O atoms 
exist in TiO2(B) and Arrouvel et al. [232] denoted these 
atoms as Ti1, Ti2 and Obr (bridging oxygen), O3f (threefold 
coordinated oxygen) and O4f (fourfold coordinated oxygen) 
(Fig. 29a). Alternatively, Feist et al. [209] reported that 
based on the experimentally observed bulk crystal structure, 
four different O sites exist inside one unit of the TiO2(B) 
lattice, including O atoms with nearly linear twofold coor-
dination inside the ab-plane (001), O atoms with tetrahedral 
fourfold coordination, O atoms with planar threefold coor-
dination parallel to the ac-plane (010) and O atoms with 
planar threefold coordination parallel to the ab-plane (001). 

Based on this, Kong et al. [229] suggested that the label O3f 
actually included two types of O atoms, which they labeled 
as O3f(1) and O3f(2) (Fig. 29b, c).

Finazzi et al. [228] also investigated OVs in bulk anatase 
using DFT calculations with GGA, GGA + U and hybrid 
functional methods performed on the CRYSTAL06 code in 
which the system with OVs used was a so-called triplet state, 
which possessed two extra electrons with each OV. Here, by 
using the equation Ef = E

(

TiO2−x

)

− E
(

TiO2

)

+ E

(

x

2
O2

)

 , 
these researchers calculated defect formation energies ( Ef ) 
for one OV in a supercell of 96 atoms (Ti32O64) with a OV 
concentration of 1.56% and obtained results that were in the 
range of 4.2–4.8 eV, varying based on the exchange–correla-
tion functional used. In another study, Kong et al. [229] also 
calculated the OV formation energy of four types of O atoms 
in TiO2(B) using VASP at the level of GGA + U (U = 4.0 eV) 
and obtained results that were in the range of 5.67–6.2 eV 
with an OV concentration of 1.56%. These researchers also 
reported that the OV formation energy values follow the 

Table 5   Calculated lattice 
parameters and band gaps 
for three TiO2 polymorphs, 
Li

4
Ti

5
O

12
 and Li

7
Ti

5
O

12
 , 

together with experimental 
results for comparison

a The value of U used in this GGA + U calculation is 9.0 eV [203]
b  Li

7
Ti

5
O

12
 is a conductor with no band gaps [197, 210]

Structure Method Band gap Lattice parameters References

Eg (eV) a (Å) b (Å) c (Å)

Anatase LDA 2.00 3.69 – 9.47 [202]
GGA​ 2.04 3.80 – 9.68 [196]
GGA + Ua 3.18 3.79 – 9.77 [203]
sX 3.51 3.75 – 9.59 [196]
Exp. 3.20 – – – [204]
Exp. – 3.79 – 9.51 [205]

Rutile LDA 2.02 4.53 – 2.91 [206]
GGA​ 1.77 4.63 – 2.96 [196]
GGA + Ua 2.52 4.64 – 2.97 [203]
sX 2.94 4.56 – 2.96 [196]
Exp. 3.03 – – – [204]
Exp. – 4.59 – 2.96 [205]

TiO2(B) LDA – 12.14 3.73 6.49 [207]
GGA​ 2.57 12.26 3.75 6.6 [196]
GGA + Ua 3.28 12.28 3.76 6.62 [203]
sX 3.71 12.15 3.72 6.48 [196]
Exp. 3.22 – – – [208]
Exp. – 12.18 3.74 6.53 [209]

Li
4
Ti

5
O

12
GGA(PBE) 2.3 8.4257 – – [131, 197]
GGA(PW91) 2 8.619 – – [210]
Exp. 3.8

3.1
1.8

– – – [199–201]
[211]
[212]

Exp. – 8.3595 – – [213]
Li

7
Ti

5
O

12
GGA(PBE) 0b 8.3609 – – [197]
Exp. – 8.3538 – – [213]
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order: O3f(1) < O4f < O3f(2) < Obr, suggesting that O3f(1) site O 
atoms were the easiest to remove from lattices. Furthermore, 
Zhang et  al. [230] calculated the properties of OVs in 
TiO2(B) using the CASTEP code based on GGA and 
obtained OV formation energy values in the order of 
O3f < Obr < O4f (only three types of oxygen sites were con-
sidered in this study in which the O3f site actually included 
O3f(1) and O3f(2) sites). And although the order of Obr and O4f 
was different in each study, the conclusion that OVs at the 
O3f site are the most energetically favorable is consistent. 
More recently, Yeh et al. [203] also calculated OV formation 
energy for anatase, rutile and TiO2(B) and took into account 
all four non-equivalent O sites for TiO2(B) using the 
CASTEP code with GGA + U (U = 9.0  eV). Here, the 
obtained results in this study for TiO2 polymorphs were in 
the order of anatase (4.46 eV, 0.69% OV) < rutile (4.60 eV, 
0.69% OV) < TiO2(B) (in the range of 5.34–5.98 eV, 0.78% 
OV) and the results for the four non-equivalent O sites of 
TiO2(B) were in the order: Obr < O3f(1) < O4f < O3f(2). How-
ever, although the order of O3f(1) < O4f < O3f(2) in this study 
was consistent with those reported by Kong et al. [229], 
these researchers concluded that Obr sites possessed the low-
est OV formation energy, which conflicted with the two pre-
viously described studies [229, 230] that suggested Obr, O3f 
or O3f(1) sites possessed the lowest OV formation energy. 
Overall among the three polymorphs, OV formation energy 
data suggest that anatase can more easily form OVs than 
rutile or TiO2(B).

Defect states introduced by OVs have profound influences 
on electronic structure, which can be clearly observed from 

the calculated PDOS of anatase (Fig. 30) by Finazzi et al. 
[228]. And in contrast to pristine states (Fig. 28b), the exist-
ence of one OV can result in unpaired electrons and lead 
to asymmetry in the PDOS (Fig. 30), which possesses two 
sides, including a spin-up side and a spin-down side. These 
researchers also reported that the theoretical description of 
the electronic structure of one OV in bulk anatase TiO2 is 
highly dependent on the computational method in which 
conventional DFT functionals such as PBE (the GGA type) 
present a completely delocalized electron (Fig. 30b) and no 
states in the gap (Fig. 30a, defect states are adjacent to the 
CB). In addition, the results of GGA + U calculations are 
strongly dependent on the value of U in which if U increases 
from 2 to 4 eV, electrons become more localized (Fig. 30d, f, 
h) and defect states move deeper inside the gap (Fig. 30c, e, 
g). And although hybrid functionals can fix the delocaliza-
tion problem (Fig. 30j, l), the rationality of results depends 
on the proper percentage of Hartree–Fock exchange in 
which the H&HLYP (hybrid DFT with 50% HF exchange, 
H&H = half&half) yields a gap that is too large [6.82 eV 
[228] vs. 3.20 eV (an experimental value, Table 5)], leading 
to results without physical meaning. Furthermore, B3LYP 
(hybrid DFT with 20% HF exchange) can also overestimate 
the band gap (3.92 eV [228] vs. 3.20 eV) and a 13% [233] 
admixture of HF exchange is suggested to obtain a correct 
gap for TiO2.

The PDOS of OV-defective TiO2 for all three polymorphs 
with different OV sites suggests that the existence of OVs 
can not only introduce defect states in band gaps, but also 
reduce gaps in which the position of gap states and the 

Fig. 29   a Oxygen sites inside 
one unit of bulk crystal TiO2(B) 
structure with the version of a 
br, 3f and 4f. Reprinted with 
permission from Ref. [231], 
copyright (2012) American 
Chemical Society. And b & c 
br, 3f(1), 3f(2) and 4f. Reprinted 
with permission from Ref. 
[229], copyright (2016) Elsevier
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Fig. 30   Calculated PDOS for anatase with OVs (the left column, a–e) 
and corresponding spin distribution (b–f, Ti atoms: black spheres, 
O atoms: white spheres). a, b PBE (the GGA type), c, d GGA + U 
(U = 2 eV), e, f GGA + U (U = 3 eV), g, h GGA + U (U = 4 eV), i, j 

B3LYP (hybrid DFT with 20% HF exchange) and k, l H&HLYP 
(hybrid DFT with 50% HF exchange, H&H = half&half). Reprinted 
with permission from Ref. [228], copyright (2008) AIP Publishing

Fig. 31   PDOS of anatase, rutile, TiO2 (B) and their OV-defective models. Red curves represent O-2p states, and gray curves represent Ti-3d 
states. Reprinted with permission from Ref. [203], copyright (2018) American Chemical Society



	 Electrochemical Energy Reviews

1 3

reduction of gaps vary from different OV sites (Fig. 31). 
Here, several theoretical calculations [203, 224, 229, 230] 
have demonstrated that the reason for enhanced electrochem-
ical performance through the introduction of OVs in TiO2 
is the improvement of electrical conductivity by decreased 
band gaps and increased charge carrier concentrations. For 
example, Yeh et al. [203] in their calculations reported that 
after the introduction of OVs, band gaps were reduced by 
0.66, 0.55 and 0.22–0.65 eV [depending on the different 
OV sites in TiO2(B)] for oxygen-defective anatase, rutile 
and TiO2(B), respectively, and that for each polymorph, the 
Fermi level shifted toward the CB. Similarly, Finazzi et al. 
[228] reported that for anatase, the localized electrons cal-
culated by GGA + U (U = 3 eV) and B3LYP gave rise to 
states within the gap at the position near ~ 1 eV below the 
CB (Fig. 30e, i), resulting in a decrease in the band gap. Fur-
thermore, Zheng et al. [224] reported that as compared with 
the DOS of anatase with 1.56% oxygen deficiency, more 
DOS can be found below the Fermi level in 3.13% oxygen 
defective anatase, suggesting a higher charge carrier concen-
tration with increased OVs.

As for LTO, researchers have experimentally [131, 155, 
234] and theoretically [131, 235] reported that the exist-
ence of OVs can improve electrical conductivity. And to 
calculate OV-defective LTO, different oxygen sites do 
not need to be considered because there is only one type 

of oxygen atoms that resides in the octahedral 32e sites 
of the spinel structure. For example, Nasara et al. [131] 
performed ab  initio calculations on OV-defective LTO 
through VASP using a GGA functional parameterized 
by PBE in which the atomic models used were the cubic 
supercell Li32Ti40O96 ( Li4Ti5O12 ) for the pristine phase and 
Li32Ti40O95 ( Li4Ti5O11.875 ) for the OV-defective one, with 
an OV concentration of 1.04% (1/96 atoms) (Fig. 32a). 
In this study, the model used for the pristine LTO was 
the same as the stablest one reported by Tsai et al. [197]; 
therefore, the calculated PDOS and band gaps were also 
similar (Fig. 32b, 28d, 2.3 eV) under the same PBE func-
tional. Nasara et al. also reported that the LTO lattice 
parameter can expand by 0.1519% (from 8.426 Å for the 
pristine material to 8.439 Å for the OV-defective one) in 
the presence of OVs and that the different charge distribu-
tions (Fig. 32c) revealed that the negative charge com-
pensation as induced by OVs is localized around nearby 
Ti ions. Furthermore, these researchers also obtained 
the PDOS of OV-defective LTO (Fig. 32d) and reported 
that the Fermi level can shift to the CB due to the filling 
of charge compensated electrons in the CB in which the 
number of these electrons is two, corresponding to the 
model of one OV in a supercell. And based on this, OVs 
can increase charge carrier density and even allow LTO 
to behave like a metal, thus enhancing the electrical con-
ductivity of OV-defective LTO. Samin et al. [235] also 

Fig. 32   a Supercell models for pristine and OV-defective LTO. b 
PDOS of pristine LTO. c Charge density difference schematic for OV-
defective LTO. d PDOS of OV-defective LTO (the inset magnifies the 

partially occupied CBM). Reprinted with permission from Ref. [131], 
copyright (2017) John Wiley and Sons



Electrochemical Energy Reviews	

1 3

reported similar results for the insulator-to-metal transi-
tion of OV-defective LTO based on DFT calculations with 
the same atomic model and the same PBE functional in 
which their calculated formation energy for 1.04% OV was 
7.45 eV.

Overall, OVs are essential defects in metal oxides 
due to their comprehensive influence. And according 
to theoretical analysis, OVs can act as shallow donors 
and increase the DOS to below the Fermi level and thus 
increase charge carrier concentration. In addition, OVs 
can introduce defective states into band gaps and reduce 
band gaps. Furthermore, the effects of OVs are not only 
limited to electrical conductivity and they can also have 
a significant impact on the intercalation and diffusion of 
Li-ions, which will be discussed in the following sections.

5.2.2 � Li Doping

As electrode materials for rechargeable LIBs, the proper-
ties of Li-intercalated TiO2 (Li-doped TiO2) also need to 
be studied because the intercalation of Li atoms can also 
affect the electronic structure of host materials. For example, 
Dawson et al. [196] calculated the PDOS of Li-doped TiO2 
by using the hybrid sX functional and found that gap states 

formed in the PDOS for all three polymorphs and that their 
positions were all at ~ 1 eV below the CB (Fig. 33a). Fur-
thermore, these researchers also reported that these defect 
states all occupied the Ti-3d state, suggesting that excess 
charge from doped Li is localized at nearby Ti atoms, pro-
ducing Ti3+ ions. Other calculations by using GGA + U [207, 
236] and HSE [237] have also reported similar results, all 
of which are in agreement with experimental findings for 
anatase [238–241] and rutile [242]. Moreover, defect states 
generally do not appear within the band gap of Li-doped 
TiO2 in GGA calculations [207, 236, 243] because excess 
charge is delocalized in GGA calculations, and GGA + U or 
hybrid functionals are necessary to correct the delocaliza-
tion problem. However, Legrain et al. [244] reported that 
their calculations using GGA produced localized results with 
defect states appearing within the band gap and below the 
CB at ~ 1 eV for anatase and rutile and at 1.5 eV for TiO2(B). 
These researchers also conducted a spin density difference 
analysis which showed that the occupied Ti-3d state was 
localized on single Ti atoms for all polymorphs, indicat-
ing the presence of Ti-3d species (Fig. 33b). Here, these 
researchers attributed this to the use of tuned, localized basis 
sets and norm-conserving pseudopotentials. Nevertheless, 
their findings will require further investigations to verify.

Fig. 33   a PDOS of Li-intercalated anatase, rutile and TiO2(B) calcu-
lated by using sX functionals. The vertical dotted line represents the 
top of the valence band which is set to zero. Reprinted with permis-
sion from Ref. [196], copyright (2016) American Chemical Society. 
b Spin density differences ρplotted = ρup – ρdown in three Li-doped TiO2 
polymorphs (Ti atoms: blue spheres, O atoms: red spheres, Li atoms: 
green spheres). The projection plane is (001) and (010) for anatase, 
(001) for rutile and (010) for TiO2(B). Reprinted with permission 
from Ref. [244], copyright (2015) Elsevier. c Supercell model of 
boron-doped rutile TiO2. d Calculated DOS of pristine and boron-

doped rutile TiO2 with dopant concentrations of 0.5% and 1.0%. 
Reprinted with permission from Ref. [226], copyright (2014) Royal 
Society of Chemistry. e DOS of LTO and M-doped LTO (M = Cr, Fe, 
Ni and Mg) calculated with a 2 × 1 × 1 supercell and GGA functional. 
Reprinted with permission from Ref. [245], copyright (2006) John 
Wiley and Sons. f 3 × 1 × 1 supercell model for H-doped LTO and 
the calculated DOS for pristine and H-doped models from HSE06. 
Reprinted with permission from Ref. [110], copyright (2014) Royal 
Society of Chemistry
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Similarities also exist between the electronic structures of 
Li-doped TiO2 and OV-defective TiO2 in which both contain 
defect states forming in the gap ~ 1 eV below the CB by 
affecting the Ti-3d states. For example, the PDOS of Li-
doped anatase (Fig. 33a, top panel) is similar to the PDOS 
of OV-defective anatase (Fig. 30e) and the only difference 
is the shape of the defect states in which the former consists 
of one peak and the latter consists of two peaks. Here, the 
reasons for the similarities and differences in the electronic 
structures between these two defective systems are easy to 
understand and are based on the fact that one intercalating 
Li atom can bring one extra electron, whereas one OV can 
result in two extra electrons. And considering the similar-
ity of electronic structures, the effects of these two types of 
defects are similar as well in which similar to OV-formation, 
Li doping can also reduce band gaps and increase charge 
carrier concentrations to improve electrical conductivity 
[236]. Furthermore, previously intercalated Li in TiO2 can 
also affect the successive intercalation and transport of other 
Li-ions (discussed in Sect. 5.3).

The situation for Li-doped LTO is different from TiO2, 
however, because the intercalation of Li does not alter 
the phase structure of the TiO host, but will lead to phase 
transformations in LTO [33, 197, 210, 213, 246]. Overall, 
it is generally accepted that Li7Ti5O12 , a defective rock-
salt structure (Fig. 28c), is the stablest phase for Li-doped 
LTO in which the unit cell of Li7Ti5O12 can be denoted as 
(

Li16
)16c(

Li8∕3Ti40∕3
)16d(

O32

)32e with octahedral 16c sites, 
32e sites and 16d sites occupied by Li atoms, O atoms and a 
random distribution of 1/3 Li and 5/3 Ti, respectively. Simi-
larly, a supercell Li56Ti40O96 containing 192 atoms is com-
posed of three unit cells to achieve correct stoichiometry. 
Here, Tsai et al. [197] calculated the PDOS of Li7Ti5O12 
with an optimized specific atomic structure (Fig. 28d) and 
reported that as compared with pristine LTO, the Fermi 
level shifted up into the conduction bands due to extra elec-
trons from the ionization of intercalated Li atoms, making 
Li7Ti5O12 a conductor. The metallic properties of Li7Ti5O12 
have also been reported in experimental studies [213].

5.2.3 � Doping with Other Cations or Anions

To improve the electrochemical performance of TiO2 as 
an anode in LIBs, the strategy of introducing non-intrinsic 
defects such as doping with cations or anions has also been 
adopted in which the effects of several different dopants for 
TiO2 LIB anodes have been extensively investigated. These 
dopants include Fe3+ [247, 248], Mn [103, 104], Co [101], 
Ni [249], Cu [99], Zn [100], Nb [250], Mo6+ [251], Sn [252, 
253], F– [254], B [226], C [255], N [225, 256–259], P [227] 
and co-doping systems such as C–N [260, 261] and Cr–N 

[262]. Despite the extensiveness of these dopants, aliovalent 
ion-doped TiO2 electrodes have rarely been examined from a 
theoretical first-principle calculation perspective. However, 
computational studies of doped TiO2 for photocatalysis or 
other applications are available and the doping effects of the 
same aliovalent elements in TiO2 are constant regardless of 
application. Furthermore, although significant theoretical 
studies [226, 263–272] have demonstrated that doping with 
different elements can enhance electrical conductivity, the 
electronic structure of doped TiO2 with different dopants 
differs significantly. And for the sake of conciseness, boron-
doped TiO2 will be used as an example in this review to 
discuss the electronic structure of doped systems and doping 
effects.

For example, Tian et al. [226] investigated rutile with 
B atoms substituting O atoms using GGA DFT calcula-
tions without the Hubbard U parameter and their calcu-
lated DOS for pristine and doped rutile with 0.5% and 1% 
dopants showed that B-doping can lead to Fermi levels mov-
ing toward the CB, indicating that the main carriers in this 
doped system are electrons (Fig. 33d). In addition, these 
researchers found that the defect states caused by B-doping 
started to appear in the gap but were adjacent to the CB. And 
to study the influence of B-doping on electrical conductivity 
(σ), these researchers also calculated the band structure and 
obtained the effective mass m* of the CB minimum through 
m∗ = ℏ2∕

(

�2E(k)∕�k2
)

 in which ℏ is the reduced Planck con-
stant. Here, based on the basic physical equation � = ne� (n, 
e, μ denotes carrier concentration, elementary charge and 
carrier mobility, respectively), the relationship between elec-
trical conductivity, carrier concentration, defect concentra-
tion N and effective mass can be expressed as � ∝ n∕Nm∗ , in 
which μ is inversely proportional to N and m* ( � ∝ 1∕Nm∗ ) 
and the carrier concentration n can be calculated by integrat-
ing the DOS. Furthermore, because the defect concentration 
N is known, the value of electrical conductivity can also be 
obtained. And as a result, the calculated results obtained in 
this study revealed that B-doping at lower concentrations 
(< 1%) can enhance carrier mobility � and electrical conduc-
tivity � by increasing carrier concentration n and decreasing 
effective mass m* of the CB minimum. Similar results were 
also reported by Yang et al. [272] for Nb-doping and accord-
ing to results from other studies [264–271], improved elec-
trical conductivity caused by doping with various elements 
is a result of the reduction of band gaps. Overall, enhanced 
electrical conductivity is a positive effect of doping and is 
one of the reasons for improved electrochemical perfor-
mance as seen in various experimental studies employing 
doping [99–101, 103, 104, 225–227, 247–259].

Similarly, significant experimental efforts have been 
undertaken to evaluate doping effects for LTO with various 
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aliovalent ions such as V [273], Cr [220, 274], Mn [274], 
Co [274], Ni [274], Zr [275, 276], Nb [277], Mo [155, 278], 
Ru [279], Gd [280], Na [281, 282], Mg [283], Ca [284], 
Sr [285], Br [286], H [110] and co-doping systems such as 
Mi–Mn [287], W–Br [288], Al–F [289] and Na–K [290], all 
of which have reported enhanced performances for LIBs. 
Despite this, there are few theoretical studies on aliovalent 
ion-doping for LTO in which theoretical studies on LTO 
doping with other cations or anions are limited to doping 
with Cr, Fe, Ni or Mg [245], Zr [276], H [110], Na [281], Zn 
[291], Br, Cl, F, N, P or S [292], W and Br [288], Gd [280] 
and Mg [293]. In this review, typical cases will be presented 
to illustrate defective electronic structures and doping effects 
associated with LTO. For example, Liu et al. [245] investi-
gated the electronic properties of M-doped LTO (M = Cr, 
Fe, Ni and Mg) using DFT GGA calculations in which they 
considered a model with one Ti substituted by Cr, Fe or 
Ni and another model with one Li substituted by Mg in a 
2 × 1 × 1 supercell. Here, the calculated DOS showed that 
the new states consisting of 3d orbitals of dopants appeared 
in the gap for Cr-, Fe- and Ni-doped LTO (Fig. 33e) in which 
the Fe 3d states and Ni 3d states were localized and were 
far from the CB, making it difficult for electrons to hop to 
the CB. However, the Cr 3d states were also near the Ti 3d 
states (the main component of the CB), allowing the hopping 
of electrons between these 3d states to be feasible. As for 
Mg doping, these researchers reported that the Fermi level 
shifted toward the CBM due to the extra valence electron 
(Mg substituting Li), making the system an n-type semi-
conductor. As a result, these researchers reported that Cr- 
and Mg-doping can enhance the electrical conductivity of 
LTO by increasing the density of carriers, whereas Fe- and 
Ni-doping did not. The improved electrical conductivity of 
Mg-doping has also been reported by Cho et al. [293], who 
investigated Mg doping sites in LTO using first-principle 
calculations. Qiu et al. [110] also studied the electronic prop-
erties of H-doped LTO using DFT calculations based on 
HSE06, a hybrid functional. Here, the computational model 
(a 3 × 1 × 1 supercell with two H atoms randomly distributed 
among interstitial sites) and the corresponding calculated 
DOS clearly revealed that H-doping can introduce mid-gap 
states that were below the Fermi level and thus were occu-
pied with electrons that were easier to transport to the CB 
(Fig. 33f), meaning that the reduction of the band gap was 
the reason for enhancements in the electrical conductivity 
of H-doped LTO. Obvious changes in electronic structure 
and improved electrical conductivity for LTO have also been 
reported in doping with other elements such as Gd [280], Zn 
[291] and W–Br co-doping [288]. However, Kim et al. [276] 
also reported that in the case of Zr-doped LTO, little effects 
on electronic structure and electrical conductivity were 
found after Zr substituted Ti according to calculated results.

5.3 � Li‑Intercalation and Diffusion Processes 
and the Effects of Defects

In the study of TiO2 anodes for LIBs, the processes of inter-
calation and diffusion of Li-ions are critically important, 
especially the theoretical aspects. In general, there are sev-
eral different possible sites for intercalation and pathways 
for diffusion within the same structure, and in order to find 
the most probable ones, the usual technique is to calculate 
and analyze the intercalation energy for each site and the 
diffusion activation energy barrier for each pathway. Simi-
larly, investigations into the influence of defects on these 
processes can also be achieved by calculating and comparing 
these two terms for pristine and defective structures.

5.3.1 � Li‑Intercalation and Diffusion Processes in Pristine 
Structures

5.3.1.1  Li‑Intercalation  The primary problem faced by the 
construction of a theoretical model for calculations is the 
defining of the precise location of Li-ions. In anatase and 
rutile structures, both the empty octahedral and tetrahedral 
sites are potential sites for Li-ions to intercalate [196, 243, 
294], whereas for the TiO2(B) structure, three possible inter-
calation sites exist [229, 232, 295] and can be referred to as 
C, A1 and A2 (Fig. 34a). Here, the C site is located in the 
middle of a distorted octahedron as the cavity of the b-axis 
channel and is also at the center of the square plane created 
by the arrangement of Obr atoms. Alternatively, the A1 site 
is fivefold coordinated to O3f(2) atoms in the (001) plane and 
the A2 site is also fivefold coordinated to Obr atoms within 
the (001) plane. Here, various experimental [296, 297] and 
theoretical [196, 232, 236, 243] studies have reported that 
intercalated Li atoms do not sit perfectly at the center of C 
sites in TiO2(B) [196, 232, 296] or at the center of the O6 
octahedron in anatase [196, 236, 297] and rutile [196, 243] 
and according to the theoretical calculations by Dawson 
et al. [196], the off-center displacement of an intercalated 
Li atom is ~ 0.3 Å along the b-axis in TiO2(B) and ~ 0.3 Å 
and 0.5 Å along the c-axis in anatase and rutile, respectively.

The stability of Li-intercalated systems can also be ana-
lyzed by evaluating the defect formation energy of Li-doped 
TiO2 or the intercalation energy of Li in TiO2, in which 
Eintercalation = Elithiated − ETiO2

− ELi . Here, octahedral sites 
appear to be stabler for anatase and rutile [196, 244] because 
Li atoms positioned at the tetrahedral sites either provide 
higher energy or drift to octahedral sites [244]. For example, 
calculations conducted by Dawson et al. [196] showed that 
octahedral sites were more energetically favorable than tet-
rahedral sites by − 0.39 and − 0.61 eV in anatase [LixTiO2, 
x(Li) = 0.028] and rutile [LixTiO2, x(Li) = 0.031], respec-
tively. Koudriachova et al. [294] reported similar results of 
− 0.45 and − 0.7 eV for anatase [x(Li/Ti) = 0.5] and rutile 
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[x(Li/Ti) = 0.5], respectively. As for TiO2(B), disagreement 
exists concerning which of the potential three intercalation 
sites is the stablest in which many computational studies 
[196, 203, 229, 232] indicate that C sites are the lowest 
energy sites for Li-intercalation as confirmed with powder 
neutron diffraction experiments [296], whereas other calcu-
lations predict that A2 [207, 299] or A1 sites [231] are more 
energetically preferable.

And in the comparison of Li-intercalation energies 
among the three TiO2 polymorphs, Yeh et al. [203] found 
the order of stability to be TiO2(B) [C site, − 1.4079 eV, 
x(Li/Ti) = 0.016] > anatase [octahedral site, − 1.3616 eV, 
x(Li/Ti) = 0.014] > rutile [octahedral site, − 0.1531 eV, x(Li/
Ti) = 0.014]. Similar results were also reported by Legrain 
et al. [244]. Here, the negative values of the defect forma-
tion energy for Li-doped TiO2 suggest that all three poly-
morphs can be good candidates for Li-intercalation. Despite 
this, Li-intercalation energy for rutile is much smaller than 
that for anatase and TiO2(B), corresponding to lower theo-
retical capacity of rutile (168 mAh g−1 [300]) as compared 
with that of TiO2(B) and anatase (both with capacities of 
335 mAh g−1 [301]).

Li-ion intercalation in LTO is accompanied by 
phase transformation as induced by the location 
change of Li-ions in which in the spinel cubic unit cell 
(

Li8
)8a(

Li8∕3Ti40∕3
)16d(

O32

)32e of LTO, octahedral 16c 
sites are empty. Here, researchers have confirmed [197, 210, 
246] that during the intercalation process, newly inserted 
Li-ions occupy empty octahedral 16c sites and Li-ions that 
originally resided in tetrahedral 8a sites transfer to octa-
hedral 16c sites to form 

(

Li16
)16c(

Li8∕3Ti40∕3
)16d(

O32

)32e 
( Li7Ti5O12 ) and that this newly formed rock-salt phase of 
Li7Ti5O12 can maintain the 

(

Li8∕3Ti40∕3
)16d(

O32

)32e frame-
work, possibly being the reason for the “zero strain” charac-
teristic. Researchers have also calculated the slight shrinkage 
in the lattice volume to be 0.2% [210] or 0.77% [197] for 
Li4+xTi5O12 if x changes from 0 to 3 and the average Li-
intercalation voltage (from x = 0 to x = 3 for Li4+xTi5O12 ) 
was calculated to be 1.45 V [210] or 1.41 V [197], which 
is close to the experimental result of 1.55 V [198]. Overall, 
the reversible charge/discharge process of LTO is thought 
to occur between Li4Ti5O12 and Li7Ti5O12 phases [197, 
210], corresponding to a reversible theoretical capacity of 
175 mAh g−1 [33]. However, Zhong et al. [246] reported that 

Fig. 34   a Three insertion sites in the structure of TiO2(B). b Three 
possible diffusion pathways for Li-ions involving conventional hop-
ping between two neighboring C sites in TiO2(B). In a and b, white, 
red and purple spheres represent Ti, O and Li atoms, respectively. 
Reprinted with permission from Ref. [229], copyright (2016) Else-
vier. c Diffusion pathway between two octahedral sites in rutile. d 
Diffusion pathway between two octahedral sites in anatase. In c and 
d, light blue and red spheres represent Ti and O atoms, respectively. 
Reprinted with permission from Ref. [298], copyright (2015) Else-

vier. Li diffusion pathways for e anatase and f rutile involving Li-ions 
hopping between two neighboring octahedral sites in each structure. 
Li diffusion pathways for TiO2(B) with Li atoms hopping between g 
two adjacent C sites, h two neighboring A1 sites and i two neighbor-
ing A2 sites. l–p Calculated energy profiles for Li-ion diffusion path-
ways in pristine and OV-defective models of l anatase, m rutile and 
for TiO2(B), n C–C, o A1–A1 and p A2–A2. Reprinted with permis-
sion from Ref. [203], copyright (2018) American Chemical Society



Electrochemical Energy Reviews	

1 3

LTO can continue to be intercalated by Li-ions until reaching 
a Li8.5Ti5O12 state during which the 

(

Li8∕3Ti40∕3
)16d(

O32

)32e 
framework can remain stable and that further intercalation 
of Li-ions can bring about clear structural distortion. Here, 
these researchers also reported based on calculations that 
the average intercalation voltage for Li4+xTi5O12 was 1.48 V 
(from x = 0 to x = 3) and 0.05 V (from x = 3 to x = 4.5) and 
that the total theoretical capacity was 260 mAh g−1 (with x 
from 0 to 4.5).

5.3.1.2  Li‑Diffusion Process  Based on the possible Li-
ion diffusion pathways for the three polymorphs of TiO2 
(Fig. 34b–i) along with their corresponding energy profiles 
(Fig. 34l–p), the most probable Li-ion diffusion pathway is 
along the <201> direction for anatase (Fig. 34d) and along 
the c-axis direction for rutile (Fig. 34c) with the lowest acti-
vation energy being 0.42 eV and 0.04 eV for anatase and 
rutile, respectively [298], in which both pathways involve 
Li-ion hopping between two neighboring octahedral sites. 
As for Li hopping among tetrahedral sites, this leads to much 
higher energy barriers. For example, the activation energy of 
a zigzag path in the (001) plane with Li passing through tet-
rahedral sites in rutile is 0.8 eV [x(Li/Ti) = 0.5] [243], which 
is much higher than the activation energy of the c-axis direc-
tional path [0.04 eV from the same calculation [243] with 
the same x(Li/Ti) = 0.5]. Therefore, the diffusion of Li-ions 
in rutile is one dimensional (along the c-axis direction) and 
strongly anisotropic. The same diffusion direction and simi-
lar energy barriers as these two polymorphs of TiO2 were 
also reported from other calculations such as the energy 
barrier for anatase (LixTiO2) of 0.6  eV [x(Li/Ti) = 0.03] 
[302], 0.511  eV [x(Li/Ti) = 0.028] [236] and 0.5056  eV 
[x(Li/Ti) = 0.014] and for rutile (LixTiO2) of 0.04 eV [x(Li/
Ti) = 0.5] [243, 294] and 0.0254 [x(Li/Ti) = 0.014] [203]. 
As for TiO2(B), three possible Li-ion diffusion pathways 
involving conventional hopping between two neighboring C 
sites (Fig. 34 b) exist, including migration along the a-axis 
direction with Li-ions following a zigzag path in the (001) 
plane through A2 sites (path i), migration along the b-axis 
channel (the b-axis direction) between two adjacent C sites 
(path ii) and migration along the c-axis direction between 
two b-axis channels through A1 sites (path iii) [229, 232]. 
Here, Arrouvel et al. [232] calculated the activation energy 
barriers of these three pathways and found that they were in 
the order of path (ii) (~ 0.3 eV) < path (iii) (~ 0.5 eV) < path 
(i) (~ 1 eV) [x(Li) = 0.125] and Kong et al. [229] reported 
similar results with an order of path (ii) (0.51  eV) < path 
(iii) (0.71 eV) < path (i) (1.16 eV) [x(Li/Ti) = 0.031]. And 
although the values from these different calculations were 
not exactly the same, the same order of pathways—path 
(ii) < path (iii) < path (i) in both studies suggested that the 
b-axis direction along the b-axis channel is the most ener-
getically favorable pathway for Li-ion migration in TiO2(B). 

Despite this, these results only considered Li-ions hopping 
from one C site to another C site (the C–C path, Fig. 34g), 
and more recently, Yeh et al. [203] conducted a systematic 
investigation of the minimum energy pathways in TiO2(B) 
for Li-ion hopping between two A1 sites (the A1–A1 path, 
Fig.  34h) and between two A2 sites (the A2–A2 path, 
Fig. 34i) and found that the energy barrier was the lowest 
for the A1–A1 pathway [0.3037 eV, Fig. 34o, x(Li) = 0.016] 
rather than for the C–C pathway [0.3894  eV, Fig.  34 n, 
x(Li) = 0.016] in which their C–C pathway was equivalent to 
path (ii) and that the energy barrier for the A2–A2 pathway 
[0.9381 eV, Fig. 34p, x(Li) = 0.016] was the highest.

Overall, activation energy barrier data suggest that Li-
ion diffusion in rutile possesses the lowest energy barrier 
[e.g., 0.0254 eV [203], Fig. 34m, x(Li) = 0.014] and that 
diffusion in rutile is easier than in TiO2(B) [the energy 
barrier = 0.3 eV [203], Fig. 34o, x(Li) = 0.016], with dif-
fusion being least favorable in anatase [the energy bar-
rier = 0.5 eV [203], Fig. 34l, x(Li) = 0.014]. However, the 
intercalation of Li in rutile is nonetheless significantly 
more difficult than that in the other two polymorphs, 
and considering both intercalation energy and activation 
energy, TiO2(B) is the most promising of the three poly-
morphs as an anode material for LIBs.

Li-ion diffusion in LTO is usually considered in both 
the delithiated spinel phase Li4Ti5O12 and the lithiated 
rock-salt phase Li7Ti5O12 , and Ziebarth et al. [303] sys-
tematically investigated this diffusion process with first 
principle calculations using a simplified model that con-
sidered the hopping of only one Li vacancy in a supercell 
lattice in which in the spinel phase Li4Ti5O12 , tetrahe-
dral 8a sites are filled with Li-ions, whereas octahedral 
16c sites are empty, meaning that the diffusion pathways 
mainly involved vacancy hopping between two 8a sites. 
Here, these researchers reported that based on their results, 
a traditional symmetric pathway (8a → 16c → 8a′) pos-
sessing activation energy of 0.48 eV existed for single 
vacancies and that the 16c site between two 8a sites that 
acted as the transition state was not observed and was 
the metastable state. However, these researchers also 
reported that considering the different local chemical 
environments caused by the random distribution of Li/
Ti in 16d sites, other pathways still existed in which the 
other pathways (8a → 16c → 8a′) with lower energy bar-
riers (0.30–0.36 eV) were all asymmetric and all showed 
a flat plateau near the middle passed 16c sites, indicating 
a metastable transition state. As for the rock-salt phase 
Li7Ti5O12 , these researchers reported that the 16c sites 
were occupied and 8a sites were empty, meaning that the 
main pathway was the one with vacancy hopping between 
two 16c sites in which the energy barrier of these dif-
fusion pathways (16c → 8a → 16c′) was in the range of 
0.2–0.51 eV and that the middle passed 8a sites for all of 
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these pathways were not observed and were metastable 
transition states. Moreover, the shapes of most of these 
pathways were asymmetric. In this study, these research-
ers also investigated the mobility of Li-ions at the sta-
ble 16d sites and reported that the diffusion of one single 
Li vacancy from the 16d site to the 8a site was difficult 
(with a high energy barrier of 0.92 eV) in the spinel phase, 
whereas the reverse direction was much easier (with much 
lower activation energy of 0.42 eV), indicating that vacan-
cies can easily be trapped in stable 16d sites, which can 
slow down diffusion processes in lattices. Nevertheless, 
the situation in the rock-salt phase was different, sug-
gesting that vacancies were not stable in 16d sites, and 
therefore, the diffusion of Li-ions in rock-salt phases is 
easier than in the spinel phase, which is in agreement with 
previous reported computational results from Chen et al. 
[304]. However, because Li-ion diffusion for composition 
between spinel and rock-salt phases is complex, it is rarely 
reported in theoretical studies.

5.3.2 � The Effects of Defects on Li‑Intercalation 
and Diffusion Processes

5.3.2.1  Effects of OVs on Li‑Intercalation  OVs can have great 
influences on the intercalation and diffusion of Li atoms, and 
the effects of OVs on Li-intercalation can be evaluated by 
comparing the intercalation energy of Li inserting into pris-
tine and OV-defective TiO2 ( EOV

f,Li
 ). Here, Li-intercalation in 

OV-defective TiO2 can form systems with complex defects 
in which both OV sites and intercalation sites for Li atoms 
need to be considered. In addition, a combination of these 
two types of defect sites has many permutations, especially 
for TiO2(B), because of the existence of four different OV 
sites (Obr, O3f1, O3f2 and O4f, Fig. 29b, c) and three different 
Li-intercalation sites (C, A1 and A2, Fig.  34a). Based on 
this, Yeh et al. [203] took into account all permutations and 
combinations of these two different sites and reported that 
Li-intercalation at the A2 site in TiO2(B) with an O4f OV 
site was unstable because it can either immigrate to a C site 
or possess higher energy. Furthermore, these researchers 
compared EOV

f,Li
 with EP

f,Li
 and found that OVs (0.69%) were 

detrimental for Li-intercalation in anatase and rutile but that 
the opposite was true for TiO2(B) with the C-O4f site com-
bination (with OV concentration at 0.78%). Similar results 
for TiO2(B) were also reported by Kong et  al. [229] who 
reported that the voltage for Li insertion at C sites in OV-
defective TiO2(B) (OV concentration of 1.56%) was higher 
than that in pristine TiO2(B), suggesting that the existence 
of OVs is beneficial for Li-intercalation in TiO2(B).

As for LTO, Samin et al. [235] reported that the calcu-
lated average intercalation potential between Li4Ti5O12 and 
Li7Ti5O12 reduced from 1.26 V in pristine LTO to 1.09 V 
in the OV-defective structure, which represented decreased 

battery discharge capacities due to introduced OVs. Alter-
natively, Nasara et al. [131] concluded that the theoreti-
cal capacity of LTO between Li4Ti5O12 and Li7Ti5O12 can 
increase from 175 (pristine) to 180 mAh g−1 (6.5% OV 
defective) and also reported that the capacities observed 
from experimental results were 171.2 and 169.9 mAh g−1 
for OV-defective and pristine LTO, respectively.

5.3.2.2  Effects of OVs on Li‑Diffusion  Activation energy is 
a good reference to evaluate the effects of OVs on Li-ion 
diffusion. For example, based on the energy profiles for Li-
ion diffusion in OV-defective TiO2 along with data for the 
pristine structure (Fig. 34l–p), Yeh et al. [203] demonstrated 
that compared with pristine structures, the diffusion energy 
barriers in OV-defective anatase and rutile [0.69% OV, x(Li/
Ti) = 0.014] can increase by 0.5 and 0.4  eV, respectively 
(Fig. 34l, m), suggesting that OVs may hinder Li-ion diffu-
sion in these polymorphs. Alternatively, these researchers 
also found that the energy barrier for the A1–A1 pathway 
decreased by 0.006 and 0.049 eV after the introduction of 
OVs (0.78%) at O3f1 and O4f sites, respectively, for TiO2(B) 
[x(Li/Ti) = 0.016] (Fig.  34o) but increased for the A1–A1 
pathway with other OV sites (Fig.  34o) as well as other 
pathways with all types of OV sites (Fig.  34n, p). These 
researchers also reported that the A2–A2 pathway diffusion 
may not exist in TiO2(B) with Obr and O4f OVs (Fig. 34p) 
because Li-ions initially on the A2–A2 pathway will move 
to adjacent C sites after full relaxation of the lattice. Over-
all, the decreased energy barriers for the A1–A1 pathway in 
TiO2(B)-O3f1 and TiO2(B)-O4f suggest that the diffusion of 
Li-ions in TiO2(B) can become more efficient in the pres-
ence of these two types of OVs. In a further study, Kong 
et al. [229] suggested that the effects of OVs on Li-ion diffu-
sion may depend on OV concentration in which the diffusion 
energy barrier for the C–C pathway (path (ii) in Fig. 34b) in a 
1.56% OV TiO2(B)-O3f1 or TiO2(B)-O4f structure is slightly 
higher than that in the pristine TiO2(B) structure, which is 
consistent with the 0.78% OV results from Yeh et al. [203]. 
Nevertheless, the energy barrier for the same pathway in the 
same structure is lower than that with 1.56% OV and even 
lower than that in pristine materials at 3.12% OV. As for the 
effects of OVs on Li-diffusion in LTO, Nasara et al. [131] 
reported that the calculated diffusion coefficient for OV-
defective LTO was 1.53 × 10−12 cm2 s−1 , which was almost 
1.9 times that for pristine LTO ( 8.06 × 10−13 cm2 s−1 ). 
Here, these researchers claimed that the enhanced diffu-
sivity of Li-ions in OV-defective LTO can be attributed to 
wider channels created by OV-induced lattice expansion in 
which the expansion rate of the lattice parameter was calcu-
lated to be 0.1519%.

5.3.2.3  Effects of Li Concentration  Li-intercalation and dif-
fusion processes can also be affected by previously interca-
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lated Li. For example, Ti–Li repulsion and the mutual repul-
sion of Li-ions in TiO2(B) are two factors that can affect the 
stability of insertion sites [229, 232] in which the experi-
mental and computational studies by Armstrong et al. [296] 
showed that C sites were the most energetically favorable 
for Li-ion intercalation but only with low concentrations of 
Li-ions [x(Li/Ti) ⩽ 0.25]. Here, these researchers reported 
that at x(Li/Ti) = 0.25, all C sites were occupied and at a 
higher concentration range of 0.25 < x(Li/Ti) ⩽ 0.5, A1 sites 
become more favorable than C sites and all A1 sites become 
fully occupied at x(Li/Ti) = 0.5. In addition, if x(Li/Ti) > 0.5, 
A2 sites become more favorable than C or A1 sites and all 
C, A1 and A2 sites become fully occupied at x(Li/Ti) = 1, 
leading to maximum Li storage capacity. Researchers have 
also suggested that the reason why C sites are the stablest at 
low Li-ion concentrations is that Li–Ti distances are maxi-
mized at C sites, thus minimizing Li–Ti repulsion [229]. 
And with the increasing Li content, mutual repulsion of Li-
ions becomes stronger in C sites than that in A1 sites as C 
sites become fully occupied with Li-ions, leading to changes 
in the most favorable site. Similar reasons underlie the tran-
sition from A1 to A2 sites. In another study, Arrouvel et al. 
[232] reported that the intercalation voltage for pristine 
TiO2(B) decreased from 1.64 to 1.29 V as Li content x(Li/
Ti) increased from 0.031 to 0.125, indicating that Li-interca-
lation becomes more difficult as Li concentrations increase. 
Kong et al. [229] also reported similar results, showing that 
as x(Li/Ti) increases from 0.031 to 1, insertion voltages 
for pristine and OV-defective TiO2(B) decrease from 1.29 
to 0.72  V and from 1.35 to 0.69  V, respectively. Further-
more, these researchers found that the intercalation voltage 
of OV-defective TiO2(B) was higher than that of pristine 
TiO2(B) at lower Li concentrations [x(Li/Ti) ⩽ 0.25] but that 
the voltage was lower at high Li concentrations [0.25 < x(Li/
Ti) ⩽ 1], suggesting that OVs are beneficial for both charge 
and discharge processes in TiO2(B) anodes. These research-
ers attributed this effect to that fact that higher insertion 
voltages in the low Li content allow for easier lithiation in 
anodes during charging, whereas lower insertion voltages 
allow for easier delithiation in anodes during discharging.

As for Li diffusion, Olson et al. [302] showed that for 
anatase, activation energy decreased from 0.65 to 0.45 eV 
as Li content x(Li/Ti) increased from 0.03 to 0.1, suggesting 
that Li diffusion becomes easier with higher Li concentra-
tions. Here, these researchers suggested that increased Li-
intercalation will lead to greater amounts of charge com-
pensated electrons, which can provide stronger coupling 
screening effects [302] for Li-ions, and as a result, a higher 
Li content is beneficial for Li-ion diffusion. Similar results 
for anatase have also been reported by Yildirim et al. [305], 
who found that energy barriers will increase with increasing 
the Li content only above a theoretical Li concentration limit 
in anatase whereas for rutile, the results were on the contrary 

in which the energy barrier increased by 0.2 eV as x(Li/Ti) 
increased from 0.1 to 0.5. Here, these researchers suggested 
that the channels for Li diffusion can easily be blocked 
(energy preferable sites becoming unavailable) in rutile 
due to the one dimensional diffusion mechanism whereas 
the diffusion mechanism for anatase involves 3D hopping 
between octahedral sites, which can tolerate stronger Li–Li 
repulsive interactions. And because the different diffusion 
mechanisms are determined by different structures, concen-
tration dependence of diffusivity is structure dependent.

5.3.2.4  Effects of Other Dopants  Aliovalent elemental dop-
ing of TiO2 LIB anodes has seldom being examined by theo-
retical studies. As a result, limited theoretical investigations 
of the effects of doping with other elements on Li-intercala-
tion in TiO2 exist. However, Kumar et al. [263] investigated 
the Li-intercalation energy of C- and N-doped anatase TiO2 
by DFT using a PBE functional (a GGA type) together with 
the Hubbard U parameter and considered a system of anatase 
with one O atom substituted by one C or N atom with one or 
two OVs created to maintain charge neutrality in which their 
doped system was denoted as TiO2−2xCx or TiO2−3xN2x for 
C- and N-doping. Here, these researchers reported that the 
Li-intercalation energy for C-doped anatase was lower than 
that of pristine anatase with a low Li content, indicating 
that C-doping is beneficial for Li-intercalation in anatase. 
These researchers also reported that opposite results were 
found for N-doped anatase in which N-doping led to higher 
Li-intercalation energy under low Li-loading. In addition, 
these researchers calculated the theoretical charge capacities 
of LIBs with doped TiO2 anodes using Bader charge analy-
sis [306–308] and obtained 310, 438 and 421 mA g−1 for 
pristine, C-doped and N-doped anatase TiO2, respectively. 
And to the best of our knowledge, other theoretical studies 
into the effects of other dopants on Li diffusion in TiO2 have 
yet to be reported. As for LTO, Song et al. [281] reported 
that Na-doping is beneficial for Li diffusion in which based 
on their calculated results, the activation energy barrier 
for Li diffusion in Na-doped LTO (spinel NaLi30Ti40O96 ) 
was ~ 0.25 eV, which was much lower than that in the un-
doped phase (spinel Li31Ti40O96 ) at 0.38 eV and they attrib-
uted this effect to a lattice expansion from 8.427 to 8.443 Å.

6 � Applications of TiO2 and LTO

Ti-based oxides are frequently studied in electrochemical 
energy storage devices because of their promising potential 
for high energy density, working voltage and cycle lifes [12, 
309, 310]. However, the further development of Ti-based 
oxides for energy storage is limited by slow kinetic behav-
iors during charge/discharge in which kinetics is slowed by 
limited active sites in TiO2/LTO and large ionic radii (Li+, 
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Na+, Mg2+ and Al3+), which slow ion insertion/extraction in 
metal-ion batteries [311–313]. Here, sluggish ion diffusion 
can be addressed by introducing defects such as vacancies, 
lattice distortions, unpaired electrons and Ti3+ [314, 315]. 
In addition, defects can also cause corresponding charge 
redistribution to balance the insertion/extraction of Li+ by 
enhancing electron diffusion. For example, extrinsic defects 
(ion doping) in TiO2/LTO can generally reduce ion diffu-
sion depth and improve intra-particle conductivity and these 
effects are particularly advantageous for LIBs in which ion 
diffusion is a rate-limiting factor. Moreover, extrinsically 
defective TiO2/LTO can also be used for a range of differ-
ent electrochemical energy storage devices, including SIBs, 
multivalent-ion batteries and supercapacitors. As for non-
stoichiometric defects (vacancies), these are accompanied 
by disordered surface layers, accelerated ion desolvation in 
electrolytes and improved electron conductivity through cor-
responding charge compensation, all of which are advanta-
geous for charge-transfer reactions in electrochemical energy 
storage devices. In summary, defective Ti-based oxides can 
be applied in LIBs, SIBs, multivalent-ion batteries and 
supercapacitors to achieve better electrochemical perfor-
mance [316, 317] and in this section, defective TiO2/LTO 
with vacancy-induced lattice relaxations and atom-doped lat-
tice distortions is discussed for energy storage applications.

6.1 � Lithium‑Ion Batteries (LIBs)

TiO2/LTO has widely been used as anode materials in LIBs 
because of rapid Li-ion insertion/extraction behaviors. 

However, poor electronic and ionic conductivities of TiO2/
LTO greatly limit application in electrochemical energy 
storage devices [110, 143, 318]. To overcome these limita-
tions, defect structures in Ti-based oxides can promote the 
migration of electrons and ions in bulk phases and improve 
dynamic performance [315, 316]. Recently, Ti-based oxides 
with Ti3+ or OVs have also shown promise for LIBs. For 
example, Chen et al. [77] prepared dark rutile TiO2 nanorods 
through a simple solvent-thermal method (Fig. 35a) and 
reported that the dark TiO2 exhibited a higher specific capac-
ity (92.1 mAh g−1, 50 C, 1 C = 168 mA g−1) and impressive 
capacity retention of 98.4% after 1000 cycles. Here, these 
researchers attributed the remarkable rate capability and 
extraordinary cycling stability to the optimized electronic 
structure resulting from Ti3+ and OVs. In another exam-
ple, Shin et al. [219] used a hydrogen-thermal treatment 
method to prepare oxygen-deficient TiO2−δ nanoparticles in 
which 1-h thermal treated TiO2 under 5% H2/95% Ar atmos-
phere (H2-1 h-TiO2−δ), 1-h thermal treated TiO2 under Ar 
atmosphere (Ar-1 h-TiO2−δ) and pristine TiO2 were all pre-
pared and utilized as anodes in LIBs. And as a result, these 
researchers reported that the conductivity of H2-1 h-TiO2−δ 
reached 1.5 × 10−3 S cm−1 and was much higher than 
Ar-1 h-TiO2−δ and pristine TiO2. In addition, these research-
ers reported that the Li+ storage for H2-1 h-TiO2−δ and 
Ar-1 h-TiO2−δ showed great enhancements as compared 
with pristine TiO2 and that the discharge capacities of 
H2-1 h-TiO2−δ and Ar-1 h-TiO2−δ were 180 and 148 mAh 
g−1 at 0.2 C (1 C = 336 mA g−1), respectively, whereas 
the pristine TiO2 only produced 64 mAh g−1 (Fig. 35b). 

Fig. 35   a Cycling performance 
of dark TiO2 at a rate of 50 C 
expressed as extraction capacity 
and Coulombic efficiency ver-
sus the cycle number. Reprinted 
with permission from Ref. [77], 
copyright (2018) American 
Chemical Society. b Charge/
discharge profiles (at the 20th 
cycle) for pristine TiO2 (the 
dotted line), Ar-1 h-TiO2−δ (the 
dashed line) and H2-1 h-TiO2−δ 
(the solid line) cycled at 0.2 C. 
Reprinted with permission from 
Ref. [219], copyright (2012) 
American Chemical Society. 
c Specific discharge capacities 
at various C rates for LTO and 
H-LTO NWAs. Reprinted with 
permission from Ref. [318], 
copyright (2012) John Wiley 
and Sons
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Furthermore, Deng et al. [319] fabricated an oxygen defi-
cient H-TiO2@C electrode through a hydrothermal process 
followed by a hydrogenation process and reported that the 
rich OVs induced by hydrogenation resulted in excellent 
pseudo-capacitive storage in which the resulting H-TiO2@C 
electrode delivered a remarkable capacity of 310 mAh g−1 
at 0.1 A g−1 and a higher rate performance of 126 mAh g−1 
at 1 A g−1. Qiu et al. [113] also successfully prepared blue 
rutile TiO2 nanoparticles through an enhanced high-pres-
sure hydrogenation process and reported that the blue TiO2 
possessed remarkable discharge capacities and rate perfor-
mances as compared with pristine rutile TiO2 in which out-
standing discharge specific capacities of 179.8 mAh g−1 and 
129.2 mAh g−1 were achieved at rates of 0.1 C and 5 C (1 
C = 336 mA g−1), respectively. Moreover, Qiu et al. [110] 
also prepared hydrogenated Li titanate (H-LTO) through a 
similar process and reported much higher reversible capaci-
ties and better cycling stability (134.9 mAh g−1 at 5 C after 
100 cycles, 1 C = 175 mA g−1). In another example, Shen 
et al. [318] used a hydrogenation process to successfully 
introduce Ti3+ in LTO nanowires (H-LTO NWAs) and 

reported that as compared with pristine LTO nanowires 
(NWAs), the H-LTO NWAs delivered much higher Li+ stor-
age capacities (173 mAh g−1 at 0.2 C) and much better rate 
performances (121 mAh g−1 at 30 C) (Fig. 35c). In addition, 
Chen et al. [85] used a solvothermal method with a subse-
quent annealing treatment to obtain defective mesoporous 
Li4Ti5O12−y and reported that the resulting excellent rate 
performances (139 mAh g−1 at 20 C) can be attributed to 
the unique defective mesoporous structure and the presence 
of OVs and Ti3+–O2−–Ti4+ pairs. Nasara et al. [131] also 
synthesized a highly oxygen-deficient LTO (the OVs con-
tent up to ~ 6.5%) from a one-pot thermal reduction process 
and reported that the high concentration of OVs greatly 
improved electronic and ionic conductivities of the LTO 
material as evidenced by the decreased impedance of the 
defective LTO electrode (Fig. 36a) as well as lowered polari-
zation voltage and a much stronger peak current and peak 
symmetry (Fig. 36b), all of which can provide increased 
electrochemical activity and enhanced reaction kinetics as 
compared with pristine LTO.

Fig. 36   a Electrochemical impedance spectroscopy for pristine 
and defective LTO. b Cyclic voltammetry for pristine and defective 
LTO. Reprinted with permission from Ref. [131], copyright (2017) 
John Wiley and Sons. c Rate capabilities of pure TiO2 anatase and 
Ti0.78□0.22O1.12F0.4(OH)0.48 electrodes. Reprinted with permission 

from Ref. [320], copyright (2015) American Chemical Society. d Ini-
tial charge/discharge profiles of undoped and V5+-doped TiO2 elec-
trodes. Reprinted with permission from Ref. [322], copyright (2013) 
Elsevier
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OVs in TiO2/LTO lattices can also enhance electron and 
ion transport and thus promote better rate performances and 
cycling stability in LIBs. In addition, atom doping-induced 
lattice distortions in TiO2/LTO structures are also consid-
ered to be an effective strategy to this end. For example, Li 
et al. [320] prepared monovalent F–/OH–-anion-doped TiO2 
(Ti0.78□0.22O1.12F0.4(OH)0.48) through a mild solvothermal 
process and reported outstanding electrochemical perfor-
mances as compared with pure TiO2 in which the doping 
of monovalent F–/OH– anions can cause the replacement 
of O2– divalent ions and the disruption of the crystalline 
atomic structure of TiO2. As a result, the as-synthesized 
Ti0.78□0.22O1.12F0.4(OH)0.48 possessed a uniform distribution 
of cationic vacancies with a concentration up to 22% and 
was able to deliver reversible specific capacities of 204 mAh 
g−1 and 134 mAh g−1 at current densities of 1 C and 10 C, 
respectively (Fig. 36c). In addition, even at an extremely 
high current density of 50 C, the sample still delivered a 
specific capacity of 75 mAh g−1 after 300 cycles. Here, these 
researchers attributed the improved electrochemical Li stor-
age properties to defect chemistry and cationic vacancies, 
which play an important role in providing additional Li+ 
diffusion pathways and enhancing the transport of Li+. In 
another study, Ma et al. [321] synthesized F-doped carbon-
encapsulated Li4Ti5O12 composites (C-FLTOs) through 
a hydrothermal process and a controlled solid state lithia-
tion reaction at high temperatures and reported that charge 
compensation in the lattice resulting from F-doping is ben-
eficial to structural stability and electronic conductivity of 
C-FLTOs in which the optimized sample (C-FLTO with a 
carbon content of 2.03 wt%) delivered an outstanding charge 
capacity of ~ 158 mAh g−1 at 1 C and high rate performances 
up to 140 C.

In addition to anion doping, various types of cation dop-
ing have also been reported to improve the electrochemical 
performance of Ti-based materials. For example, Anh et al. 
[322] found that Vanadium (V5+)-doped TiO2 synthesized 
through a solvothermal method following a calcination 
treatment gave rise to Ti4+ vacancies and increased ion and 
electronic conductivity, which enhanced the Li+ storage per-
formance of the V5+-doped TiO2 electrode. As a result, the 
optimized V5+-doped TiO2 (TiO2/V 2%) exhibited decreased 
polarization voltages in initial charge/discharge profiles rela-
tive to undoped TiO2 (Fig. 36d) in which as compared with 
undoped TiO2, the TiO2/V 2% electrode delivered a higher 
reversible capacity of 232.6 mAh g−1 at 0.1 mA cm−2. In 
another study, Thi et al. [251] investigated the effects of 
Mo6+ doping on the electrochemical properties of TiO2. 
Here, these researchers synthesized anatase-type Ti with dif-
ferent Mo6+ doping levels (1, 3, and 5 wt%) through a simple 
solvothermal method followed by an annealing process and 
reported that Mo6+-doped TiO2 with increasing numbers of 
Ti4+ vacancies showed higher conductivities and therefore 

led to enhanced electrochemical performances in which TiO2 
nanoparticles doped at 1, 3 and 5 wt% delivered capacities 
of 165.3, 169.5 and 152.7 mAh g−1, respectively, after 30 
cycles at 0.8 mA cm−2, whereas undoped TiO2 only deliv-
ered a capacity of 127.7 mAh g−1 under the same conditions. 
Fehse et al. [323] also prepared Nb-doped TiO2 nanofibers 
through a facile, single-step electrospinning method and 
reported that Nb doping had significant effects on electronic 
structure, increased the lattice disorder in doped samples 
and also reduced diffusion pathway lengths and improved 
intra-particle conductivity. And as a result, the Nb-doped 
TiO2 nanofibers possessed higher rate capabilities than non-
doped materials during the electrochemical cycling process. 
In addition, Bai et al. [324] fabricated Y-modified Li4Ti5O12 
with different Y-doping contents (YxLTO, x = 0–1.1) through 
a coprecipitation method and reported that Y-doping led to 
an increased lattice constant and enhanced electronic and 
ionic conductivities, which resulted in outstanding rate 
capabilities and long cycle life spans, leading to the YxLTO 
(x = 0.06) electrode maintaining a capacity of 156.8 mAh 
g−1 at 10 C after 1000 cycles. Furthermore, Song et al. [220] 
fabricated Li4−x/3Ti5−2x/3CrxO12 with an unexpected struc-
ture through ball milling following by heat treatment. Here, 
although doping with heterogeneous elements normally 
increases structural disorder, in this study, the doping of 
Cr3+ in LTO resulted in an anomalous decrease in structural 
disorder due to the straightening of Ti–O–Ti bonds. This 
decreased disorder and enhanced electronic conductivity 
with the introduction of Cr3+ subsequently contributed to 
exceptional electrochemical performances in which at a rate 
of 10 C, the Li4−x/3Ti5−2x/3CrxO12 displayed a high discharge 
capacity of 125 mAh g−1. In summary, the excellent elec-
trochemical performances of defective Ti-based oxides in 
LIBs can be ascribed to modified electronic structures (OVs, 
Ti3+ and ion doping), shortened Li+ diffusion pathways and 
enhanced diffusion of Li+ [315, 316, 321].

6.2 � Sodium‑Ion Batteries (SIBs)

Similar to LIBs, the optimized electronic structure and 
improved electronic and ionic transport imparted by intro-
ducing defects in Ti-based oxides have also been applied to 
SIBs. For example, Chen et al. [325] prepared nanostruc-
tured black anatase TiO2 with OVs through a NaBH4 high 
temperature reduction process and used it as a SIB anode, 
resulting in the black TiO2 (B-TO) delivering a high capac-
ity of 207.6 mAh g−1 at a current density of 0.2 C and 
91.2 mAh g−1 at a high current density of 20 C (Fig. 37a), 
which were superior to white TiO2 (W-TO) anodes. Here, 
these researchers attributed such remarkably high rate capa-
bilities and long cycling life spans to the presence of OVs, 
which can improve both intrinsic electrical conductivity and 
kinetics of the Na ion uptake-release process. In another 
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study, Zhang et al. [230] designed a blue-colored TiO2(B) 
as a SIB anode and reported that the introduction of OVs 
in the blue TiO2(B) allowed for higher capacities as com-
pared with pristine white TiO2(B) electrodes in which the 
blue TiO2(B) electrode delivered a capacity of 210.5 mAh 
g−1 and 89.8 mAh g−1 at 0.5 C and 15 C, respectively. And 
by using a controlled hydrothermal process followed by 
heat treatment, Zhao et al. [326] successfully synthesized 
carbon-bonded oxygen-deficient TiO2 nanotubes (TiO2−x/C) 
through a carbon reduction process and reported that as an 
anode for SIBs, the TiO2−x/C displayed superior rate capa-
bilities of 191 mAh g−1 at 0.2 C and 141 mAh g−1 at 10 C. 
Here, these researchers attributed this pseudocapacitance-
dominant reversible charge/discharge process to the synergy 
between the ultrathin nanotube structure, the existence of 
OVs, Ti–C bonding at the TiO2/C interface and coherent 
amorphous/TiO2(B) heterojunctions. Xiong et  al. [327] 
also found that cation-deficient 2D nanosheet Ti0.87O2 as 
a SIB electrode can exhibit outstanding reversible capaci-
ties (490 mAh g−1, 0.1 A g−1), ultra-long cycle life spans 
and superior low-temperature capabilities for Na storage 

due to its unique structure which is composed of intimately 
hybridized Ti0.87O2 and N-doped graphene in which these 
Ti vacancies can not only promote ion transport, but also 
provide fully accessible sites for ion insertion.

In addition to the introduction of OVs, the production 
of defects through the introduction of different anions and 
cations is another effective strategy to improve the Na+ 
storage properties of Ti-based oxides. For example, He 
et al. [330] synthesized a surface-defect-rich and deep-
cation-site-rich S-doped rutile TiO2 (R-TiO2−x-S) through 
a plasma-assisted method as a SIB anode and reported that 
the R-TiO2−x-S delivered excellent capacities of 264.8 mAh 
g−1 and 128.5 mAh g−1 at current densities of 50 mA g−1 and 
10000 mA g−1, respectively. Zhang et al. [328] also synthe-
sized S-doped TiO2 nanosheets encapsulated in graphene 
nanosheets (S-TiO2/rGO) for SIBs in which calcination in a 
mixed gas of sulfur vapor and hydrogen at 600 °C endowed 
the S-TiO2/rGO composite with rich Ti3+/OV defects. And as 
a result, the S-TiO2/rGO electrode exhibited outstanding rate 
performances (153 mAh g−1 at 20 C) as compared with the 
two control electrodes of TiO2/rGO and S-TiO2 (Fig. 37b). 

Fig. 37   a Rate performances of B-TO and W-TO at elevated rates 
expressed as Na+ extraction capacity versus the cycle number. 
Reprinted with permission from Ref. [325], copyright (2016) Ameri-
can Chemical Society. b Rate capabilities of S-TiO2/rGO, TiO2/rGO 
and S-TiO2 electrodes at different current densities. Reprinted with 

permission from Ref. [328], copyright (2018) Elsevier. c Structural 
models of Fe-doped-TiO2. d Rate capabilities of pristine and Fe-
doped TiO2 at different currents. Reprinted (adapted) with permission 
from Ref. [329]. Copyright (2017) American Chemical Society
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These researchers also reported that the pseudocapacitance 
imparted by the 2D morphology and vacancy-rich TiO2 
nanosheets was able to deliver ultra-stable cycle perfor-
mances with limited losses even after 8000 cycles. In addi-
tion, Wu et al. [331] prepared N-doped white mesoporous 
TiO2 (N-MTO) nanofibers through an electrospinning 
method followed by annealing in which the as-spun nanofib-
ers were first annealed in air to remove organic components 
and subsequently calcined under 5% NH3/Ar atmosphere 
at 550 °C to introduce OVs and partial reduce Ti4+ to Ti3+. 
And as a result, the N-MTO delivered a much better Na+ 
storage capability of 110 mAh g−1 at 10 C as compared with 
white mesoporous TiO2 (MTO) nanofibers and no noticeable 
capacity loss even after 500 cycles. Here, these research-
ers attributed these improved electrochemical properties 
to the existence of Ti3+ and OVs as caused by the intro-
duction of N. Furthermore, Usui et al. [332] successfully 
prepared Nb-doped rutile TiO2 (Ti1−xNbxO2, x = 0–0.18) 
through a sol–gel method followed by gas deposition and 
the resulting Ti0.94Nb0.06O2 electrode exhibited a high Na+ 
extraction capacity of 160 mAh g−1 at 50 mA g−1 after 50 
cycles. Moreover, He et al. [329] synthesized Fe-doped 3D 

cauliflower-like rutile TiO2 as a SIB anode in the calcina-
tion process, and Fe ions replaced Ti4+ at some sites and 
created corresponding OVs in the TiO2 crystal structure 
(Fig. 37c) with the prepared TiO2 with 6.99% Fe doping 
possessing higher concentrations of OVs on the surface. 
And as a result, the Fe-doped TiO2 delivered a discharge 
capacity of 327.1 mAh g−1 at 16.8 mA g−1 and a high rate 
performance of 160.5 mAh g−1 at 840 mA g−1 (Fig. 37d). 
Here, these improved performances were attributed to the 
OVs produced from Fe doping in the TiO2 structure. In sum-
mary, the improved capacity and cycle stability of defective 
TiO2/LTO for SIBs can be attributed to the introduction of 
OVs and non-intrinsic defects such as doping, thus enabling 
enhanced intrinsic electronic conductivity and fast Na-ion 
diffusion kinetics [79, 333–335].

6.3 � Other Metal‑Ion Batteries

Multivalent ion batteries such as reversible Mg- and Al-ion 
batteries are particularly attractive for large-scale energy 
storage applications due to superior theoretical volumetric 
energy densities. However, the development of multivalent 

Fig. 38   a Electrochemical performance of porous B-TiO2−x at 
300  mA  g−1 (Mg2+ extraction capacity vs. the cycle number). 
Reprinted with permission from Ref. [339], copyright (2018) 
American Chemical Society. b Galvanostatic discharge–charge 
curves for TiO2 and Ti0.78□0.22O1.12F0.40(OH)0.48 versus Mg. Cells 
were cycled at 20  mA  g−1 in the potential range 0.05–2.3  V ver-
sus Mg2+/Mg. c Galvanostatic discharge–charge curves for TiO2 

and Ti0.78□0.22O1.12F0.40(OH)0.48 versus Al. Cells were cycled 
at 20  mA  g−1 in the potential range 0.01–1.8  V versus Al3+/Al. 
Reprinted with permission from Ref. [340], copyright (2017) 
Springer Nature. d Rate performances of commercial white anatase 
TiO2 and black anatase TiO2 nanoleave electrodes at different current 
rates. Reprinted with permission from Ref. [341], copyright (2014) 
Royal Society of Chemistry
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batteries still faces challenges related to inherent limited ion 
mobility, strong kinetic barriers and lack of suitable elec-
trode materials [336–338]. Here, the presence of OVs can 
play a vital role in improving the development of recharge-
able Mg and Al batteries because they can enhance Mg2+ 
and Al3+ ion diffusion kinetics. For example, Wang et al. 
[339] synthesized vacancy-rich, 2D black TiO2−x (B-TiO2−x) 
nanoflakes through an efficient atomic substitution strategy 
and reported that the unique structure of the ultrathin porous 
nanoflakes can play a crucial role in the reversible Mg2+ 
storage process with discharge capacities of 150, 126, 114 
and 106 mAh g−1 at current densities of 50, 100, 200 and 
300 mA g−1, respectively. These researchers also reported 
that even after 400 cycles at 300 mA g−1, the B-TiO2−x was 
still able to deliver a capacity of 77 mAh g−1 (76% reten-
tion) and demonstrated good cycling stability (Fig. 38a). 
In addition, both experimental results and DFT calcula-
tions have demonstrated that OVs can enhance electrical 
conductivity and ion diffusion kinetics and provide more 
active sites for multivalent ion insertion. Koketsu et al. 
[340] also found that prepared Ti0.78□0.22O1.12F0.40(OH)0.48 
can present good reversible electrochemical performances 
for both Mg and Al ion storage in which the Mg2+ extrac-
tion capacity of Ti0.78□0.22O1.12F0.40(OH)0.48 (165 mAh g−1 
at 20 mA g−1) was much higher than that of TiO2 (only 
25 mAh g−1 at 20 mA g−1) (Fig. 38b). Furthermore the 
detailed analysis of Al storage properties (Fig. 38c) showed 
that Ti0.78□0.22O1.12F0.40(OH)0.48 can deliver a discharge 
capacity up to 120 mAh g−1 at the initial cycle and further 
stabilized at 90 mAh g−1 at 20 mA g−1, whereas pure TiO2 
exhibited poor intercalation properties for Al3+. In another 
study, He et al. [341] synthesized black, well-defined nano-
structured anatase TiO2 for Al3+ ion storage and reported 
that the black anatase TiO2 containing electro-conducting 
Ti3+ can exhibit a sustained rate capability of 141.3 mAh g−1 
at a current density of 2.0 A g−1 that was much better than 
that of white anatase TiO2 (Fig. 38d).

6.4 � Supercapacitors

Because of its remarkably high stability, low toxicity and low 
costs, TiO2 has also been considered as a potential material 
in electrochemical capacitors. For example, Li et al. [342] 
reported a facile electrochemical method to prepare Ti3+ 
self-doped anatase TiO2 with OVs in an ethylene glycol elec-
trolyte in which in a three-electrode system, the capacitance 
of the self-doped, black TiO2 produced a significant 42-fold 
improvement over pristine TiO2. In addition, the self-doping 
in black TiO2 possessed significantly narrower band gaps 
and lower resistivities, which can greatly contribute to super-
capacitor properties. In another example, Lu et al. [343] syn-
thesized hydrogenated TiO2 (H-TiO2) through the calcina-
tion of anodized TiO2 nanotube arrays (NTAs) in hydrogen 

atmosphere and reported that the H-TiO2 NTAs prepared 
at 400 °C achieved a 40 times higher specific capacitance 
(3.24 mF cm−2,100 mV s−1) as compared with air-annealed 
TiO2 synthesized under the same conditions. In addition, 
Zhou et al. [344] prepared self-doped TiO2 nanotube arrays 
through a simple cathodic polarization treatment of pristine 
TiO2 nanotube arrays and reported that as an electrode mate-
rial for supercapacitors, the self-doped TiO2 nanotube arrays 
exhibited 39 times higher capacitance than pristine TiO2. 
Kim et al. [345] also used an electrochemical self-doping 
method to fabricate blue and black colored TiO2 nanotube 
arrays and reported that the black-colored TiO2 nanotube 
arrays exhibited better capacitance than the blue TiO2. Fur-
thermore, Salari et al. [346] used a facile method to fabricate 
highly ordered OV-defective Ti nanotubes that delivered a 
high and stable capacitance with approximately 98% capaci-
tance retention after 500 cycles and Wu et al. [122] pre-
pared 1D anodic Ti oxide (ATO) nanotube arrays through a 
plasma-assisted hydrogenation method and investigated its 
electrochemical performance in supercapacitors. Here, the 
hydrogenated ATO delivered a higher capacity of 7.4 times 
(7.22 mF cm−2) at a current density of 0.05 mA cm−2 as 
compared with pristine ATO and these researchers attrib-
uted the excellent rate capability and cycling stability of the 
prepared ATO nanotubes to the outstanding conductivity 
and larger specific surface areas. Overall, the introduction of 
OVs can enhance the capacitance in supercapacitors because 
they can serve as active sites to enhance adsorption proper-
ties, promote electron and ion migration and increase the 
density of charge carriers [317, 347, 348].

7 � Summary and Outlook

Overall, this review has summarized the mechanisms of 
defect formation, the types of structural defects, defect-
induced modifications of structural and chemical properties 
in TiO2/LTO and the application of defective Ti oxides in 
electrochemical energy storage devices. Over the years, an 
array of physical, chemical and doping methods has been 
developed to partially reduce Ti4+ to Ti3+ or introduce OVs 
in lattices to improve electronic and ionic conductivities of 
Ti-based oxides, resulting in corresponding charge com-
pensation and optimizations to charge carrier transporta-
tion kinetics, allowing for enhanced electronic, optical and 
chemical properties for defective TiO2/LTO as compared 
with pristine TiO2/LTO lattices. For example, extra mid-
gap states or narrowed band gaps introduced by defects 
can increase the absorption of visible light, and OVs and 
Ti3+ centers can serve as shallow donors to accelerate elec-
tron mobility, and highly active surface amorphous layers 
can facilitate the adsorption and dissociation of reactants. 
And based on these improvements, defective TiO2/LTO 
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nanomaterials can be used in a wide range of promising 
energy storage applications. Furthermore, the future devel-
opment of TiO2/LTO nanomaterials for practical applica-
tion in electrochemical storage applications should focus 
on several key areas. First, the existing technologies and 
methods to tune defects are relatively complex or resource 
intensive and it is necessary to develop effective, facile and 
large-scale synthetic methods to prepare and control defect 
structures. Second, generated OVs and Ti3+ are unstable in 
TiO2/LTO lattices in which Ti3+ is prone to oxidization to 
Ti4+ by air and OVs are easily filled by dissociated oxygen 
in air or water, meaning further research should focus on 
the preservation of oxygen defects and Ti3+ in TiO2/LTO 
lattices. Third, because defect concentrations are usually not 
controllable during defect formation, the quantitative control 
of defects can allow for more precise understanding of the 
effects of defects on the electronic structure and physical and 
on chemical properties of materials.

Overall, the creation of defects is a promising route to 
resolve poor electronic and ionic conductivities caused by 
empty Ti4+ 3d orbitals in Ti-based oxides and TiO2/LTO 
defect structures possess many promising applications in the 
field of electrochemical energy generation and storage. How-
ever, further research efforts are still required, from theoreti-
cal calculations to synthetic methods, in order to improve 
our understanding of defective TiO2/LTO materials and their 
practical application in clean energy devices.
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3.1.    INTRODUCTORY REMARKS 

This chapter is written in an article form for submission to Nature Energy in 2021. 

The chapter presents a simple defect preparation strategy to retain the defects induced at high 

temperatures in the LTO crystal lattice phase through a rapid quenching process. DFT 

calculation shows that the retained defects in the bulk crystal lattice provide abundant 

additional lithium storage sites. The as-prepared defect LTO anode showed an incredible 

capacity of 201.7 mAh g-1 at a rate of 1 C where the theoretical capacity of LTO is only 175 

mAh g-1. Such a simple quenching strategy is a breakthrough technology for ultra-high lithium 

storage capacity in defective LTO, and demonstrates a wide range of commercial application 

prospects in comparison to the lower capacity of the current commercial LTO anode. 
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Abstract 

The analysis and control of point defects are now an integral part of materials research in the field of 

energy storage. However, the engineering of intrinsic defects by design remains elusive due to their 

instability and the lack of effective manipulation methods. Here, we present a strategy of rapid 

quenching to produce and harvest excessive intrinsic defects in lithium titanate (Li4Ti5O12, LTO) for 

the pursuit of high-capacity electrodes. In-situ Synchrotron X-ray analysis and theoretical investigation 

suggest that oxygen off-stoichiometry is induced upon heating and preserved upon successive 

quenching in ice water, with intensive cation (i.e., Li+/Ti+) redistribution concurrently. The as-prepared 

LTO electrode delivers an extraordinary capacity of 202 mAh/g in the 1.0-2.5 V charge/discharge range, 

surpassing the theoretical and experimental values of pristine LTO by 15% and 33%, respectively, with 

excellent retention even at high rates. The oxygen vacancies and cation redistribution could facilitate 

the native Li ions in the bulk of the quenched LTO to participate in the charge/discharge processes; in 

contrast, these ions in the pristine LTO are essentially restricted and unextractable. Furthermore, we 

demonstrate the feasibility of tuning the degree of structural defectiveness via the choice of quenching 

agents. This work opens up an intriguing avenue of research to harness the intrinsic defects for the 

development of advanced electrodes in rechargeable batteries.  
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Defects are ubiquitous and so much a part of the physics and chemistry of solids that nearly the 

whole of the scientific revolution in the realms of semiconductors, superconductors, structural 

materials and battery electrodes, is inseparable from our understanding of defect properties and the 

remedies to defect-related issues1, 2, 3. Among the structural defects in crystal lattices, the most 

prominent type is point defects, i.e., vacancies, interstitials, antisites and dopants, all of which can 

result in the breakdown of crystal symmetry and even local rearrangement of atoms, thus giving rise 

to unusual properties that are absent in pristine materials. So far, the possibility of tuning electronic 

and ionic conductivities via defect manipulation has already been well recognized, as exemplified by 

the modern silicon-based devices and solid oxide fuel cells4, 5, 6. In the past decades, defect engineering 

via the introduction of impurities has conspicuously proven its importance as a tool for boosting the 

energy density of electrodes in lithium ion batteries (LIBs)7, 8. Tantalizing indications of capacity 

enhancement by dopants could be evidenced in LiCoO2, the most widely used cathode for LIBs, where 

even the trace amount of selected dopants could contribute to a significant change of surface 

microstructures and hence endow the cathode with excellent stability against deterioration at high 

voltages9, 10, 11. Besides the promising benefits provided by extrinsic dopants, there are also 

opportunities to promote the performance of electrodes via the intentional incorporation and control 

of intrinsic defects. In this work, we demonstrate the successful enrichment of oxygen vacancies (VO) 

in lithium titanate (Li4Ti5O12, LTO) anode via simple heat treatment, which can trigger Li/Ti 

redistribution and allow access to a specific capacity surpassing the theoretical value.  

LTO crystalizes in spinel structure, with tetrahedral 8a sites occupied by Li and octahedral 16d 

sites occupied by randomly mixed Li and Ti ions in a ratio of 1:5. During Li intercalation, the spinel 

LTO undergoes a first-order phase transformation into rocksalt Li7Ti5O12, accompanied by negligible 
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volume change (0.2%)12, 13, 14, 15. This makes LTO well-known as a “zero-strain” anode, which 

guarantees an ultralong cycle life. Moreover, LTO exhibits a flat operating potential plateau of about 

1.5 V versus Li/Li+, thus circumventing the issue of lithium dendrite formation. However, these 

advantages are compromised by the low energy density of LTO-based batteries due to such a high 

voltage plateau. One intuitive way to improve the energy density is to promote excess Li intercalation 

into the bulk of LTO, but most of the attempts ended in vain in the past because the rocksalt Li7Ti5O12 

possesses a close-packed cation and anion lattice, which restricts the accommodation of extra Li ions 

at the interstitial sites. Although there are some observations of lithium compositions exceeding 

Li7Ti5O12, it is only accessible in the subsurface regions and in the first few cycles16. Unlocking the 

capacity limitations of LTO anodes still poses a great challenge, especially when the long-term cycling 

stability and the cost-effectiveness of treatments are simultaneously taken into account.  

Herein, we manage to alter the delithiated limit at the Li4Ti5O12 composition by modulating the 

VO concentration and the Li/Ti ratio at 16d sites. For the first time, we report a defect-enriched LTO 

anode that is able to break the capacity limit of traditional LTO while preserving high rate capability 

and cycling stability. This striking feature is realized via a straightforward heating-quenching 

procedure from commercial LTO samples. Oxygen off-stoichiometry generated at high temperature is 

thus retained17, whereas Li/Ti redistribution occurs spontaneously due to the thermodynamic driving 

force to resist the accumulation of VO. The highly defective LTO anode can reversibly 

extract/intercalate the native Li ions at 8a and 16d sites, which leads to a remarkable increase in 

capacity. It is envisaged that this efficient and low-cost rapid-quenching technique can greatly expedite 

the development and commercialization of LTO anodes, and that the underlying mechanism will cast 

new light on the design paradigm of energy-storage materials from a defect chemistry perspective. 
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Mechanistic pathways for increased capacity 

We propose two mechanisms involving VO that can allow for a capacity beyond the theoretical 

value of pristine LTO, as schematically illustrated in Fig. 1. Here, the structures of Li4Ti5O12 and 

Li7Ti5O12 are represented as [Li3]
8a[Li1Ti5]

16d[O12]
32e (spinel) and [Li6]

16c[Li1Ti5]
16d[O12]

32e (rocksalt), 

respectively. In the discharge process of Li4Ti5O12, Li ions are inserted into one-half of the octahedral 

16c sites, with the remaining half occupied by the existing Li migrating from the 8a sites. This is a 

two-phase transition reaction corresponding to a capacity of 3 Li per formula unit (f.u.). The defective 

[Li3]
8a[Li1Ti5]

16d[O12−x]
32e yields the same amount of capacity in the first discharge process 

(Mechanism 1 in Fig. 1). However, there are a larger number of Ti3+ ions in the discharged product, 

[Li6]
16c[Li1Ti5]

16d[O12−x]
32e, than the defect-free Li7Ti5O12, owing to the extra electrons introduced by 

VO. If all the Ti ions are oxidized to Ti4+ in the subsequent charge process, a total of 3+2x Li/f.u. will 

be deintercalated, and thereby the specific capacity in the following cycles would exceed that of 

pristine LTO (3 Li/f.u.). According to density functional theory (DFT) calculations, the charged 

product is [Li3−x]
8a[Li1−xTi5]

16d[O12−x]
32e (Supplementary Fig. 1 and 2). In this scenario, a concentration 

of 1 at.% VO could contribute to ((2x/3)/(x/12)×1% =) 8% increase in the capacity of the anode. DFT 

calculations predict an average Li (de)intercalation potential of 1.56 V for a structure with about 3 at.% 

VO, which is slightly higher than that of the pristine LTO anode (1.45 V).  
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Fig. 1 | The influence of VO and cation redistribution on the capacity of LTO. Li4Ti5O12-x is taken as the initial 

state, which has a tendency to be transformed into a configuration with Li/Ti redistribution (blue solid rectangle). 

The transformation involves the diffusion of VO to the surface and the synergistic displacement of cations (blue 

dashed rectangle). In Mechanism 1, every x VO per f.u. of Li4Ti5O12−x leads to an excess capacity of 2x Li/f.u. after 

the first discharge. In Mechanism 2, assuming that the stoichiometry of Li4Ti5O12-x is maintained after Li/Ti 

redistribution, an excess capacity of x Li/f.u. would be expected. 

Superconcentrated VO could facilitate atomic rearrangement so as to relieve internal stress. One 

viable avenue is to squeeze the vacancies out of the bulk phase and concurrently push the Li ions 

located at 16d sites to the 16c sites (blue dashed rectangle in Fig. 1). As a result, the anion sublattice 

retains its perfect structure while the Li/Ti ratio on 16d sites deviates from 1:5. It is worth emphasizing 

that the stoichiometry of Li4Ti5O12−x and the Ti oxidation state are supposed to be kept constant during 

this structural transition. Hence, the process of VO elimination is different from the classical 
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microscopic picture of external oxygen incorporated into the vacant site, which sees no need for the 

redistribution of other ions. Since Li at the 16c sites in a spinel structure is unstable, the following 

reaction will take place: 

[Li3]
8a[LiTi5]

16d[O12−𝑥]
32e

→
3−𝑥

3
[Li3]

8a [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥

]
16d

[O12]
32e +

𝑥

4
[Li6]

16c [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥

]
16d

[O12]
32e 

(1) 

with the first and second terms being the spinel and rocksalt phases, respectively. After the first cycle, 

the extractable content of Li would become 3+x per unit of Li4Ti5O12-x (Mechanism 2 in Fig. 1, detailed 

formulation given in the Supporting Information), indicating that 1 at.% of original VO can produce 4% 

increase in the capacity after the atomic rearrangement. A lower capacity than Mechanism 1 is 

therefore anticipated for Mechanism 2 with the same amount of original VO. Nevertheless, Reaction 

(1) tends to be exothermic according to the DFT calculation results (ΔG = −1.1 eV/f.u. at x = 0.57, see 

Supplementary Fig. 3), which suggests improved thermodynamic stability after the atomic 

rearrangement, and consequently, a high likelihood of Mechanism 2 is encountered. 

Characterization of the ice-water-quenched LTO 

Now that we know it is theoretically possible to enhance the capacity of LTO via the increase in 

VO concentration, it would be reasonable to pursue the defect-enriched structure in the preparation of 

LTO. The equilibrium population of vacancies in a crystal is given by n = N exp(−ΔGV/kT)18, where N 

is the total number of normally occupied atom sites, ΔGV is the Gibbs free energy for the formation of 

a vacancy, k is the Boltzmann constant and T is temperature. Accordingly, oxygen deficiency is likely 

to appear upon heating. We employed in-situ thermogravimetric analysis (TGA) to keep track of the 
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mass change during alternating slow heating and cooling of LTO (Fig. 2a). The periodic fall and rise 

of the TGA curve imply the release and uptake of oxygen19. In-situ X-ray absorption near-edge 

structure (XANES) was utilized to probe the oxidation states of Ti ions at various temperatures (Fig. 

2b). The systematic shift of the Ti K-edge to lower energies at elevated temperatures proves the 

reduction of Ti4+ ions to Ti3+ (Fig. 2c)20, 21, thus adding credence to the idea that VO is formed during 

heating. The average oxidation state of Ti, reaching +3.5 at 800 ℃, goes back to around +3.9 upon 

natural cooling to room temperature (Fig. 2d,e), which suggests the annihilation of VO and the recovery 

of the structure close to pristine Li4Ti5O12. Another justification of the depletion of lattice O ions at 

high temperatures comes from the in-situ X-ray absorption fine structure (XAFS) measurements, 

which reveal the continuous decrease in amplitudes of Ti-O and Ti-Ti peaks during heating 

(Supplementary Fig. 4). This trend can be rationalized by the formation of VO, and is reversed when 

the sample is naturally cooled down (Supplementary Fig. 5)20. 
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Fig. 2 | Effect of temperature on VO content and Ti oxidation states in LTO. a, In-situ TGA curve of LTO under 

alternating slow heating and cooling sequences. The intensity of red and black color of the data points and curves 

analogically indicates the temperatures of the samples. b, In-situ XANES spectra of LTO heated to different 

temperatures. c, The oxidation states of Ti ions as deduced from the in-situ XANES spectra of LTO at elevated 

temperatures. d,e, The evolution of XANES spectra of LTO during natural cooling (d) and the corresponding 

oxidation states of Ti (e). The XANES spectrum of LTO after ice-water quenching is also plotted in b, and the 

corresponding valency of Ti is provided in e. 

 

With the defective LTO achievable via heating, the remaining issue would be to maintain this state 

to low temperature. Rapid quenching is a straightforward means to this end. As compared to natural 
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cooling that permits the recombination of VO and external oxygen in the cooling process, the rapidly-

quenched samples do not have enough time to be restored to their perfect crystal structure. This 

defective structure encompassing large quantities of VO as well as the possible Li/Ti redistribution is 

stable after quenching due to the limited kinetics of Ti and O ions at room temperature.  

As a proof of concept, we heated a commercial LTO powder to 800 ℃, and then dropped it in ice 

water to produce a rapidly-quenched sample. Scanning electron microscopy (SEM) images reveal the 

formation of micro-spherical secondary particles (3~6 μm), which comprise relatively loose aggregates 

of nano-sized grains (Supplementary Fig. 6). Remarkably, a substantial discrepancy between the 

pristine and quenched samples is witnessed in the XANES spectra (Fig. 2b). The oxidation state of Ti 

in this ice-water-quenched LTO (IWQ-LTO) is estimated to be +3.5 (Fig. 2e), indicating the enrichment 

of VO or extensive Li/Ti redistribution. The high-resolution X-ray photoelectron spectroscopy (XPS) 

O 1s spectrum of IWQ-LTO (Fig. 3a) can be deconvoluted into lattice O (529.7 eV), VO (531.3 eV) 

and adsorbed O (532.3 eV)22. In the XPS Ti 2p spectrum (Fig. 3b), a new peak emerges at 458.2 eV, 

indicative of Ti3+ ions22. This result is compatible with the Raman spectra showing the blue shift of the 

peak at ~140 cm-1 that implies the reduction of Ti4+ (Supplementary Fig. 7)23. The TGA data of IWQ-

LTO at 800 ℃ in N2 atmosphere (Supplementary Fig. 8) reveal a lower mass loss than pristine LTO, 

which is attributable to a concentration of VO being closer to its equilibrium value at high temperature. 

The results of XAFS (Supplementary Fig. 4) are consistent with the above analysis, in which a less 

pronounced Ti-O peak in IWQ-LTO than the pristine sample is most probably linked with the removal 

of lattice O ions20. 
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Fig. 3 | Characterization of IWQ-LTO and pristine LTO. a,b, XPS O 1s (a) and Ti 2p (b) spectra of IWQ-LTO 

(top) and pristine LTO (bottom). c, XRD patterns and Retvield refinement of IWQ-LTO (top) and pristine LTO 

(bottom). The Li/Ti ratios at 16d sites are 88.5 and 83.3 at.% for IWQ-LTO and pristine LTO, respectively. 

 

Nearly all the X-ray diffraction (XRD) peaks of the IWQ-LTO sample can be assigned to a spinel 

structure with a space group of Fd-3m24 (Fig. 3c). Rietveld refinement of the XRD data has unveiled 

the VO-induced cation rearrangement, showing that the Ti content at 16d sites is increased from 83.3 

at.% in pristine LTO to 88.5 at.% after ice-water quenching. The corresponding amount of VO leading 

to this rearrangement is 5.8 at.% (x = 0.7 in Eq. 1), which can yield up to 23% larger capacity than the 

theoretical value of pristine LTO, demonstrating the potential role of Li/Ti redistribution in the capacity 

of IWQ-LTO. Although there exist some impurity phases (IP), all of which can be indexed to an 

orthorhombic structure, their amount is negligibly small (< 5%) and can hardly influence the capacity 

on a large scale. It is worth noting that, unlike the Li/Ti ratio, the concentration of VO and the proportion 

of Ti3+ ions cannot be accurately quantified from the spectroscopic measurements, which precludes us 
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from directly assessing the individual contributions of both mechanistic pathways. Nevertheless, a 

robust conclusion can still be drawn that the experimentally obtained IWQ-LTO is severely off-

stoichiometric with significant participation of VO and Li/Ti redistribution as the key factors that differ 

its structure from that of pristine LTO. 

Moreover, we found a perceptible color change of the LTO samples from white (pristine) to green 

(IWQ), which is in agreement with the dramatic difference in the ultraviolet-visible (UV-Vis) 

absorption spectra (Supplementary Fig. 9). The existence of deep defect levels in the rapidly-quenched 

sample, as inferred from the UV-Vis results (Supplementary Fig. 10), is consistent with the DFT 

calculations for the defective LTO (Supplementary Fig. 11). The high concentration of VO is again 

justified, and an improvement in electronic conductivity is expected as well. 

We have used transmission electron microscopy (TEM) to examine the surface structure of IWQ-

LTO (Supplementary Fig. 12). In comparison with the pristine and naturally-cooled LTO samples 

where evident lattice fringes are displayed near the (111) surface, some of the IWQ-LTO particles 

possess a subsurface region with relatively low crystallinity. This region is only 3 nm thick, and such 

a limited amount can rule out the possibility that this amorphous-like region can alter the capacity to 

a noticeable degree. The breakdown of crystallinity is likely associated with the prevailing formation 

of VO on the surfaces of LTO at high temperatures and the consequent appearance of a disordered 

structure, which is preserved during rapid quenching. 

Electrochemical performance of the ice-water-quenched LTO 

The performance of IWQ-LTO electrode was analyzed in a half-cell. The galvanostatic charge-

discharge test of IWQ-LTO at 1C shows a specific capacity of 202 mAh/g between 1.0 V and 2.5 V 
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(Fig. 4a), which exceeds the capacity limit of traditional LTO (175 mAh/g) by ~15%, and is 33% 

greater than the experimental value of the pristine sample in this study (152 mAh/g). In a test between 

0 V and 2.5 V at 1C, the discharge capacity of IWQ-LTO further increases to 360 mAh/g 

(Supplementary Fig. 13). While the discharge capacity between 0 V and 1.0 V is mainly from the 

additional occupancy of Li at 8a sites near the surfaces of the rocksalt product, the length of the voltage 

plateau at ~1.5 V should be related to the amount of reversibly extractable Li inside the bulk phase25. 

The increased capacity for IWQ-LTO as compared to pristine LTO at this voltage plateau corroborates 

our hypothesis that the defective structure of LTO can result in a higher degree of delithiation upon 

charge.  
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Fig. 4 | Electrochemical performance of IWQ-LTO electrode. a, Voltage profiles of IWQ-LTO and pristine LTO 

in the 1.0−2.5 V range at 1C. b, Rate performance comparison between IWQ-LTO and pristine LTO. c, Comparison 

of the capacity of IWQ-LTO to those of state-of-the-art LTO-based anodes as reported in the literature: LTO/carbon 

nanotube14, LTO/graphene26, nanosized LTO/carbon27, W-Br-codoped LTO28, LTO/TiO2/carbon29, LTO/N-doped 

carbon30, LTO/carbon nanocomposite31, and LTO hollow spheres32. d, Voltage profiles of IWQ-LTO for the 1st, 2nd 

and 2500th at 5C. e, Cycling performance comparison between IWQ-LTO and pristine LTO at 5C. 

 

Interestingly, the rate capability and cyclability of IWQ-LTO are also outstanding. When working 

at 10C, IWQ-LTO can deliver a capacity of 176 mAh/g (Fig. 4b) between 1.0 V and 2.5 V, which is 

over 40 mAh/g higher than that of pristine LTO. For all rates tested, the capacity of this rapidly-

quenched product is, to the best of our knowledge, the highest among all the LTO-based anodes (Fig. 

4c and Supplementary Table 1). After 2500 cycles at 5C, the IWQ-LTO electrode retains ~88% of the 

original capacity without discernible change in the voltage plateau, and has an average Coulombic 

efficiency of ~99.95% (Fig. 4c,d). SEM images show negligible morphology evolution after 300 cycles 

(Supplementary Fig. 14). Samples with different heating durations display similar long-term cycling 

stability (Supplementary Fig. 15), suggesting that this superior performance is by no means fortuitous. 

In addition, the cyclic voltammetry (CV) measurements indicate a slightly less pronounced 

polarization for IWQ-LTO than pristine LTO (Supplementary Fig. 16), which can be attributed to the 

enhanced electronic conductivity in the defective structure. This finding coincides with the outcomes 

from the analysis of electrode impedance spectra before cycling (Supplementary Fig. 17).  

The oxidation states of Ti ions in the first cycle are estimated from the ex-situ XANES spectra 

(Fig 5a-c). At the initial state, the average valency of Ti in IWQ-LTO is much lower than that of pristine 
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LTO. After the first discharge, the discrepancy in oxidation states between both samples is reduced. 

Given that the valence change of Ti is linearly correlated with the amount of Li intercalation, this result 

is indicative of less intercalated Li in IWQ-LTO than pristine LTO, which agrees well with the 

theoretical expectation (3−x Li/f.u.) for the case of Li/Ti redistribution (Fig. 1). Here, caution has to 

be exercised when considering the actual capacity of the first discharge, as shown in Fig. 4d, since a 

proportion of the capacity likely stems from surface reactions. During the subsequent charge, most of 

the Ti3+ ions are oxidized to Ti4+, resulting in fairly close average oxidation states for both IWQ-LTO 

and its counterpart. We note that a larger valence change of Ti is observed for IWQ-LTO at this time, 

meaning that the amount of deintercalated Li in IWQ-LTO exceeds pristine LTO. It can be drawn that 

a certain amount of native Li in the bulk of the as-prepared IWQ-LTO will be lost after the first 

discharge-charge cycle, which is exactly in line with the mechanistic scenario outlined above for the 

acquisition of additional capacity. XAFS spectra (Fig. 5d,e) show the elongation of Ti-Ti bonds after 

the first discharge, which can be ascribed to the expansion of the lattice upon Li intercalation. After 

the charge, the Ti-Ti bond length in IWQ-LTO shrinks to a value lower than its initial value, in sharp 

contrast to the pristine LTO where the bond length change is essentially irreversible. This result is 

parallel to the trend of Ti oxidation state and implies a higher degree of delithiation in IWQ-LTO. Also, 

the Ti 2p XPS spectra of the IWQ-LTO and P-LTO electrodes after 50 cycles at rate of 5 C were studied 

and shown in Supplementary Fig. 18. Compared with P-LTO electrode, the higher content of Ti3+ ions 

can be observed in the IWQ-LTO electrodes after 50 cycles, indicating that the defect state will not 

disappear during the charging and discharging process. The more Ti3+ ions in the LTO benefits for Li+ 

reversible de-intercalation and help to improve electrochemical performance, this conclusion is 

consistent with the ex-situ XAS results (Fig. 5) 
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Fig. 5 | Li (de)intercalation in the first cycle. a-c, Ex-situ XANES spectra of IWQ-LTO (a) and pristine LTO (b) at 

the initial, 1.0 V discharged and 2.5 V charged states, and the corresponding oxidation states of Ti ions (c). d,e, XAFS 

spectra of IWQ-LTO (d) and pristine LTO (e) in the first discharge-charge cycle. 

 

Effective tuning of defect concentration and electrochemical performance 

The concentration of VO and the Li/Ti ratio on 16d sites can be effectively tuned by the quenching 

agent, which enables the modulation of the electrochemical performance of the rapidly-quenched LTO 

anodes. As a demonstration, we have replaced ice water with liquid nitrogen. It is noteworthy that 

although the temperature of liquid nitrogen is below that of ice water, the cooling rate of substances in 

liquid nitrogen is lower than in ice water due to the Leidenfrost phenomenon33. The liquid-nitrogen-

quenched LTO (LNQ-LTO) exhibits morphological features similar to IWQ-LTO according to the 

SEM images (Supplementary Fig. 19). The concentration of Ti3+ ions and VO can be roughly quantified 
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by XANES and XPS measurements, respectively, from which it appears that LNQ-LTO is less 

defective than IWQ-LTO (Fig. 6a,b, Supplementary Fig. 20 and 21). XRD refinement suggests a Ti 

content of 87.6 at.% at 16d sites in LNQ-LTO (Fig. 6c), meaning that the Li/Ti redistribution is less 

prominent than in IWQ-LTO. The Li/Ti redistribution level in LNQ-LTO can contribute to a maximum 

increase of 19% in capacity with respect to pristine LTO.  

 

 

Fig. 6 | Characterization and electrochemical performance of LNQ-LTO. a, Concentration of Ti3+ as estimated 

from XANES. b, Concentration of VO as estimated from XPS. c, XRD pattern and Retvield refinement of LNQ-LTO. 

d, Voltage profile of LNQ-LTO between 1.0 V and 2.5 V at 1C. e, Cycling performance of IWQ-LTO at 5C for 300 

cycles. 

 

A reversible capacity of 187 mAh/g is achieved in LNQ-LTO over the 1.0-2.5 V range at a current 

rate of 1C (Fig. 6d). An extended cycling test at 5C shows that LNQ-LTO can output 165 mAh/g after 

300 cycles (Fig. 6e), which is higher than pristine LTO, but beneath that of IWQ-LTO. The inferior 
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electrochemical performance of LNQ-LTO in comparison to IWQ-LTO corroborates our reasoning 

that the excess specific capacity of the rapidly-quenched product arises from VO and Li/Ti 

redistribution and hence is proportional to the degree of structural defectiveness. Furthermore, based 

on the above findings, it is feasible to fine-tune the structural defectiveness via the adjustment of 

quenching conditions, which offers hope for the optimization of such quasi-equilibrium defective 

structures for the design of highly performing LIB electrodes. 

Conclusion 

In this work, we have demonstrated the opportunities offered by intrinsic defects to activate Li ions 

that are conventionally not extractable in an electrode material. As exemplified by the LTO anode, a 

defective structure with abundant VO and cation redistribution can be realized via a heating-quenching 

treatment. In-situ and ex-situ spectroscopy techniques have confirmed the oxygen off-stoichiometry 

with which native Li ions in LTO can readily be extracted during delithiation owing to the introduction 

of excess electrons. By virtue of the stabilized defects after ice-water quenching, a sustained reversible 

capacity of 202 mAh/g is achieved between 1.0 V and 2.5 V, reaching 115% (133%) of the theoretical 

(experimental) capacity of pristine LTO. A specific capacity of 176 mAh/g is retained even at 10C. 

The tunable defect concentration depending on the choice of quenching agent, allows us to further 

optimize the electrochemical performance. We believe that our discovery can be generalized to other 

materials systems, and the rapid quenching treatment can be implemented as a cost-effective strategy 

for intrinsic defect engineering, which can be leveraged to promote the energy density of existing 

electrodes in future studies. 
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Methods 

DFT calculations. DFT calculations were performed using Vienna ab initio simulation package (VASP)34, 35. The 

electron-core interactions were treated in the projector augmented wave method36 with a cutoff energy of 520 eV. 

The Perdew-Burke-Ernzerhof exchange-correlation functional37 was employed with Hubbard U corrections (PBE+U) 

to take account of the on-site Coulomb interaction38. The value of 4.2 eV for the U parameter of Ti ion was adopted 

from the previous studies39. The k-point sampling density of at least 1000/(the number of atoms per cell) within the 

Monkhost-Pack scheme40 was found sufficient for energy convergence. 

Material preparations. The IWQ-LTO sample was prepared from commercial LTO powder (Tianjin Jiewei). Pristine 

LTO (5g) was first sonicated in 3 mol/L NaCl solution for several hours. After centrifugation and removing the 

supernatant solution, the sample was dried at 60 ℃ for 3 h, heated at 800 ℃ for 0.5 h in the muffle furnace, and then 

thrown into ice water immediately. At last, the quenched sample was dried at 80 ℃ for 6 h. LNQ-LTO was prepared 

within the same method and a different quenching agent. 

Material characterization. The X-ray absorption near-edge structure (XANES) spectra at Ti K-edge was collected 

in transmission mode and XANES data reduction and analysis were processed by Athena software. The X-ray 

photoelectron spectroscopy (XPS) spectra were conducted on a multifunctional imaging electron spectrometer 

(Thermo ESCALAB 250XI, Monochromatized Al Kα resource). Scanning electron microscopy (SEM, SU8020) and 

high-resolution transmission electron microscopy (HRTEM, Tecnai G20) were conducted to characterize the 

morphology and structure of the obtained LTO. XRD pattern was collected on a Cu-Kα radiation (λ =1.5405 Å) and 

the diffraction pattern with Rietveld refinement was performed by the RIETAN-2000 program. Raman spectra were 

examined on a Renishaw system 100 Raman fiber spectrometer and UV-vis diffusion reflectance spectra were 

collected on a Thermo Nicolet Evolution 500 UV Vis spectrophotometer. 

Electrochemical measurements. The galvanostatic charge-discharge cycling was studied on a LAND-CT2001A 
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battery tester at different rates (1C = 175 mA g-1) within the voltage range of 1-2.5 V. The electrolyte was 1M LiPF6 

in a 1:1:1 (w/w) mixture solution of ethyl carbonate (EC), ethyl methyl carbonate (EMC) and dimethyl carbonate 

(DMC). Working electrodes (around 1 mg/cm2 in loading) were prepared by mixed LTO, carbon black and 

polyvinylidene fluoride (PVDF) in a weight ratio of 7:2:1, with N-methyl pyrrolidinone as the dispersant, on a copper 

foil and dried at 60 ℃ for 24 h. CV and electrochemical impedance spectroscopy (EIS, frequency 100 kHz to 10 

MHz) were carried on a CHI660D electrochemical workstation.  

Data availability 

All data that support the findings of this study are included in the article and its Supplementary 

Information file. 
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Reactions on charge and discharge 

The discharged product of LTO anodes is assumed to be the rocksalt phase, in which all 

the 16d and 16c sites are occupied by cations. For defective LTO anodes, the charged product 

is in spinel structure with some of the Li ions at 8a and 16d sites deintercalated until all the Ti 

ions are oxidized to +4 state. We have performed DFT calculations to identify the energetically 

favorable configuration at the delithiated limit, as shown in Supplementary Fig. 2. It turns out 

that Li ions in the vicinity of VO are more likely to be deintercalated, indicating simultaneous 

extraction of Li at both 8a and 16d sites, while in a Li/Ti redistributed structure without VO, 

delithiation at 16d sites will occur prior to that at 8a sites. Accordingly, the reactions on charge 

and discharge of LTO with VO are as follows: 

1st discharge 

[Li3]
8a[LiTi5]

16d[O12−𝑥]
32e  

+3Li
→   [Li6]

16c[LiTi5]
16d[O12−𝑥]

32e  (1) 

1st charge 

[Li6]
16c[LiTi5]

16d[O12−𝑥]
32e  

−(3+2𝑥)Li
→        [Li3−𝑥]

8a[Li1−𝑥Ti5]
16d[O12−𝑥]

32e  (2) 

Subsequent cycles 

[Li3−𝑥]
8a[Li1−𝑥Ti5]

16d[O12−𝑥]
32e  

(3+2𝑥)Li
↔      [Li6]

16c[LiTi5]
16d[O12−𝑥]

32e  (3) 

The capacity is increased from 3 Li/f.u. to 3+2x Li/f.u. 

During Li/Ti redistribution in LTO, [Li3]
8a[LiTi5]

16d[O12−𝑥]
32e per f.u. is transformed 

into 3−𝑥
3
[Li3]

8a [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e + 𝑥

4
[Li6]

16c [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e, which is the 

initial state for discharge. In this context, the electrochemical reactions in Li/Ti redistributed 

LTO can be summarized as follows: 
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1st discharge 

3−𝑥

3
[Li3]

8a [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e  +  
𝑥

4
[Li6]

16c [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e 

+(3−𝑥)Li
→       

12−𝑥

12
[Li6]

16c [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e 

(4) 

1st charge 

12−𝑥

12
[Li6]

16c [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e  
−(3+𝑥)Li
→       

12−𝑥

12
[Li3]

8a [Li12−21𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e 

(5) 

Subsequent cycles 

12−𝑥

12
[Li3]

8a [Li12−21𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e  
(3+𝑥)Li
↔     

12−𝑥

12
[Li6]

16c [Li12−6𝑥
12−𝑥

Ti 60
12−𝑥
]
16d
[O12]

32e 

(6) 

The capacity is increased from 3 Li/f.u. to 3+x Li/f.u. 
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Supplementary Fig. 1 | Simulation cells constructed for DFT calculations. a, Supercell with 

8 formula units containing 3 VO, corresponding to a composition of Li4Ti5O11.625. b, Unit cell 

of Li10Ti14O32 with Li/Ti ratio of 1:7 at 16d sites, corresponding to [Li3]
8a[Li0.75Ti5.25]

16d[O12]
32e. 

In comparison, the structure of pristine LTO is [Li3]
8a[Li1Ti5]

16d[O12]
32e. 
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Supplementary Fig. 2 | DFT total energies of different configurations at the delithiated 

limit as referenced to the lowest-energy configuration. The delithiated product of LTO 

containing VO is [Li3−x]
8a[Li1−xTi5]

16d[O12−x]
32e, while the delithiated product with Li/Ti 

redistribution is [Li3]
8a[Li(12−21x)/(12−x)Ti60/(12−x)]

16d[O12]
32e. 
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Supplementary Fig. 3 | Energy difference between the configuration with VO and the 

configuration after Li/Ti redistribution while maintaining the same composition. 

Assuming that the energy of oxygen-deficient LTO is linearly correlated with the concentration 

of VO at dilute levels, the energy of Li4Ti5O11.429 can be obtained by extrapolation from the 

composition of Li4Ti5O11.625, the structure of which was constructed and shown in 

Supplementary Fig. 1a. According to Equation 1 in the manuscript, one formula unit of 

Li4Ti5O11.429 will be transformed into 0.8095Li3.75Ti5.25O12 + 0.1429 Li6.75Ti5.25O12 after Li/Ti 

redistribution, the energy of which was derived by summing up the contributions from both 

spinel and rocksalt phases based on the simulation cell of [Li3]
8a[Li0.75Ti5.25]

16d[O12]
32e shown 

in Supplementary Fig. 1b. 
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Supplementary Fig. 4 | In-situ extended XAFS spectra of LTO at different temperatures 

from 25 ℃ to 800 ℃. 
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Supplementary Fig. 5 | In-situ extended XAFS spectra of LTO during natural cooling. 
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Supplementary Fig. 6 | SEM images. a,b, Pristine LTO. c,d, LTO naturally cooled down 

from 800 ℃. e,f, IWQ-LTO. 
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Supplementary Fig. 7 | Raman spectra of IWQ-LTO and pristine LTO. 
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Supplementary Fig. 8 | TGA curve of IWQ-LTO and pristine LTO at N2 atmosphere. 
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Supplementary Fig. 9 | UV-Vis absorption spectra and photographs of IWQ-LTO and 

pristine LTO. 
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Supplementary Fig. 10 | Optical energy band gaps of IWQ-LTO and pristine LTO. 
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Supplementary Fig. 11 | Electronic density of states for pristine LTO, Li4Ti5O11.625 with 

VO and Li3.75Ti5.25O12 with Li/Ti ratio of 1:7 at 16d sites. Energies are aligned according to 

the core level of O atoms and referenced to the valence band maximum of pristine LTO. Fermi 

level is indicated by a dash line. 
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Supplementary Fig. 12 | TEM images near the surface. a, Pristine LTO. b, Naturally-cooled 

LTO. c, IWQ-LTO. 
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Supplementary Fig. 13 | Voltage profiles of IWQ-LTO and pristine LTO in the 0−2.5 V 

range at 1C. 
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Supplementary Fig. 14 | SEM images of pristine LTO and IWQ-LTO after 300 cycles. a,b, 

Pristine LTO. c,d, IWQ-LTO. 
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Supplementary Fig. 15 | Long-term cycling performance (current rate: 5C) of IWQ-LTO 

with different heating durations. In the preparation of IWQ-LTO, the samples were heated 

at 800 ℃ for 1 h or 2 h. 
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Supplementary Fig. 16 | CV curves at the rate of 0.1 mV S-1. a, IWQ-LTO. b, Pristine LTO. 
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Supplementary Fig. 17 | The Nyquist plots of IWQ-LTO and pristine LTO. 
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Supplementary Fig. 18 | XPS Ti 2p spectra of IWQ-LTO electrode (top) and pristine LTO 

electrode (bottom) at rate of 5 C after 50 cycles. 
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Supplementary Fig. 19 | SEM images of LNQ-LTO. 
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Supplementary Fig. 20 | XANES spectra of LNQ-LTO, IWQ-LTO and pristine LTO. 
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Supplementary Fig. 21 | XPS O 1s spectra of LNQ-LTO. 
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CHAPTER 4  

TUNING DEFECTS IN METAL OXIDES VIA REDOX REACTION FOR 

LITHIUM ION BATTERY 

To be Submitted to Nature Communications (2021) 
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4.1.    INTRODUCTORY REMARKS 

This chapter is written in an article form for submission to Nature Communications in 2021. 

The article shows a universal defect preparation method through a simple redox reaction at 

room temperature. N-Butyllithium, as a powerful reducing agent and nucleophile, is selected 

in this system to deprive oxygen atoms from oxides, and a series of defective oxides including 

LTO, TiO2, SnO2, CeO2, Sb2O5, and Nb2O5 were prepared. Spontaneous redox reaction at room 

temperature avoids complicated operations and rigorous conditions and is a breakthrough 

innovation in terms of the preparation of defective oxides. More importantly, such a simple 

redox reaction of soaking in n-BuLi solution realizes the control of defect concentration by 

adjusting the reaction time. Here, we take defective LTO as a representative to test  

electrochemical performance at low temperature. A highly reversible specific discharge 

capacity of 109.9 mAh g-1 can be obtained at a rate of 10 C after 200 cycles even at -10 oC. 

Such excellent performance can be attributed to the improvement of defect-induced intrinsic 

properties for enhancing the kinetic behavior of Li+ charge storage. 

 

 

  



123 

 

4.2     STATEMENT OF CONTRIBUTION 

This chapter includes one first-authored paper. The bibliographic details of the co-authored 

paper, including all authors, are: 

Zhong Su, Meng Li, Shangshu Qian, Lu Ma, Tao Zhang, Chao Lai, Jun Lu, Shanqing Zhang* 

Tuning defects in metal oxides via redox reaction for lithium ion battery  

To be submitted to Nature Communications, 2021 

My contribution to the paper included: 

Conducting experiments, data collection and analysis, writing of manuscript. 

 

(Signed)  (Date) 15/04/2021 

Name of Student: Zhong Su 

 

(Countersigned) (Date) 15/04/2021 

Corresponding author of paper: Shanqing Zhang 

 

(Countersigned) (Date) 15/04/2021 

Supervisor: Shanqing Zhang 

 



124 

 

4.3. ARTICLE 3 

 



1 

 

Tuning defects in metal oxides via redox reaction for lithium ion battery 

 

 

Zhong Su1, Meng Li1, Shangshu Qian1, Lu Ma2, Tao Zhang2, Chao Lai1, Jun Lu2*, Shanqing Zhang1* 

1 Centre for Clean Environment and Energy, School of Environment and Science, Griffith University, Gold 

Coast Campus, Gold Coast, Queensland 4222, Australia. 2 Chemical Sciences and Engineering Division, 

Argonne National Laboratory, Lemont, IL, USA. 

*
e-mail: junlu@anl.gov; s.zhang@griffith.edu.au. 

  



2 

 

Abstract 

Defects in metal oxides, especially oxygen vacancies (Vo), generate oxygen off-

stoichiometry, which is a vital quantity regulating material behaviours, such as electronic and 

ionic conductivity, catalytic activity, dielectric and optical properties. Defect engineering is a 

complex technology and an effective strategy to optimize oxides' intrinsic properties used in 

applications such as lithium-ion batteries, catalytic membrane reactors, electrochemical 

supercapacitors, and electrochromic films. Here we employed a universal defect preparation 

strategy via a facile redox reaction at room temperature and obtained a series of defective 

oxides, including Li4Ti5O12, TiO2, CeO2, SnO2, Sb2O5, and Nb2O5. Defect concentration in 

oxides can be easily controlled by adjusting soaking time. To further understand the influence 

of defects in enhancing electronic and ionic conductivity, Li4Ti5O12 (LTO) with tuned defects 

was investigated, especially in low temperatures. A highly reversible discharge specific 

capacity of 109.9 mAh g-1 is obtained at the rate of 10 C in a severe environment of -10 °C 

after 200 cycles, which is significantly better than that of the pristine LTO. Such excellent 

electrochemical performance at low temperatures can be attributed to the enhanced kinetic 

migration behaviour of electrons and ions. This simple, efficient, and universal defect 

introducing method is a major disruptive innovation in defect engineering development and 

has significantly contributed to a wide range of areas, such as energy storage, catalysis, sewage 

treatment, and so on. 

Keywords: oxygen vacancies, metal oxides; N-butyllithium; low-temperature 

performance 
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Introduction  

Within the constant attention towards defect engineering of metal oxides in the material 

science, defect-induced partial structural distortion typically produces charge imbalance and 

active region and eventually changes the intrinsic physical and chemical properties of metal 

oxides1, 2, 3. Compared with metal cations, anionic oxygen is a typical volatile element that 

tends to leave its lattice sites forming vacancies4. In fact, oxygen vacancies (Vo) in the metal 

oxide have been extensively studied in a broad range of catalysts, water splitting, and energy 

storage. For instance, Wang et al. reported oxygen-deficient hematite with markedly improved 

photoelectrochemical (PEC) performance through reducing defect formation energy by 

calcined at high temperature in N2 atmosphere5; Furthermore, a series of reducing agents such 

as H2
6, NaBH4

7, and metal-reducing agent8 were introduced to capture the oxygen atoms in the 

oxides forming structural defects while reducing the formation energy of defects at high 

temperature. Moreover, Vo in the oxides has been extensively confirmed by theoretical 

calculations and experimental characterizations9, 10. However, it remains a challenge for the 

strategies mentioned above regarding controllable Vo formation in the oxide materials. 

For oxygen vacancies, their formation mechanism should be mentioned first. According 

to the Schottky defect theory, vacancy concentration increases with temperature exponentially, 

especially near the crystal surface. High-temperature calcination is usually under a particular 

low oxygen partial pressure environment, promoting oxygen in the lattice structure to escape. 

Also, high-cost reducing agents are added in this heat treatment process to assist in removing 

lattice oxygen, further increasing the vacancy concentration in the oxides. However, once 

cooling down in contact with cold air or water, these newly generated Vo will partially be re-

occupied by dissociated oxygen from outside, resulting in colour recovery. Considering the 

challenge of generation and preservation of Vo, controllable Vo concentration is still an 

unreachable region. 
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N-butyllithium (n-BuLi) is a conventional organolithium reagent, widely used as a 

polymerization initiator and a strong base in the synthesis of organic compounds11. Also, n-

BuLi is a powerful nucleophile and reductant12, conveying unique advantages over other 

common reductants, such as H2, NaBH4, and metal lithium. Hence, a facile preparation method 

of Vo is presented through soaking in n-BuLi and rinsing in hexane, water, and ethanol for 

removing extra n-BuLi and reaction products. With the super reducibility of n-BuLi, 

complicated operations have been avoided, and a series of metal oxides were prepared with 

high concentration Vo, including Li4Ti5O12 (LTO), TiO2, SnO2, Nb2O5, Sb2O5, and CeO2. It is 

worth noting that Vo concentration can be manipulated by controlling the reaction time. Our 

previous research has shown that Vo can provide additional lithium storage sites and increasing 

reversible capacity. Thus, LTO with various Vo concentrations was employed as an anode to 

study further Vo's role in the charging and discharging process. 
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Results and discussion  

 

Fig. 1 (a-b) Reaction mechanism diagram of LTO with butyl lithium; (c) HRTEM images of Li4Ti5O12; 

Pristine LTO (left); Blue LTO (middle); Black LTO-3 (14 days, right); (d) Photograph of pristine and n-

BuLi reduced LTO; the XRD patterns (e) and Raman patterns (f) of the obtained LTO; (g) Photograph of n-

BuLi reduced oxide nanoparticles, TiO2, SnO2, Nb2O5, Sb2O5, and CeO2, respectively. 
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The formation mechanism of Vo is shown in Fig. 1a and 1b. A series of oxides are 

immersed in a solution of n-butyl lithium, conducting redox reactions with oxides and 

gradually depriving oxygen atoms from the surface layer to the inside based on the formula of 

Eq. (1) 

2x C4H9-Li +MOy   →  MOy-x + x Li2O + x C4H9-C4H9 + x Vos     Eq. (1) 

As a robust reducing agent and nucleophile, n-BuLi can react with many metal oxides at 

room temperature, including Li4Ti5O12 (LTO), TiO2, SnO2, Nb2O5, Sb2O5, and CeO2. Such a 

violent redox reaction releases a lot of heat, enough to make the solution boil. The energy 

released helps overcome the activation energy and accelerate reaction rates. Here, we take LTO 

nanoparticles as an example to create defects through this simple redox process. After adding 

LTO nanoparticles to the n-BuLi solution, an ordered surface structure becomes amorphous, 

shown in TEM images (Fig. 1c). The newly generated disordered surface layer improves the 

absorption of visible light, causing the colour of LTO from white to blue. As disordered areas 

increase with reaction time, which further strengthens the absorption of visible light, LTO 

eventually turns black (Fig 1d). Fig 1e shows no apparent difference in peaks after treatment, 

as well as the morphology of LTO (Fig. S1). The evidence indicates that this redox process 

only involves around the nanoscale surface layer and does not affect the morphology and 

crystal structure of LTO particles. Fig. 1f shows the Raman spectra of LTO samples, and a 

small peak approximately at 143 cm-1 gradually disappeared as the increasing defect 

concentration of the disordered surface13. Fig. S2 shows the UV-Vis NIR diffuse reflectance 

spectra of the obtained LTO at different reacting times. It is evident that the absorption of 

visible light and near-infrared light of defective LTO gradually enhances with the increasing 

defect concentration14. The bandgap has also been reduced from the initial 3.61 eV in the 

pristine LTO to 1.90 eV in the defective LTO reacting for 14 days (Fig. S3).  
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Other defective oxides, including TiO2, SnO2, Nb2O5, Sb2O5 and CeO2, have also been 

prepared through this method, and all of them show a distinct black colour change (Fig. 1g). 

The enhanced visible absorption of these oxides can still be found in the UV-Vis-NIR diffuse 

reflectance spectra (Fig. S4a-e). Similarly, the lattice structure (Fig. S5a-e) and particle 

morphology (Fig. S6-10) did not change after the redox reaction. But the disordered surface 

layer can be observed in the TEM images of all defective oxides (Fig. S6-10). It is also worth 

noting that the Raman spectra peaks have shifted to varying degrees due to these generated 

disordered surface layers (Fig. S11a-e), which shows that this method is delicate and tuneable. 

 

Fig. 2 The high-resolution XPS spectra of O1s (a) and corresponding percentage of Valence state 

calculated based on O 1s area (b); the high-resolution XPS spectra of Ti (c); the X-ray absorption near edge 

structure) spectra of obtained LTO (d) and the corresponding evolution of the Ti oxidation state (e). 

 

X-ray photoelectron spectroscopy (XPS) testing is carried out to analyze the valence state 

distribution and characterize N-butyl lithium reduced LTO, and typical Li 1s, Ti 2p and O 1s 

peaks locate at 36.4 eV, 457.8 eV and 529.4 eV, respectively, in the whole spectra of obtained 

samples15 (shown in Fig. S12a). For the high-resolution O1s XPS spectra shown in Fig. 2a, 
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three typical oxygen peaks at 529.7 eV, 531.2 eV, 532.3 eV can be found in the defective LTO, 

corresponding to the lattice oxygen, defective oxygen, and adsorbed oxygen, respectively8. 

Also, there is no significant change in the Li 1s and Ti 2p XPS spectra, but an additional broad 

peak indicates that the oxygen defects gradually appear in the O1s XPS spectra of reduced LTO 

(Fig. S12b-d). More remarkably, the content of defective oxygen increases obviously with the 

reaction time of n-butyl lithium (shown in Fig. 2b), demonstrating the fact that n-butyl lithium 

can efficiently capture partial oxygen atoms and remain Vo in the LTO lattices. Another 

interesting point is that the concentration of oxygen defects can be adjusted and controlled by 

the reaction time, gradually increasing from the initial 0% to 17.5% after 14 days of reacting 

(Fig. 2b). While oxygen atoms are being removed under the attack of n-butyl lithium, the 

adjacent Ti4+ is reduced to Ti3+ and retained in the crystal lattice (Fig. 2c). Moreover, based on 

the insensitivity of XPS for Ti3+, X-ray Absorption Near-Edge Structure (XANES) 

measurement was selected to further determine the valence change in the defective LTO lattice. 

As shown in Fig. 2d, no significant difference can be observed in the XANES figure, and the 

whole spectra slightly shifted to lower energy with increased reaction time. Such a result 

implies a gradual deepening of the reduction process16, 17. Specifically, Ti's oxidation number 

gradually decreased from initial 3.930957 to 3.624425 after soaking in n-butyl lithium for 14 

days, consistent with the XPS results (Fig. 2a and 2b). Furthermore, identical to the LTO 

reduction process, other oxides, such as TiO2, N2O5, SnO2, Sb2O5, and CeO2, present similar 

defective structures under the attack of n-butyl lithium. Different concentrations of Vo can be 

observed in the O1s XPS spectra of these oxides (Fig. S13 and S14), which indicates that n-

butyl lithium successfully captures the oxygen atoms in these oxides and retain these Vo in the 

lattice. For the cationic XPS spectra shown in Fig. S15, pronounced peak shifting to lower 

energy can be observed in these oxides, which come from the newly generated disordered 

surface after being reduced by n-butyl lithium. The XANES of defective TiO2 was presented 



9 

 

in Fig. S13c-d, verifying the reduction effect of n-butyl lithium. Similar to the results of 

defective LTO, the tetravalent titanium is gradually reduced to a lower valence state. 

Fig. 3a and 3b show the refinement fit profile of the neutron powder diffraction data of 

black LTO (14 days) and pristine LTO powders, respectively. Benefiting from the high 

sensitivity towards light elements, we determine the atomic positional parameter and site 

occupancy of the O within the spinel structure (Table S1). The results suggest that, in addition 

to the larger lattice parameters, black LTO has more O vacancies and larger Ti-O bond length, 

indicating weaker Ti-O bond energy and lower oxidation states of Ti18. These results highly 

coincide with those from XPS and XANES.  

 

 

Fig. 3 The Refinement fit profiles against NPD data of (a) pristine and (b) black LTO-3. (c) DFT 

calculations: Density of states of pristine Li4Ti5O12 (top), Li4Ti5O11 875 (middle), and Li4Ti5O11 75 (bottom). 
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To fully explain the influence of Vo on LTO material intrinsic property, DFT calculations 

were carried out and shown in Fig. S16 and Fig. 3c. According to crystal field theory, the five-

fold degenerate 3d orbits of Ti split into two groups, 𝑡2𝑔 (𝑑𝑥𝑦, 𝑑𝑥𝑧 , 𝑑𝑦𝑧) and 𝑒𝑔 (𝑑𝑥2−𝑦2 , 𝑑𝑧2) 

and the 2𝑝 orbits of O decomposed into 𝑝𝜎 and 𝑝𝜋, the molecular-orbital bonding diagram was 

shown in Fig. S16. The electronic structure of Li4Ti5O12 is clearly illustrated by Fig. 3c, which 

is in accordance with the molecular orbital theory (Fig. S16): the O 𝑝𝜎 states and the Ti 𝑒𝑔 

states form the bonding 𝜎 states in the low energy region of the valence band (VB), and the 

anti-bonding 𝜎∗  states in the high energy region of the conduction band (CB); the middle 

region of VB and CB are the weak 𝜋 bonding between the O 𝑝𝜋 states and the Ti 𝑡2𝑔 states. 

The valence band maximum (VBM) and the conduction band minimum (CBM) are non-

bonding O 𝑝𝜋 and Ti 𝑡2𝑔 states, respectively. The Fermi energy locates a little above the VBM 

and the gap between VBM and CBM is almost 3 eV, smaller than the experimental value (3.61 

eV, shown in Fig. S3). This difference is due to the strong on-site Coulomb interaction of 

localized electrons of Ti-3d states, which LDA or GGA does not correctly describe. Usually, 

DFT+U corrections can be introduced with U = 2.5 eV19, 20 to get a larger bandgap value. 

However, this will not change our conclusions here as the relative positions of each state will 

not change. The experimental value and calculated one are in reasonable conformity with 

previous results indicating that Li4Ti5O12 is an insulator21, 22. For LTO with Vo (Li4Ti5O11.875), 

as the electronegativity of Ti (1.54) is larger than Li (0.98), these excess electrons are more 

likely to be captured by 𝑑𝑥𝑦 orbit of Ti forming donor states next to the CB. These electrons 

have weak connections with Ti than those in the VB and can easily enter the CB (impurity 

excitation), as the donor ionization energy is minimal. In sharp contrast, exciting electrons in 

the VB to the CB can be very hard for insulators. These donor states, also new Ti 𝑡2𝑔 states 

with the width of about 0.10 eV, appear in the middle of the bandgap, 2.40 eV away from VBM 

and 0.29 eV away from CBM. With more Vo (Li4Ti5O11.75), these introduced gap states locate 
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2.32 eV away from VBM and 0.18 eV away from CBM. The more Vo introduced, the broader 

the absorption spectrum of LTO will be, and the color of LTO will become darker. In the end, 

LTO with a large number of Vo will show black in the white light, as well as a smaller band 

gap and better electronic conductivity. 

 

Fig. 4 (a) the performance of the obtained LTO at the rate of 5 C (1 C=175 mA g-1); (b) the charge–

discharge profiles of LTO at the rate of 5 C after 800 cycles; The CV curves of the (c) pristine LTO, (d) blue 

LTO and (e) black LTO-3; (f) the b value trend of pristine LTO, blue LTO, and black LTO-3 in the voltage 

of 1-2.5V (g) the long cycle performance of black LTO-3 at rate 20 C. 

 

The electrochemical performance of the obtained LTO was tested and shown in Fig. 4. As 

shown in Fig. 4a, the black LTO-3 (14 days) shows a stable discharge capacity of 181 mAh g-

1 after 800 cycles at the rate of 5 C (1 C=175 mA g-1), which is much better than blue LTO and 
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pristine LTO. There is such a fantastic fact that super theoretical capacity can be achieved due 

to the additional lithium storage site induced by Vo based on our previous research. Fig. 4b 

shows the capacity voltage curves of LTO with typical voltage at 1.55V after 800 cycles, 

indicating the intrinsic properties of LTO in electrochemical energy storage area: excellent 

cycle reversibility and stability. Towards defective LTO anodes with enhanced kinetics, cyclic 

voltammetry (CV) was adapted to reveal lithium ions' diffusion process in the LTO anode. The 

apparent polarization phenomenon can be observed in all LTO anodes with increasing scan 

rate (shown in Fig 4c-e). Fig. 4f compares the calculated b values of obtained LTO anodes at 

the discharge process according to their CV results with different scan rates. When b is 0.5, the 

electrochemical process obeys the diffusion-control mechanism; when b is equal to 1, the 

capacitive-control process is dominated23. As shown in Fig. 4f, it is evident that the b value of 

black LTO-3 is higher than that of blue LTO and pristine LTO, which indicates that the 

disordered surface layers in the defective LTO are beneficial for the Li+ diffusion and 

accelerates the transportation of electrons. The enhanced ionic and electron conductivity and 

the additional storage sites endow defective LTO the ability to store electric energy through 

redox and pseudocapacitive process, breaking through the theoretical capacity of 175 mAh g-

1. Fig. 4g shows the long cycle performance of black LTO-3 at the rate of 20 C with a high 

discharge capacity of 141 mAh g-1 after 2,000 cycles. Such excellent electrochemical 

performance can be attributed to the optimized electronic structure, the enhanced Li+ diffusion 

rate, and additional lithium storage sites in the defective LTO. 
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Fig. 5 (a) The low-temperature performance of the obtained LTO at the rate of 10 C; (b) the low-

temperature discharge/charge voltage profiles at the rate of 10 C after 200 cycles; (c) the EIS curves of the 

obtained LTO at the low-temperature. 

 

Low-temperature performance is an essential parameter of the battery, mainly affected by 

the Li+ ion diffusion rate. Here, we conduct low-temperature performance tests on defective 

LTO, considering its excellent kinetic performance. As shown in Fig. 5a, after 200 cycles at 

the rate of 10 C, the black LTO-3 exhibits a high discharge capacity of 161.3 mAh g-1, 120.5 

mAh g-1, and 109.9 mAh g-1 at the temperature of 10 oC, 0 oC, and -10 oC, respectively, which 

are far better than the performance of blue LTO and pristine LTO. Fig. 5b shows the capacity 

voltage of obtained LTO samples at different temperatures. The voltage plateau of pristine LTO 

is slightly lower than that of blue LTO and black LTO-3, especially at -10 oC. The slower 

voltage drop of defective LTO indicates its excellent kinetic migration of Li+ at the liquid-solid 

interface24. It also proves that the disordered surface layers are beneficial for the desolvation 

of Li+ even at low temperatures. Moreover, the defective LTO possesses a much narrower 

potential gap at different temperatures than blue LTO and pristine LTO, indicating an excellent 

kinetic process of Li+ ions at low temperatures. We also took the electrochemical impedance 

spectroscopy (EIS) test to analyze the charge-transfer process (Fig. 5c). The value of charge-
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transfer resistance (Rct) of black LTO-3 is significantly lower than that of the blue LTO and 

pristine LTO. All the results at different temperatures indicate the rapid Li+ migration process 

at the disordered solid-liquid interface in the defective LTO25. 

Conclusion 

In brief, a series of defective oxides are synthesized through a simple redox process at 

room temperature. To our knowledge, we first achieve controllable defect concentration in this 

universal defect preparing method. As a strong nucleophile and reducing reagent, n-butyl 

lithium can easily deprive oxygen from oxides forming defective phases of Vo. The n-BuLi 

reduction method can also help form a uniform defective structure in the oxides and control 

defect concentration easily by altering soaking time. We take defective LTO as an example to 

further analyze the role of Vo in electrochemical energy storage. The defective LTO shows 

excellent super-theoretical capacity with a remarkable kinetic process than pristine LTO at 

room temperature, which can be attributed to the additional lithium storage sites induced by 

Vo, according to our previous research. When etching by n-butyl lithium, the crystal surface 

becomes amorphous, which can accelerate Li+ desolvation and enhanced Li+ migration rate at 

the crystalline-amorphous interface, even at low temperatures. Our research also confirms this 

method's broad applicability by preparing a series of defective metal oxides, which 

significantly increased its practical value. 

Experimental Section 

Material preparations. The defective LTO was prepared through a simple redox process 

at room temperature in a glove box filled with Ar. Pristine LTO (Tianjin Jiewei, 1g) powder 

was added to 10ml of 2.5ml/l n-butyl lithium solution and was soaked for 14 days. Then hexane 

is used to remove the butyl lithium solution, followed by centrifuging and washing through 

acetone, ethanol, and water. The obtained LTO powders were collected and dried for 12 h in 
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vacuum. LTO with different defect concentrations was prepared by controlling different 

soaking times, including 5 mins, 3 h, and 7 days. In this study, other defective oxides, including 

TiO2, CeO2, SnO2, Sb2O5, and Nb2O5, were also prepared through the redox process described 

above. 

Structural characterization The prepared samples' morphology and structure were 

characterized through Scanning electron microscopy (SEM, SU8020) and high-resolution 

transmission electron microscopy (HRTEM, Tecnai G20). X-ray Absorption Near-Edge 

Structure spectra at Ti K-edge were collected on a 9BM-C beam line of Argonne Advanced 

Photon Sources through a transmission mode, and Athena software were performed for further 

analysis. The X-ray photoelectron spectroscopy (XPS) spectra (Thermo ESCALAB 250XI), 

Raman spectra (Renishaw system 100 Raman fibre spectrometer), and UV-vis diffusion 

reflectance spectra (Thermo Nicolet Evolution 500 UV Vis spectrophotometer) were used to 

study the obtained samples. The prepared oxides' crystal structure was characterised by X-ray 

diffraction (XRD) and neutron powder diffractometer (NPD). The XRD data were collected on 

the Burker D8 advance diffractometer at the Cu Ka radiation (λ =1.5405 Å) in a range of 10o-

80o with a scan rate of 5 min-1. High-resolution NPD was measured on the high-resolution 

neutron powder diffractometer, ECHIDNA, with 4°-164° 2θ angular range and 0.05° step size 

at Australian Nuclear Science and Technology Organization (ANSTO). Based on the La11B6 

NIST standard reference material 660b, the neutron beam's wavelength was set to 1.6214(4) Å. 

The collected data were then analysed with Rietica ver. 1.77 with refined parameters such as 

background coefficients, zero-shit and peak-shape parameters, lattice parameters, O positional 

parameters, and isotropic atomic displacement parameters. 

Electrochemical measurement The electrochemical behaviour of the obtained LTO was 

conducted on a LAND-CT2001A battery tester with the voltage range of 1-2.5 V. The working 

electrode is prepared by mixing LTO powder, carbon black and PVDF at a ratio of 7:2:1 with 
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N-methyl pyrrolidinone (NMP) as dispersant, followed by vacuum drying for 12 h at 60 oC. 

The approximate loading is 1mg/cm2. Lithium metal was used as the reference electrode and 

polyethene as a separator. The electrolyte was 1mol of LiPF6 dissolved in a 1:1:1 (w/w) mixture 

solution of ethyl carbonate (EC), ethyl methyl carbonate (EMC) and dimethyl carbonate (DMC) 

with 20% fluoroethylene carbonate (FEC) as an additive. The self-assembly process of the coin 

cell is carried out in a glove box filled with argon gas. Cyclic Voltammetry (CV) and 

electrochemical impedance spectroscopy (EIS, frequency 100 kHz to 10 MHz) were performed 

on an electrochemical workstation (CHI 660A). 

DFT calculations Our first-principle calculations were performed using generalized 

gradient approximation (GGA) parameterized by Perdew-Burke-Ernzerhof (PBE) exchange-

correlation functional26, 27 as implemented in the Vienna Ab Initio Simulation Package 

(VASP)28, 29. The interaction potentials of the core electrons were replaced by projector 

augmented wave (PAW)30 pseudopotentials (Li: 1s22s1, Ti: 3p63d24s2, O: 2s22p4). The cut-off 

energy is 600 eV and a Γ-centered 3×3×1 Monkhorst-Pack k-point mesh was used for Brillion 

zone sampling with a small broadening width of Gaussian smearing (0.05 eV). With 

semiempirical dispersion correction, namely zero damping DFT-D3 method31, 32, all atoms 

were relaxed until the maximum energy difference and residual force is less than 10-6 eV and 

0.01 eV/Å, respectively. All these parameters were carefully tested to ensure the convergence 

and accuracy. Li4Ti5O12 belongs to the 𝐹𝑑3̅𝑚 space group (No. 227). The unit cell contains 

eight formula units of [Li]8a[Li1/3Ti5/3]16d[O4]32e (Wyckoff positions). The Li atoms occupy all 

the tetrahedral 8a sites and 1/6 of the octahedral 16d sites; the Ti atoms occupy the rest 5/6 of 

the 16d sites; O atoms occupy the tetrahedral 32e sites. However, the arrangement of these 

atoms is not clear and we adopt the structure reported by Tsai et al33, which model has the 

lowest energy compared to others34. 
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Fig. S1 SEM images of pristine LTO (a,b); Blue LTO (c,d); Black LTO-3 (e,f). 
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Fig. S2 UV-Vis-NIR diffuse reflectance spectra of Pristine and n-butyl lithium treated LTO. 
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Fig. S3 Tauc plots of Pristine and n-butyl lithium treated LTO. The bandgap was fitted according to the 

Tauc plot. 
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Fig. S4 UV-Vis-NIR diffuse reflectance spectra of Pristine and n-butyl lithium treated oxide 

nanoparticles. a, TiO2. b, Nb2O5. c, SnO2. d, Sb2O5. e, CeO2  
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Fig. S5 The XRD spectra of Pristine and n-butyl lithium treated oxide nanoparticles. a, TiO2. b Nb2O5. 

c, SnO2. d, Sb2O5. e, CeO2. 
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Fig. S6 SEM and HRTEM images of pristine and n-butyl lithium treated TiO2: a-c, pristine TiO2; d-f, 

black TiO2. 
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Fig. S7 SEM and HRTEM images of pristine and n-butyl lithium treated SnO2: a-c, pristine SnO2; d-f, 

black SnO2. 
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Fig. S8 SEM and HRTEM images of pristine and n-butyl lithium treated Sb2O5: a-c, pristine Sb2O5; d-f, 

brown Sb2O5. 
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Fig. S9 SEM and HRTEM images of pristine and n-butyl lithium treated TiO2: a-c, pristine CeO2; d-f, 

light blue CeO2. 
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Fig. S10 SEM and HRTEM images of pristine and n-butyl lithium treated Nb2O5: a-c, pristine Nb2O5; 

d-f, black Nb2O5. 
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Fig. S11 The Raman spectra of Pristine and n-butyl lithium treated oxide nanoparticles. a, TiO2. b Nb2O5. 

c, SnO2. d, Sb2O5. e, CeO2. 
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Fig. S12 The whole XPS spectra of obtained LTO samples (a), and corresponding Li 1s (b),Ti 2p 

(c) and O1s (d) XPS spectra. 
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Fig. S13 The high-resolution XPS spectra of O1s (a) and the high-resolution XPS spectra of Ti (b) 

of TiO2; the X-ray absorption near edge structure spectra of obtained defect TiO2 (c) and the 

corresponding evolution of the Ti oxidation state (d) 
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Fig. S14 XPS spectra (O1s) of pristine and n-butyl lithium treated oxide nanoparticles. a, Nb2O5. 

b, SnO2. c, Sb2O5. d, CeO2. 
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Fig. S15 XPS spectra of pristine and lithium reduced oxide nanoparticles. a, Ti 2p of TiO2. b, Nb 

3d of Nb2O5. c, Sn 3d of SnO2. d, Sb 3d of Sb2O5. e, Ce 3d of CeO2. 
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Fig. S16 The molecular-orbital bonding diagram for TiO6 octahedron according to crystal field 

theory. 
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Table s1. Crystallographic details revealed in NPD  

 

As-prepared pristine LTO Space group = Fd-3m 

a = 8.3556(4) Å, volume = 583.34(8) Å3 

Atom Wyckoff 

site 

x y z Uiso (Å2) Site 

occupancy 

factor (x 

100%) 

Li 8a 0.125 0.125 0.125 0.014(6) 1 

Li 16d 0.5 0.5 0.5 0.016(1)* 0.167 

Ti 16d 0.5 0.5 0.5 0.016(1)* 0.833 

O 32e 0.2624(2) 0.2624(2) 0.2624(2) 0.011(1) 0.92(2) 

 

As-prepared defected LTO Space group = Fd-3m 

a = 8.3677(4) Å, volume = 585.89(8) Å3 

Atom Wyckoff 

site 

x y z Uiso (Å2) Site 

occupancy 

factor (x 

100%) 

Li 8a 0.125 0.125 0.125 0.018(6) 1 

Li 16d 0.5 0.5 0.5 0.018(2)* 0.167 

Ti 16d 0.5 0.5 0.5 0.018(2)* 0.833 

O 32e 0.2620(1) 0.2620(1) 0.2620(1) 0.012(1) 0.87(1) 

 



161 

 

 

 

 

 

CHAPTER 5  

ENGINEERING DEFECTS INTO NATURAL SiO2 FOR SUSTAINABLE 

LITHIUM STORAGE  

(To be Submitted to Nature Sustainability) 

 

  



162 

 

5.1   INTRODUCTORY REMARKS 

This chapter is written in an article form for submission to Nature Sustainability in 2021. 

The chapter reports defect-decorated electroactive SiO2-based electrodes realised through 

simple quenching and carbon reduction methods. Crystalline SiO2 is inactive for Li 

intercalation due to its poor intrinsic conductivity and has been excluded as a promising 

electrode. Here, we employed a facile quenching and carbon-reduction method to successfully 

realize defect-modified crystalline SiO2. The developed electrodes achieved a surprising 

breakthrough in terms of Li insertion and a higher reversible capacity of 2774.3 mAh g-1 at a 

current of 100 mA g-1. Such outstanding lithium storage performance can be ascribed to the 

oxygen vacancies that activate the Li-ion insertion, and carbon coating that increases 

conductivity and suppresses volume expansion during alloying reactions. The crystalline SiO2 

in this work is extracted from natural montmorillonite and sand highlighting great innovation 

and broad commercial application prospects. 
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Abstract 

Crystalline SiO2 has been excluded as an anode for Li-ion batteries due to its poor intrinsic electrical 

conductivity and inability for lithium-ion storage. To order to address this problem, we propose to use 

quenching, ball-milling and carbon-reduction methods to induce oxygen vacancy to natural SiO2 

(montmorillonite and sand), forming a highly electroactive SiO2 (named as QMC-SiO2) 

nanocomposites. In particular, the defect-decorated QMC-K30 from montmorillonite (K30) delivers a 

high capacity of 2774.3 mAh g-1 at a current of 100 mA g-1 and excellent cycle stability (734.8 mAh g-

1 at 500 mA g-1 after 200 cycles). Furthermore, the defect-decorated QMC-sand also shows a highly 

reversible capacity of 558.1 mAh g-1 at 500 mA g-1 after 500 cycles with superior cycling stability. Such 

outstanding lithium storage performance can be ascribed to the oxygen vacancies that activate the Li-

ion insertion and facilitate the transfer of both electrons and Li-ions. Besides, the buffering layer 

generated through the carbon reduction can effectively restrain the volume expansion during the 

lithiation process and stabilize the electrode structure. More importantly, the wide availability of the 

natural SiO2 makes the production of the proposed SiO2 active materials green and sustainable.  

Keywords: electroactive SiO2, oxygen vacancies, lithium ion battery, conductivity, natural precursor 
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Introduction  

Under such overwhelming superiority of long cycle life, environment-friendly and high energy 

density, lithium-ion batteries (LIBs) serve as an essential energy storage system in the spotlight has 

successfully been applied into portable electronic devices1, 2, 3. Yet, it is still far dissatisfied with the 

demand for electric vehicles and large-scale energy storage for pursuing high energy density. To address 

this urgent  need, various novel anode materials with high energy density have been selected and studied 

to replace the commercial graphite anode (372 mAh g-1).  

Among these anode materials, silicon-based materials have been proposed as promising anodes due 

to their high energy density, abundant resources, and low cost4, 5, 6, 7. Silicon (4200 mAh/g in theoretical 

capacity) is known to ten times higher than that of graphite. However, colossal volume change (>400%) 

induced by alloying reaction during the Li-ion intercalation process makes Si electrode materials 

pulverized and leads to poor electrical contact with the collector. Silicon oxides (SiO2) possess relatively 

more minor volume expansion and much better than silicon. Particularly, for the initial Li-inserting 

process, the presence of O atoms in silicon oxides facilitates the in situ formation of an inert buffer 

matrix phase (Li2O and Li4SiO4) around the silicon particles, thus effectively release the stress caused 

by volume expansion to some extent and protect the active silicon nanoparticles to avoid contact with 

the electrolyte during the subsequent Li-ion de-intercalation process8, 9, 10. Nevertheless, crystalline SiO2 

possesses poor intrinsic conductivity and is deemed to be electrochemical inactive for inserting lithium. 

Towards the above challenge, amorphous SiOx (0≤x≤2) offers a promising chance to enhance 

electrochemical performance11, 12, 13, 14. The ultrafine nano-Si particles (a-Si) were uniformly dispersed 

in the SiOx matrix and had more electrochemical active lithium storage phase. The generated Li2O and 

Li4SiO4 matrix via initial lithiation buffer volume expansion and can act as a fast diffusion channel for 

lithium ions migration to silicon particles and optimized cycle and rate performance. However, the 

preparation process for amorphous SiOx is normally complicated and costly. 



4 

 

 

Schemes 1. The preparation of defect-decorated QMC-SiO2 nanocomposites (Note: QMC here stands for 

quenching, ball milling, and carbon reduction processes) 

 

Faced with the challenges of crystalline SiO2 in the Li+ charge storage, defect-decorated QMC-SiO2 

was designed to improve the electronic conductivity and electrochemical activity for Li+ inserting, as 

shown in Scheme 1. Firstly, we extract crystalline SiO2 from natural precursors by soaking in HCl 

solution, followed by repeated quenching processes. Based on our previous research, vacancy 

concentration increases with temperature exponentially and quenching can preserve the defects 

generated at high temperature in the crystal lattice15. The intense stress produced from the instantly 

significant temperature changes could frost the vacancy and/or cause the lattice distortion of objects, 

thus resulting in forming abundant oxygen vacancy (Ov) active sites and amorphous layer on the surface 

of crystalline SiO2
16. The ball-milling and carbon reduction process is conducted on quenched samples 

to further improve the reactivity and electronic conductivity. Ball-milling enables nanoparticles to 

pulverize to increases the reaction area and shorten Li+ migration distance. And the external carbon 

layer derived from carbon reduction (C-reduction) is beneficial for improving electrical conductivity 

and further enhance structural toughness for repetitive volume expansion and contraction during Li-ion 
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de-intercalation processes, also C-reduction at a high temperature can further increase the number of 

defective oxygen sites and facilitate surface disorder, enhancing Li-ion diffusion rate and kinetic 

performance. 

Results and discussion 

The morphologies and structure of the obtained SiO2 composites derived from montmorillonite 

(K30)were characterized by SEM and TEM (Figure 1). As shown in Figure 1a, from where the large 

irregular bulk structure of pristine K30 (P-K30) can clearly be observed. The pulverization of particles 

occurs when encountered by quenching (Figure 1b) and ball milling (Figure 1c), respectively. 

Interestingly, the relative uniform nanoparticles are forming when subjected to the cooperative effect 

of quenching and ball milling (Figure 1d and 1e). To further reveal the influence of quenching on SiO2, 

the high-resolution transmission electron microscopy (HRTEM) is applied and the obvious amorphous 

layer can be observed on the surface of crystalline SiO2 (Figure 1f, marked as QM-K30). It is worth 

noting that the amorphous SiO2 layer with more defective sites (oxygen vacancies, Ovs) help the Li-ion 

insertion and diffusion, and provide a promising chance to tightly crosslink the external carbon layer. 

Figure 1g-i shows the SEM and TEM images of the obtained QMC-K30 and it is noticeable from these 

pictures that after C-reduction all the SiO2 nanoparticles are uniformly coated with a thin carbon layer 

(5-10 nm), which also can be further confirmed by the EDS mapping of QMC-K30 (Figure S1). This 

thin carbon layer is very helpful in improving electrical conductivity and enhancing the bearing ability 

for the stress generated by repeated expansion and contraction during Li-ion de-intercalation processes17. 

To further determine the effects of C-reduction, ball-milling and quenching on K30 nanoparticles, 

respectively. The C-reduced K30 (C-K30), Ball-Milling and C-reduced K30 (MC-K30) and Quenched 

and C-reduced K30 (QC-K30) samples were synthesized and their SEM picture were shown in Figure 

S2. To all appearances, no significant effect on K30 particles during the C-reduction process but the 

ball-milling pulverize and reduce the size of nanoparticles via mechanical collision. For quenching, 

more clastics were formed on the surface of large bulk under the transient high temperature generated 

by substantial contact stress. 
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Figure 1 SEM of (a) Pristine K30 (P-K30), (b) K30 after dealing with HCl and quenching at 900 oC, (c) K30 

after dealing with HCl and ball milling at 400 r/min; (d), (e), (f) SEM and HRTEM of K30 after dealing with HCl, 

quenching at 900 oC and ball milling at 400 r/min (marked as QM-K30); (g), (h), (i) SEM and HRTEM of carbon 

coating of quenched and milled K30 at 900 oC for 2 h (Marked as QMC-K30). 
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Figure 2 (a) XRD of the obtained K30; (b) the TGA of QMC-K30; and the N2 adsorption/desorption curves (c) 

and the pore size distribution (d) of the obtained K30. 

 

To reveal the phase composition of the obtained K30, powder X-ray diffraction (XRD) analysis was 

carried out (shown in Figure 2a). It is worth noting that well-resolved diffraction peaks of all K30 

samples can be indexed to the standard card of SiO2 (JCPDS No. 1-649), indicating that the highly 

crystalline SiO2 can be well preserved18. The removal of impurity peaks in the P-K30 means that the 

impurity oxide (FeO, Al2O3 and MgO) has been washed by hydrochloric acid (Figure S3 and Table S1), 

which further ensures the pure phase of SiO2. Besides, from thermogravimetric analysis (TGA) in the 

air (Figure 2b), a higher SiO2 content up to 94.8wt% can be obtained in the final product. Figure 2c and 
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2d show the N2 adsorption-desorption and the corresponding pore size distribution curve of the obtained 

K30 composites. A typical type IV characteristic with a higher hysteresis loop can be observed and 

correspond to the mesoporous structure19. Notably, the surface area increased from 75.359 m2 g-1 to 

106.493 m2 g-1 due to the particle pulverization of P-K30 after treating with hydrochloric acid, 

quenching and ball-milling, while reducing to 38.806 m2 g-1 when coating with a crosslink carbon layer. 

This further reveals that the formation of the carbon layer was tightly attached to the SiO2 nanoparticles, 

and this is consistent with the TEM results (Figure 1i).  

 

Figure 3 (a)The percentage of Valence state calculated based on O 1s area and Si 2p area; the high-resolution 

XPS spectra of O1s (b) and Si2p (c). 
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To further illustrate the effects of quenching and carbon reduction on crystalline SiO2, the chemical 

states of O and Si in all the obtained SiO2 samples are analysed by the XPS spectrum. As shown in 

Figure S4a, all the samples show the typical peaks of O1s, Si2p and C1s in the survey spectra. From 

the high-resolution O1s XPS spectra (Figure 3b), the extra peaks observed in both QM-K30 and QMC-

K30 samples near 533.9 eV are related to oxygen vacancies, with the corresponding concentration of 

12.095% and 17.734%, respectively (Figure 3a)20. Another two typical O1s peaks around at 531.2 eV 

and 532.5 eV can be attributed to the C-O and Si-O bonding21, 22. For the Si2p XPS spectra shown in 

Figure 3c, as expected, the typical Si3+ peaks (103.1 eV) occur in the QM-K30 and QMC-K30 samples21, 

23, and their concentrations are 9.645% and 17.825%, respectively (Figure 3a). Remarkably, the 

formation of Vo and Si3+ peaks in the QM-K30 certifies that oxygen vacancies and Si3+ caused by lattice 

distortion at high temperatures can be preserved after the rapid cooling process. Also, C-reduction can 

further increase Vo and Si3+ and deepen the disorder layer via reducing SiO2 in situ. Furthermore, the 

gradual peak shifting to higher energy in both O1s and Si2p XPS spectra illuminates the effect of the 

disorder layer after undergoing quenching and C-reduction (shown in Figure S4b-c).  
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Figure 4 (a) The initial charge-discharge profiles of the obtained K30 at 100 mA g-1; (b) the performance of 

obtained K30 at different rate after initial activation; (c) the CV curves of QMC-K30;(d) EIS of QMC-K30, QM-

K30 and P-K30 after 30 cycles; and (e) the long cycle performance of QMC-K30 at 500 mA g-1.  

The Li+ charge storage performance of the obtained K30 electrodes was tested via self-assembling 

half batteries between 0.05 V and 3 V. Figure 4a shows the discharge/charge curves of the obtained 

K30 electrodes. The QMC-K30 sample presents a higher initial discharge capacity of 2774.3 mAh g-1 

at the current of 100 mA g-1 with a lower coulomb efficiency (40.91%), but much better than the MC-

K30 and P-K30. Notably, such a high irreversible capacity can be attributed to the irreversible process 

in which lithium reacts with SiO2 to form a buffer matrix phase (Li2O and Li2SiO4)8, 23. Figure 4b 
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presents the rate performance of the obtained K30 at 100 mA g-1. The QMC-K30 delivers a higher 

reversible capacity of 1327.8 mAh g-1, 883.2 mAh g-1, 683.3 mAh g-1, 480.9 mAh g-1 and 431.6 mAh g-

1 at a different rate of 100 mA g-1, 200 mA g-1, 300 mA g-1, 400 mA g-1, and 500 mA g-1, respectively. 

It can still obtain a high capacity of 871.1 mAh g-1 when the rate returns to 1C after 100 cycles, which 

can be ascribed to the middle non-crystalline SiO2 layer and external carbon layer with abundant active 

sites to facilitate the transfer of electrons and lithium ions. Besides, to investigate the role of C-reduction, 

quenching and ball-milling on the electrochemical performance, respectively, the C-K30, MC-K30, and 

QC-K30 electrodes were prepared and tested the charge and discharge behavior at 100 mA g-1 (Figure 

S5). Interestingly, QC-K30 with relatively larger particles (as shown in Figure S1) can still deliver a 

higher capacity of 827.9 mAh g-1 at 100 mA g-1 after 30 cycles, while the MC-K30 and C-K30 present 

relatively poor capacity of 322.9 mAh g-1 and 236.7 mAh g-1, respectively. These results can fully 

confirm that Vo in lattice plays a vital role in activating lithium-insertion; reduced particle size via ball-

milling can effectively shorten the diffusion path of Li-ions during the charge and discharge process; 

the carbon layer served as a carrier for electron transfer. These mechanisms together improve electrical 

conductivity and suppress volume expansion. Therefore, under the combined actions of quenching, 

milling and C-reduction, the defect-modified crystalline SiO2 exhibits such remarkable electrochemical 

properties. In addition, the lithium de-intercalation process of QMC-K30 was further investigated by 

the CV curves with the voltage range of 0.05-3V at a scan rate of 0.1 mV s-1 (Figure 4c). The three 

obvious cathodic peaks in the initial discharge process can be observed, the smaller peak around 1.2 V 

can be attributed to the irreversible reaction of Li and SiO2 to generate Li2O, Si and Li2SiO4 phase, while 

the broad peak located at 0.75 V corresponds to the formation of solid electrolyte interphase (SEI) layer7, 

23. Both two peaks disappear in the subsequent cycle to verify the reason for initial irreversible capacity. 

Towards the third peak below at 0.25 V, it represents the alloying reaction between Li and Si, which is 

also the major energy storage reaction in the subsequent cycle24.  The anodic peak at around 0.2 V is 

responsible for the de-lithiation behavior of LixSi25, 26. After the initial irreversible process, the 

overlapped CV curves indicate a highly reversible alloying reaction of Li and Si. Moreover, similar 

results of the Li+ de-intercalation process can also be found in the CV curves of QM-K30 and P-K30 
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(Figure S6 and Figure S7). Electrochemical Impedance Spectroscopy (EIS) testing was performed to 

explore the interfacial impedance of the obtained K30 electrodes before and after cycling. As shown in 

Figure S8 (before cycling), all the Nyquist plots show a single semicircle at high-frequency region and 

an inclined line at low-frequency regions27, but a much smaller charge-transfer resistance (Rct) can be 

achieved in the QMC-K30 compared with another two samples. This indicates that the middle 

amorphous SiO2 layer with abundant structural defects (Vo and Si3+) and the external carbon layer can 

greatly improve the electrical conductivity. After cycling 30 cycles at 100 mA g-1, no obvious change 

in Rct but an additional semicircle is found in the QMC-K30 and QM-K30 samples. Simultaneously, 

P-K30 only presents a larger single semicircle (Figure 4d), suggesting the buffering media can help to 

stabilize the electrode structure and form a stable solid electrolyte interface (SEI) layer28. Also, the first 

semicircle of QMC-K30 is significantly smaller than that of QM-K30, indicating that the external 

carbon layer is beneficial to electron charge transfer and significantly reduces the interface impedance 

of the electrode. The long cycle life of QMC-K30 is evaluated at the current of 500 mA g-1 (Figure 4e). 

A higher initial reversible capacity of 1567.5 mAh g-1 can be achieved, and remain 734.8 mAh g-1 after 

200 cycles with superior cycling stability. In addition, the charge-discharge curves of QMC-K30 at 1st, 

2nd, 50th, 100th, 150th and 200th cycles exhibit a highly reversible alloying reaction at a high current of 

500 mA g-1 (Figure S9). 

For the sake of gaining insight into the electrochemical active of structural defects and the effect of 

the buffering layer for the electrode structural stability, the mechanism of Li+ de-intercalation behaviour 

in QMC-K30 electrode and P-K30 electrode were shown in Figure 5a. For the P-K30 electrodes, 

repeated Li+ de-intercalation in the cycle process makes the P-K30 electrode continuously expand and 

contract, in turn leading to pulverization of the electrode surface. While the buffering layer (amorphous 

SiO2 layer and carbon layer) helps to relieve stress changes cause by Li+ de-intercalation process and 

ensures the structural stability of the QMC-K30 electrode. This conjecture can be confirmed by the 

SEM image of QMC-K30, QM-K30 and P-K30 electrodes after 30 cycles (Figure 5b-d). Obvious cracks 

can be found on the P-K30 electrodes while the QM-K30 and QMC-K30 electrodes present a relatively 

flat surface. Also, the smooth electrode surface contributes to the formation of the stable solid 
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electrolyte interface (SEI) layer28. To verify that oxygen vacancies help activate Li inserting into 

crystalline SiO2 lattice, ex-situ XPS was performed to characterize the Li+ charge storage mechanism 

of the obtained QMC-K30 and P-K30 electrodes (shown in Figure 5e and 5f). The obvious two peaks 

observed in the QMC-K30 electrode near 101.68 eV and 98.5 eV are related to LiSiO4 and Si29, while 

those two peaks cannot be found in the P-K30 electrode. Such an opposite result indicating that oxygen 

vacancy indicates that oxygen vacancy helps Li+ intercalate into crystalline SiO2, followed by alloying 

reactions mechanism in energy storage. 
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Figure 5 (a) Reaction mechanism of Li+ de-intercalation in QMC-K30 electrode and P-K30 electrode. SEM of (b) 

P-K30 electrodes, (c) QM-K30 electrodes, (d) QMC-K30 electrodes after cycling 30 cycles at 100 mA g-1; the 

high-resolution XPS spectra of Si 2p  and Li 1s in QMC-K30 electrodes (e) and P-K30 electrode (f) 

In order to improve the commercial application prospect of SiO2 and further reduce the production 

cost, natural sand is selected and treated by the same experimental procedures as above. From the SEM 

image shown in Figure 6a, a larger bulk irregular structure can be seen clearly in the pristine sand (P-

sand) after treating with hydrochloric acid, quenching and ball-milling, the relatively uniform smaller 

nanoparticles were formed and shown in Figure 6b (marked as QM-Sand). Next, a thin carbon layer 

was tightly coated onto the surface of QM-Sand after C-reduction (Figure 6c-d, sample marked as 

QMC-Sand). Similarly, the influence of quenching and ball-milling on the structure of sand was further 

analysed, respectively and the SEM images are presented in Figure S10-11. Particle pulverization 

occurs by mechanical collision while quenching produces lots of clastic on the surface of the particles 

under tremendous stress from the instant temperature change, while no significant change on the 

morphology by C-reduction. The X-ray diffraction (XRD) was used to analyse the phase composition 

of the obtained sand (Figure S12), all the obvious diffraction peaks stand for highly crystalline SiO2 and 

can be deemed to the standard card of SiO2 (JCPDS No. 5-490)30. The TGA analysis was tested that a 

higher SiO2 content (92.7%) can be preserved in the QMC-Sand samples (Figure S13). XPS spectrum 

was carried out to further investigate the chemical states of P-Sand, QM-Sand and QMC-Sand samples 

and the O1s and Si2p spectrum results shown in Figure 6e-g. Similar to K30 results, the extra (Vos) 

peak can be found in the QM-Sand and increase largely in the QMC-Sand, with Vo concentrations of 

11.563% and 18.509%, respectively. Correspondingly, the peak of Si3+ ion appears in the QM-Sand and 

QMC-Sand samples with a concentration of 10.239% and 18.246%, respectively. Besides, the survey 

XPS spectrum of the obtained sand samples was shown in Figure S14a and indicates that all the samples 

contain the C, Si and O elements. However, a peak shifting to larger of O1s and Si2p can be observed 

in the QM-Sand and QMC-Sand (Figure S14b-c). 
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Figure 6 (a) SEM of pristine sand; (d)  the SEM of sand after dealing with HCl, quenching at 900 oC and ball 

milling at 400 r/min (marked as QM-Sand); (c) the SEM of QM-Sand after C-reduction (marked as QMC-Sand); 

(d) the mapping of QMC-Sand; (e-g) the percentage of Valence state of the obtained sand calculated based on O 

1s area and Si 2p area and the high-resolution XPS spectra of O1s and Si2p; (h)the charge-discharge profiles of 

the obtained sand at 100 mA/g; (i) the EIS of the obtained Sand; and (j) the long cycle performance of QMC-Sand 

at 500 mA g-1. 

Also, self-assembled batteries were investigated to analyse the electrochemical performance of the 

obtained sand samples. Figure 6h shows the initial discharge-charge curves of the QMC-Sand, QM-

Sand and P-sand at 100 mA g-1. The QMC-Sand delivers a discharge capacity of 2725.4 mAh g-1 and a 

charge capacity of 1307.4 mAh g-1, which are higher than that of the QM-Sand and P-Sand. Such a high 

initial irreversible capacity can be attributed to the formation of Li2O and Li4SiO4 matrix and the stable 

SEI layer7, 23. Figure 6i shows the EIS results to illustrate the interfacial impedance of QMC-Sand, QM-

Sand and P-Sand. The QMC-Sand present a lower charge-transfer resistance (Rct), which means that 
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QMC-Sand possesses a better-conducting electron and Li-ion characteristic27. Also, the QMC-Sand 

reveals a superior long cycle life at 500 mA g-1 after initial activation and the capacity can be maintained 

at 558.1 mAh g-1 after 500 cycles with lowering the capacity fade (only 0.0156% per cycle, Figure 6j). 

This can be further confirmed by the charge-discharge curves of QMC-Sand at different cycles (Figure 

S15). Such stable long cycle performance convinces that the middle amorphous SiO2 layer and the 

external carbon layer can effectively active the Li-ion insertion, improve the electron and ionic 

conductivity, and more importantly inhibit the volume expansion caused by the alloying reaction during 

the charge and discharge processs. Thses play together to ensure a stability of the electrode structure. 

Conclusion 

In brief, in order to address three intrinsic issues of crystalline SiO2, including poor electrical 

conductivity, electrochemical inactive for inserting lithium and volume expansion, the defect-modified 

electroactive SiO2-based anodes were successfully designed and synthesized through simple quenching 

and C-reduction methods. The oxygen vacancies in the SiO2 lattice helps to enhance electronic 

conductivity and active lithium insertion. While the external carbon layer induced from C-reduction not 

only improves the electrical conductivity but also further reduces SiO2 to increase defective sites and 

deepen the middle amorphous layer. More importantly, this ingenious protected buffering layer design 

can effectively inhibit the volume expansion caused by Li-ion de-intercalation processes and help to 

stabilize the electrode structure. Therefore, under the protection of a unique protected buffering layer, 

the defect-decorated QMC-K30 derived from montmorillonite exhibits an outstanding capacity (871.1 

mAh g-1 after 100 cycles at a different rate) and superior cycling stability (734.8 mAh g-1 at 500 mA g-

1 after 200 cycles). In addition, the defect-decorated QMC-Sand extracted from natural sand also 

presents excellent lithium storage performances, demonstrating a higher reversible capacity of 558.1 

mAh g-1 at 500 mA g-1 after 500 cycles. The promising lithium storage performances of defect-

decorated natural SiO2 fully shed light on the advantages of defect engineering in activating Li-ion 

insertion and optimizing electronic structure. Moreover, SiO2 extracted from montmorillonite and sand 

is cheap and abundant in resources, indicating considerable potential in commercial applications.  
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Experimental Section 

Preparation of QMC-K30 materials: Firstly, montmorillonite (K30) was repeatedly soaked and 

washed with HCl (1 mol/L) until the solution appears transparent to ensure the removal of impurity 

oxides. Followed by washing with water and drying at 60 oC, the obtained K30 was repeatedly quenched 

as following process (10 times): calcined at 900 oC for 1 h in the muffle furnace and then immediately 

thrown into liquid nitrogen. Next, the quenched k30 was transferred to the ball mill-tank and ball-

milling at 400r/min for 3h. After that, the quenched and milled K30 was soaked in glucose solution (1 

mol/L) accompanied by ultrasound for 2 h. After centrifugation and dry at 60 oC, the obtained QM-

K30@glucose was disposed by further C-reduction via calcined at 900 degrees for 2h in Ar atmosphere 

and thus to form the final QMC-K30. As a comparison and analysis of quenching, ball grinding and 

carbon reduction on the K30, a series of samples including the Quenched K30 (Q-K30), Ball-milled 

K30 (M-K30), C-reduced K30 (C-K30), Quenched and Ball-milled K30 (QM-K30), Ball-Milled and 

C-reduced K30 (MC-K30) as well as Quenched and C-reduced K30 (QC-K30) were synthesized 

separately through the same process described above.   

Preparation of QMC-Sand materials: the natural sand was collected at Qingdao, China. After 

washing with water, the QMC-Sand was successfully synthesized in the same way as K30 described 

above. Also, as a comparison, the Quenched Sand (Q-Sand), Ball-milled Sand (M-Sand), C-reduced 

Sand (C-Sand), Quenched and Ball-milled Sand (QM-Sand), Milled and C-reduced Sand (MC-Sand) 

as well as Quenched and C-reduced Sand (QC-Sand) were prepared by the same method. 

Materials characterization: The scanning electron microscopy (SEM, SU8020) and transmission 

electron microscopy (TEM, Tecnai G2 F20) images were collected to analyze the morphology and 

structure of obtained samples. X-ray diffraction (XRD) patterns were conducted on a Bruker D8 

Advance diffractometer with Cu Ka radiation (λ=1.5418 Å). Brunauer-Emmett-Teller (BET) surface 

areas were tested by the Quantachrome Instruments Autosorb-iQ instrument. The carbon content of 

obtained samples were calculated by the Thermo-gravimetric analysis (TGA, Rigaku Thermoflex PTC-

10A thermal analyzer) at heating rate of 5 oC min-1 in air. The chemical state of the obtained samples 
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were performed via X-ray photoelectron spectroscopy (XPS) analyser (Thermo ESCALAB 250XI). 

The composition of the prepared sample is measured from a fluorescence spectrometer (Bruker S2 

Ranger) 

 

Electrochemical measurement: the SiO2 electrode (almost 1mg/cm2) was prepared by mixed the 

active materials (70%), superconducting carbon (20%), and polyvinylidene fluoride (PVDF, 10%) with 

N-methyl pyrrolidinone as the dispersant, while Lithium metal served as a reference electrode. The 

electrolyte was the 1 M LiPF6 dissolved in the mixture solution of ethyl carbonate (EC), ethyl methyl 

carbonate (EMC), and dimethyl carbonate (DMC) with a volume ratio of 1:1:1. The charge and 

discharge process was tested by a LAND-CT2001A galvanostatic tester at room temperature with a 

voltage range from 0.05 V to 3 V.  The cyclic voltammetry (CV) and electrochemical impedance 

spectroscopy (EIS) tests were performed on a Solartron 1287 electrochemical workstation. 
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Figure S1 EDS mapping of QMC-K30 
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Figure S2 SEM of (a), (b) C-K30; (c), (d) MC-K30; (e), (f) QC-K30 
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Figure S3 the pristine K30 (left); soak in HCl to remove impurities (middle); Impurities have been 

removed by HCl (right) 
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Figure S4 The survey XPS spectra of obtained K30 (a); the high-resolution XPS spectra of O1s (b) and 

Si2p (c). 

  



27 

 

 

 

Figure S5 the cycle performance of the C-K30; MC-K30; QC-K30 at 100 mA g-1 
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Figure S6 the CV curves of QM-K30 at scan rate of 0.1 mV S-1 
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Figure S8 EIS of QMC-K30, QM-K30 and P-K30 before cycling. 
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Figure S9 the charge-discharge curves of QMC-K30 at different cycles at 500 mA g-1 
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Figure S10 SEM of (a), (b) Milled sand at 400 r/min for 3h; (c), (d) Quenched Sand at 900 oC for 10 times. 

 



33 

 

 

Figure S11 SEM images of (a), (b) C-Sand; (c), (d) MC-Sand; (e), (f) QC-Sand 
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Figure S12 the XRD pattern of the obtained sand 
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Figure S13 The TGA curves of QMC-Sand 
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Figure S14 The survey XPS spectra of obtained sand (a); the high-resolution XPS spectra of O1s (b) 

and Si2p (c). 
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Figure S15 The charge-discharge curves of QMC-Sand at different cycles at 500 mA g-1 
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Table S1 the component of the obtained K30 from the fluorescence spectrometer 
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Table S2 the component of the obtained Sand from the fluorescence spectrometer 
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CHAPTER 6 

 CONCLUSIONS AND FUTURE WORK 

 

  



205 

 

6.1. GENERAL CONCLUSIONS 

Given the current challenges in the development of defect engineering, we successfully 

developed a series of simple and universal defect preparation methods and constructed a series 

of defective oxides. Specifically, quenching is a simple and effective strategy to preserve 

defects at high temperatures in the oxide lattice and this technology is very promising for 

commercial applications, but the stress change during the quenching process is still worthy of 

attention, especially the influence on the morphology of the material. For the N-BuLi 

oxidation-reduction reaction, which is a simple and universal defect preparation strategy at 

room temperature and the strict experimental operation must be observed considering the high 

activity and potential safety hazards of n-butyl lithium. Although some limitations still exist, 

sufficient evidence has shown that defect engineering is able to optimize the intrinsic properties 

of oxides, and those defect-optimized properties are extremely effective strategies to solve the 

key issues of Li+ charge storage in the oxide electrode. The major findings from the research 

in this thesis can be summarized as follows: 

1. Atoms vibrating away from their equilibrium position under high activation energy 

conditions usually means the formation of defects, which leads to an exponential change in 

defect concentration with temperature. However, these defects will gradually “heal” 

completely when a slow cooling process is applied and become ordered crystallinity again. 

In this work, we took LTO as an example and found that instantly cooling can "solidify" 

these defects formed at high temperatures, thus retaining a high vacancy concentration in 

the LTO crystal lattice, also known as the supersaturated defect at room temperature. More 

importantly, these defects (Li/Ti redistribution and oxygen vacancies) in the LTO lattice 

contribute additional lithium storage sites and quenched LTO delivers an extraordinary 
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capacity of 201.7 mAh g-1 in the 1.0-2.5 V charge/discharge range, surpassing the 

theoretical value of pristine bulk LTO (175 mAh g-1). 

2. Defect engineering is usually accompanied by high activation energy, which means that 

defect preparation usually requires a complicated high-temperature calcination process. In 

addition, costly reducing agents are usually added in the heat treatment process to help 

accelerate the formation of defects. In this work, a simple and universal defect preparation 

strategy is presented through a simple redox reaction at room temperature. The oxygen 

atoms in oxides including LTO, TiO2, CeO2, SnO2, Sb2O5, Nb2O5 were captured under the 

attack of n-butyl lithium, and oxygen vacancies were preserved in these crystal lattices. 

More importantly, to the best of our knowledge, controllable defect concentration was 

achieved in this work for the first time by adjusting the reaction time. Defective LTO was 

selected to study Li+ charge storage and shows a highly reversible discharge specific 

capacity of 109.9 mAh g-1 at a rate of 10 C after 200 cycles even at -10 oC, whereas pristine 

LTO exhibits a serious irreversible fading capacity. 

3. Crystalline SiO2 is not considered an ideal anode material due to its intrinsic poor electrical 

conductivity, electrochemical inactivity for inserting lithium, and volume expansion. In this 

work, we introduce defects into crystalline SiO2 through quenching and carbon reduction 

methods to provide suitable electroactive properties for Li+ insertion. Specifically, the 

defect-modified crystalline SiO2 derived from montmorillonite exhibits a high reversible 

capacity of 734.8 mAh g-1 at 500 mA g-1 after 200 cycles while defect-modified sand also 

presents excellent lithium storage performance (558.1 mAh g-1 at 500 mA g-1 after 500 

cycles). 
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6.2. FUTURE WORKS 

This thesis focused on the preparation and design of defect engineering based on oxide 

materials for rechargeable lithium-ion batteries. Although the aims of the defect research in 

this thesis have been achieved, all the experimental steps were carried out in the laboratory.  

Further research and expansion of this work to an industrialized scale, including the preparation 

of defective oxides and the assembly of flexible packaging batteries, are needed to truly realize 

industrial production and commercialization. These details are summarized as follows: 

1. The amount of LTO to be quenched can be expanded to the kilogram level for real 

application or industrialization and studies of the effect of quenching at a larger scale. In 

addition, the loading of coated defective LTO powder can be increased to test the actual 

energy density of the battery in a flexible package.   

2. The intrinsic properties of defective oxides, including TiO2, CeO2, SnO2, Sb2O5, Nb2O5 

should be further studied. It is also worth exploring and studying the application of these 

defective oxides in other fields, including catalysis, sewage treatment, and energy storage. 

3. For crystalline SiO2, the low coulombic efficiency resulting from the initial irreversible 

reaction is a potential challenge, especially for commercial applications. Defect 

engineering (oxygen vacancy) to lower the oxygen content in SiO2 is an effective strategy 

to improve the initial coulombic efficiency, which is because the loss of oxygen in SiOx 

(0<x<2) means the increase of electrochemically active Si phase. However, the lower of 

X value in SiO2 will reduce the irreversible matrix of Li2O and Li4SiO4 and in turn, the 

volumetric expansion stress cannot be effectively released, causing rapid capacity decay. 

Therefore, the optimal X value of SiOx (0<x<2) may require further research to balance 

the initial coulomb efficiency and stress relief. Apart from the low initial coulomb 
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efficiency, enhancing SiO2 conductivity should also be considered to balance electron and 

Li+ migration during the redox process, thereby improving the coulombic efficiency. 

4. Commercialized crystalline SiO2 should be used to replace natural precursors to avoid the 

influence of other impurities and the role of oxygen vacancies verified. DFT calculations 

should also be adopted to further theoretical analysis of the mechanism of oxygen 

vacancies in activating Li intercalation. Considering the low cost of montmorillonite and 

sand, I believe the replacement trials of the highly electroactive SiO2-based electrode for 

commercial silicon anodes and graphite anodes could be conducted for the assembly of 

flexible packaging batteries. As this is a product with commercial prospects, it is worth 

exploring the parameters of the assembled commercial soft-package batteries.  

5. Furthermore, it would be one step closer to commercialization if we could co-operate with 

an industrial partner in terms of the large-scale production of electrode materials 

production and pouch cell testing of the large battery applications.  

 




